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Apma + Ay < AHp(MAI)
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Appa < 0; Apsy < 05 Apgr <0

where the MASNIs will be thermodynamically stable instead of its secondary phases or

element phases of components. With all these conditions, the relative chemical potentials
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Abstract

Hybrid halide perovskites have drawn tremendous attention from the energy-related
community owing to their low-cost solution-processed fabrication and outstanding
optoelectronic properties. Particularly, perovskite-based solar cells (PSCs) have revolutionized
the competition in photovoltaic performance with rapid progress in power conversion
efficiency (PCE) currently exceeding 25%. This performance rivals, or even outperforms, that
of commercial silicon or other organic and inorganic solar cells. Nevertheless, the
commercialization of PSCs is still hindered by their poor long-term stability and toxicity of
lead content. In this thesis, based on the rigorous first-principles calculations, we thoroughly
studied the underlying mechanisms behind the nonradiative charge carrier recombination,
perovskite phase degradation, and ion migration in the prototypical lead halide perovskites and
tin halide perovskites. The theoretical insights provide rational engineering principles and
scientific guidance for achieving high-efficiency and long-term stable halide perovskite-based
solar cells and other optoelectronic devices in the near future. Specifically, this thesis is
structured as follows:

In Chapter 1, we reviewed recent progress in the development of PSCs and highlighted current
challenges in device commercialization, including nonradiative charge carrier recombination
mechanism, phase transition, and ion diffusion. Thereafter, we discussed the existing
compositional engineering strategies for improving the efficiency and stability of PSCs.

In Chapter 2, we introduced the first-principles approach based on density functional theory
(DFT) together with Ab initio molecular dynamics (AIMD), which are the methodological
foundation of the thesis. Specifically, the Generalized Gradient Approximation (GGA)
functional in the Perdew-Burke-Ernzerhof (PBE) form has proven effective in accurately
predicting atomic configurations and energies of systems, playing a crucial role in the current

research on the defect physics and chemistry of halide perovskite materials. However, such a
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theoretical scheme is known to have a bandgap error, which affects the accuracy of defect
transition energy predictions. To address this limitation, the higher-level hybrid functional
(HSEOQ6) with spin-orbit coupling (SOC) was employed to ensure more reliable results.

In Chapter 3, we systematically studied the nonradiative recombination mechanism in the
widely used formamidinium lead triiodide (FAPbI3) perovskite active layers and demonstrated
that the traditionally believed native point defects are not responsible for the nonradiative losses.
Instead, hydrogen ions, which can be abundant under both iodine-rich and iodine-poor
conditions in FAPDIs, act as efficient nonradiative recombination centers, suppressing power
conversion efficiency. Moreover, iodine-moderate synthesis conditions can favor the formation
of electrically inactive molecular hydrogen, dramatically suppressing the detrimental hydrogen
ions. This work identifies the dominant nonradiative recombination centers in the widely used
FAPDI3 layers and rationalizes how the prevailing iodine management reduces the nonradiative
losses. Minimizing unintentional hydrogen incorporation in the perovskite is critical for

achieving high device performance.

In Chapter 4, we reported an important but different nonradiative energy loss mechanism in
the prototypical Sn-based FASnIs (FA= HC(NH®.)., formamidinium) perovskites as compared
with the Pb-based counterparts. We discovered that high-density intrinsic tin vacancies (Vs,,)
can effectively capture hydrogen to form Vg, — H, complexes, which act as highly detrimental
nonradiative recombination centers. We quantitatively showed that they can give rise to strong
carrier recombination and thus energy loss due to a high nonradiative recombination rate
constant. These key findings identify a hidden yet critical origin for the low performance of
FASNIs-based devices and highlight the significance of controlling the hydrogen environment

in the development of broad high-efficiency non-toxic halide perovskite device applications.
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In Chapter 5, we studied the underlying mechanism behind the commonly observed oxygen-
ingression-induced carrier lifetime reduction in hybrid Sn-based perovskite MASnNI3
(MA=CH3sNHz3) and found that oxygen by itself is not a recombination center. Instead, it tends
to form substitutional O; by combining with native | vacancies (V;), and remarkably increases
the original recombination rate of V; by two to three orders of magnitude. This rationalizes the
experimentally observed sharp decline of carrier lifetime in perovskites exposed to air. The
significantly enhanced carrier recombination is due to a smaller electron capture barrier of Oy,
resulting from lattice strengthening and the suppressed structural relaxation upon electron
capture. These insights offer a route to further improve device performance via anion
engineering in broad Sn-based perovskite optoelectronics operating in ambient air. Moreover,
our results highlight the important role of lattice relaxation in nonradiative carrier capture in
materials.

In Chapter 6, we investigated the mechanism driving the undesired a-6 phase transition in
FAPDIs. Prevalent iodine vacancies and interstitials can significantly expedite the structural
transition kinetics by inducing robust covalency during transition states. Extrinsically, the
detrimental roles of atmospheric moisture and oxygen in degrading the FAPDbIs perovskite
phase are also rationalized. Significantly, we discover compositional design principles by
categorizing that A-site engineering primarily governs thermodynamics, whereas B-site doping
can effectively manipulate the kinetics of the phase transition in FAPDI3, highlighting
lanthanide ions as promising B-site substitutes. A-B mixed doping emerges as an efficient
strategy to synergistically stabilize a-FAPbI3, as experimentally demonstrated by substantially
higher initial optoelectronic characteristics and significantly enhanced phase stability in Cs-Eu
doped FAPbI3 as compared to its Cs-doped counterpart. This study provides scientific guidance
for the design and optimization of long-term stable FAPbIs-based solar cells and other

optoelectronic devices through defect control and synergetic composition engineering.
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In Chapter 7, we unravel the interplay between the dynamics of perovskite octahedral lattice
and the diffusion energy barrier associated with ion migration. Our results show that B-site
substitution, particularly with alkaline earth and lanthanide elements, significantly strengthens
lattice interactions, restrains octahedral oscillation, and increases iodine migration barriers,
outperforming the commonly used A-site and X-site substitutions and interstitial doping.
Moreover, the enhanced barrier correlates with the geometric factor of ut (where t and u are
the tolerance factor and octahedral factor, respectively), underlining the superior effectiveness
of co- and multiple-element B-site doping in stabilizing the perovskite lattice and reducing ion
migration. This is experimentally validated with the exemplary hysteresis-free Eu-Ca doped
perovskite single crystals, which exhibit remarkable improvements in ambient stability and
transport properties. These insights underline the potential of B-site compositional engineering
in alleviating ion migration and improving the intrinsic stability of halide perovskites, with
significant implications for achieving long-term operational stability and lead reduction in
perovskite-based devices.

In Chapter 8, we summarize the main discoveries made in this thesis, highlight its academic
contributions to the related research area, and provide an outlook on current and future research

endeavours.
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Chapter 1: Background and Introduction

1.1 Emerging Halide Perovskite Semiconductors

Metal halide perovskites (MHPs) have garnered significant attention over the past few decades
within the material research community due to their outstanding optoelectronic characteristics
as well as easy, cost-effective manufacturing process'?. These exceptional materials have
demonstrated unprecedented development across a wide variety of optoelectronic applications,
such as perovskite solar cells (PSCs)®*®, field-effect transistors (FETs)®’, photodetectors
(PDs)®°, light-emitting diodes (LEDs)!}*!, and lasers'>'®. MHPs typically feature with a
chemical formula of ABXs, where A stands for monovalent cations (such as organic
HC(NH.)2" (FA), CH3NHs* (MA), and inorganic Cs*), B denotes divalent metal (such as Pb?*
and Sn?*), and X for halide anions (such as I, Br, and CI"). For an ideal cubic perovskite
structure, as shown in Figure 1.1a, the B-site coordinates with six X-site anions forming an
inorganic network of corner-sharing BXs octahedra, and the larger A-site cations occupy the
octahedral void. Therefore, the ionic radii of A-site cation play a critical role in forming a close-

packed perovskite structure.
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Figure 1.1. (a) Standard representation of the prototypical cubic perovskite lattices. Left
displays all the atoms; right highlights the BXs inorganic octahedral framework and the A-site
cations'®. (b) Schematic of organometal halide perovskites as visible-light sensitizers®. (c)
Power conversion efficiency of the perovskite-based single-junction and perovskite-silicon
tandem solar cells from 2013 to 2023,

MHPs have a long history of study. The first synthesis of MHPs dates back to 1892, while
initial exploration into their optoelectronic properties came later in the 1950s'8, when vividly
colored CsPbXs (X = Cl, Br) perovskite crystals were found to exhibit a unique frequency-
dependent photoconductive response, highlight the novel optoelectronic characteristics of
MHPs. In addition to conventional three-dimensional perovskites, Mitzi and colleagues
investigated low-dimensional layered halide perovskites in the early 1990s'®. When combined
with alkylammonium cations, these materials naturally form quantum well structures (QWS),

exhibiting pronounced excitonic properties and holding great promise for electroluminescent

applications such as LEDs and transistors. Shortly thereafter in 1998, the light emission and
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lasing were also observed in the layered perovskite (CeH13NHz3)2Pbls, representing a significant
milestone?.

Entering the 2010s, metal halide perovskites (MHPs) have continued to astonish researchers
with their novel and unexpected optoelectronic properties, leading to a surge of interest often
referred to as "perovskite fever.". Since the first study of the perovskite-sensitized solar cell in
2009 with a power conversion efficiency (PCE) of 3.8%"° (Figure 1.1b), numerous studies on
PSCs have emerged. Currently, the certified PCE of single-junction PSCs has surpassed 26%?,
overperforming the commercial thin-film cells such as cadmium telluride and comparable to
the 26.7% efficiency of champion silicon-based photovoltaics (Figure 1.1c). Moreover, the
PCE for all-perovskite tandem solar cells, and hybrid tandem PSCs have also climbed to 28%,
and 31.3%, respectively?!. This rapid progress has driven extensive research into the intrinsic
optoelectronic characteristics of MHPs, revealing their tunable bandgap??, long carrier
diffusion length?3, high light absorption*, outstanding mobility?®, and solution processability?®.
In addition to solar cells, metal halide perovskites (MHPs) have emerged as promising
materials for optical applications. In 2014, Xing et al. demonstrated high optical gain and stable
amplified spontaneous emission (ASE) with a threshold of around 10 + 2 pJem ™2 for MAPbX3
perovskites (where X=Cl, Br, I) at room temperature?’. In 2015, CsPbX3 perovskite nanocrystal
was reported to have a lower pump threshold of approximately 5 + 2 pJem ™2 for ASE and
lasing®®. During the same period, the room-temperature perovskite LEDs with an external
quantum efficiency (EQE) of about 0.76%, were first prepared by Friend and colleagues?®.
After about 10 years of development, the current EQE of green-based perovskite LED has
reached up to 28.9%% and those for red- and near-infrared (NIR)-based perovskite LEDs have
exceeded 20%31%2. Furthermore, highly sensitive X-ray PDs based on printable MAPbI; films
were developed in 2017 achieving a performance level of up to 11 pC mGyair ‘cm™2 33,

facilitating further applications in sensing and display.
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1.2 Challenge of Hybrid Perovskites

Metal halide perovskites (MHPs) are an excellent alternative for solar cells and transport
devices primarily owing to their combination of high carrier mobilities, long carrier lifetimes,
and high radiative efficiency*. However, perovskite devices currently suffer from significant
nonradiative recombination losses, which considerably reduce open-circuit voltage (Voc),
serving as the main obstacle preventing PSCs from reaching their full theoretical efficiency
limits. So far, the origin of nonradiative recombination decay in perovskite devices remains a
topic of debate. To unlock the potential of PSCs as well as other perovskite-based
optoelectronic applications, it is crucial to gain a deeper understanding of the underlying
mechanisms and effectively suppress nonradiative decay>®.

In addition to the efficiency, the phase transition in halide perovskites also represents a
significant challenge to practical stability. Within the family of metal halide perovskites,
FAPDbIz (where FA™ represents formamidinium) stands out as one of the most efficient and
commonly used active layers, primarily due to its superior charge transport parameters and
narrow bandgap®. However, a major issue arises from the thermodynamic instability of the
black a-FAPbI; phase® 3. At room temperature, this phase tends to spontaneously convert into
the undesirable photoinactive non-perovskite phase (8-FAPbI3), posing a substantial obstacle
in the development of commercial PSCs with high performance and durable stability.
Moreover, the chemical structure of halide perovskites is highly sensitive to a variety of
environmental stressors, including light, oxygen, moisture, and heat, leading to potential
damage and degradation**. Specifically, exposure to light can induce the formation of iodide
defects, enhancing ionic mobility and subsequently reducing the activation energy required for
other degradation pathways*. Additionally, the presence of oxygen and moisture during light

exposure can also irreversibly degrade the perovskite photovoltaic efficiency*®4’. Heat

35



exposure further complicates the stability of perovskites, inducing both reversible and
irreversible changes that can lead to the decomposition into metal halide byproducts*®. Recent
studies have indicated that ion migration plays an important role in such degradation
mechanisms*. Furthermore, ion migration has been held responsible for various anomalous
phenomena, such as giant capacitance and hysteresis as commonly observed in PSCs. Hence,
comprehending and controlling the ion migration in MHPs, a significant challenge for device
operational stability, is crucial for advancing the development of state-of-the-art perovskite

devices.

1.2.1 Non-Radiative Recombination

The radiative limit theory suggests that within a solar cell, all carrier recombination processes
are radiative with each emitted photon being able to escape the cell*®. Within this framework,
the nonradiative recombination effect is considered negligible, thus not impacting the device
performance. This ideal scenario underpins the highest theoretical efficiency of a solar cell that
can be achieved, known as the thermodynamic efficiency limit. However, in practice,
nonradiative recombination losses are an inherent and inescapable characteristic of all solar
cells, especially for perovskite-based devices, where they can influence their overall efficiency
and performance. These energy losses are primarily due to mechanisms such as defect-assisted
recombination, electron-phonon coupling, Auger recombination, and band-tail recombination®
(Figure 1.2a). Among them, the nonradiative recombination plays a crucial role in causing
deviations in key performance parameters of solar cells-such as short-circuit current density
(Jsc), open-circuit voltage (Voc), fill factor, and PCE, from the idealized radiative limit>2
(Figure 1.2b). For perovskite absorbers, the significant presence of nonradiative
recombination centers poses a challenge to achieving the Shockley-Queisser (SQ) radiative

limit and further improving solar cell efficiency.
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In principle, under continuous sunlight exposure, electrons in the perovskite absorbers are
excited from the valence band to the conduction band, resulting in the splitting of the quasi-
Fermi levels for electrons (Een) and holes (Erp)®. This splitting determines the maximum open-
circuit voltage (Voc) for the related photovoltaics. However, any nonradiative electron-hole
recombination loss weakens this splitting, thereby reducing the attainable Voc. The Vo deficit,
typically expressed as Eg¢/q - Voc (Where Eg represents the bandgap of the perovskite and q is
the elementary charge), is commonly employed to quantify the reduction in the photo-
generated voltage. To date, significant efforts have been channelled into minimizing the Voc
deficit and enhancing the PCEs of solar cells, such as meticulous crystallization control®*,
defect passivation®®, meticulous interface engineering®, and the formation of graded
junctions®. However, the recorded Voc deficit in the best-performing perovskite solar cells
(PSCs) remains between 0.3-0.4 V, which still exceeds the losses predicted by the Shockley-
Queisser (SQ) theory (approximately 0.27 V)°’.

In perovskite solar cells, it is crucial for photogenerated carriers to possess sufficiently long
lifetimes, enabling their collection by the respective charge transport materials (CTL) prior to
being lost (recombination) to nonradiative recombination. Nonradiative recombination
processes are exacerbated by various scatterers, including defects®, phonons®®, impurities®®,
and mobile species®. Particularly for the defects/impurities with one or more deep transition
energy levels within the bandgap (typically refer to deep-level defects, with a thermal
activation energy higher than ksT, where kg is the Boltzmann constant), based on the Shockley-
Queisser (SQ) theory, they serve as the predominant nonradiative recombination centers in the
material®l. In contrast, shallow-level defects have a high probability of releasing trapped
charges back into the conduction band minimum (CBM) or valence band maximum (VBM),
making them “electrically benign”. As a result, they generally do not contribute to nonradiative

decay processes or affect the resulting Voc.
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Figure 1.2. (a) Various recombination mechanisms of photo-generated carriers in halide
perovskites, encompassing radiative recombination, defect-assisted recombination, as well as
direct and indirect Auger recombination®. (b) The power-conversion efficiency limit for
single-junction solar cells as a function of bandgap (dashed line), is calculated according to the
Shockley—Queisser (SQ) theory. The record PCEs of various solar cell materials®*. (c)
Schematic representation of intrinsic (int.) and extrinsic (ext.) defect types in lead halide
perovskites (LHPs) compared to an ideal lattice®?.

Intrinsic defects have been widely believed to be the primary source of nonradiative
recombination centers in MHPs®2. In these materials, the point defects typically occur as quasi-
positive or quasi-negative charged entities, due to localized holes or electrons in their
immediate vicinity (Figure 1.2c). Previous first-principles calculations suggest that most of the
intrinsic defects with low formation energies are likely to form shallow states within the
bandgap®®. Conversely, deep-level defects tend to have higher formation energies at room
temperature. However, experimental evidence has indicated the existence of deep-level defects
in perovskite films, with halide vacancies (Vi) and interstitials (I;) widely believed to be the

primary contributors®. The discrepancy between theoretical predictions and experimental

findings may be attributed to oversimplified defect calculations and varying experimental
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conditions. That is, the diversity of perovskite chemical compositions and synthesis techniques
results in complex defect-formation mechanisms. Most recently, by using high-level HSE-SOC
calculations, Zhang et al. reported that native iodine interstitials and hydrogen vacancies are
effective nonradiative recombination centers, while iodine vacancies do not contribute to
nonradiative recombination in MHPs®*%5, Therefore, precisely identifying the contribution of
each type of defect to nonradiative recombination losses in MHPs, especially for those
unintentionally incorporated external impurities, would be the next key step in advancing the
study. This is pivotal in devising strategies to further mitigate the related energy losses and
unlock the full potential of solar cell technologies and achieve higher power conversion

efficiencies.

1.2.2 Phase transition

For the typical metal halide perovskites with a chemical formula of ABX3, B is centrally located
within an octahedron, whereas A is positioned at the eight vertices of the face-centered cubic
lattice. Given that the ions in perovskites are densely packed, any alteration in the size of these
ions can lead to structural distortion®. As a result, Goldschmidt’s tolerance factor (t) and the
octahedral factor (x) have been widely used to evaluate the structural stability of halide
perovskites (Figure 1.3a), providing a predictive measure for the likelihood of structural

distortions and their impact on the material properties®’:

Rp+Ry

t = m (11)
R
h=q (1.2)

Here, Ra, Re, and Rx represent the ionic radii of A, B, and X, respectively. To ascertain the
stability of a perovskite structure, it generally requires the tolerance factor (t) ranging between

0.8 and 1 and an octahedral factor (x) between 0.442 and 0.895%,
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Specifically, perovskites with a tolerance factor (t) between 0.9 and 1.0 exhibit an ideally
symmetric cubic lattice®®. As the t factor decreases to between 0.8 and 0.9, the structure
transitions into orthorhombic and tetragonal phases with reduced symmetry®°®. When the t factor
exceeds 1 or falls below 0.8, a non-perovskite structure tends to be formed®®. The phase
transition in FAPbI; is intrinsically attributed to the large size of the FA cation (~0.252 nm)’®,
which leads to a t factor of ~1.02. Note that this value, being slightly above 1, is over the upper
limit of the perovskite stability range. Additionally, the rotation and stacking of the Pble
octahedron, resulting from large anisotropic lattice strain and FA-cation rotational disorder,
further kinetically aggravate phase instability of FAPbIls perovskite’:.

It is well established that there are four crystal phases for FAPbIs perovskite: a-FAPbIs (black
phase), y-FAPbI3 (black phase), B-FAPDbIs (black phase), and 3-FAPbIs (yellow phase), as
depicted in Figure 1.3b. a-FAPbI3 features an ideal cubic perovskite structure with corner-
sharing octahedra. As the temperature decreases, reduced energy associated with lattice
dynamics leads to a symmetry break in the cubic lattice due to Pbls octahedral tilting”. That is,
a-FAPbIs tends to undergo a transition to B-FAPbIs at around -122 <C. Further cooling to -
182 °C induces a transformation from B-phase to y-phase. For both B-FAPbI3 and y-FAPbI3
phases, which only exist at low temperatures, the tilting of Pble octahedra reduces the disorder

of FA cations and leads to preferential orientation.
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Figure 1.3. (a) Tolerance factors for various metal halide perovskites™. (b)
Four different phases of FAPbIs perovskite: the cubic alpha (a)-phase, the tetragonal beta (j)-
phase, the trigonal delta (6)-phase, and the orthorhombic gamma (y)-phase. where grey spheres
represent lead atoms, purple spheres represent iodine atoms, and orange spheres represent
formamidinium (FA) cation’®.

Significantly, the hexagonal-structural 3-FAPbIz is the most thermodynamically stable at room
temperature, and consequently, the black a-FAPbIz phase is experimentally prone to a rapid
phase transition to the yellow 3-FAPbI3 phase especially when exposed to moisture®?. 5-FAPbI3

phase is undesirable for optoelectronic applications due to its large bandgap, low carrier

mobility, weak light absorption, and insulating nature, stemming from its non-perovskite one-
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dimensional Pbls octahedron lattice structure’”. During the crystallization of FAPbIs perovskite,
both o and & phases emerge concurrently, with 6-FAPbI3 capable of reversibly transitioning
back to a-FAPbI3 at temperatures above 150 T*. However, such high temperatures also lead
to the partial decomposition of FAPbIs into lead iodide (Pbl.), further compromising the phase
stability’®. To date, various fabrication methodologies have been employed to tackle this
critical issue, including composition, dimensionality, strain engineering, and even crystalline
process modulation. However, fabricating and stabilizing pure-phase, high-quality a-FAPbIs

films remains a significant challenge for the current research community.

1.2.3 lon Migration

Metal halide perovskites (MHPs) are highly susceptible to ion migration, contributing to
various observed anomalous phenomena’® such as I-V hysteresis and impacting the operational
stability of perovskite-based optoelectronic devices. As one of the most intriguing and
mysterious processes in perovskite-based devices, the ion migration phenomenon has been
reported since the 1980s%. Note that some perovskite oxides, such as LaMnO3% and SrTiO3z%?,
are well-known for their ion-conducting properties. In the case of MHPs, they are widely
reported as mixed conductors, where ionic conduction plays a significant role and significantly
impacts the measured properties of the devices®?,

MHPs possess a soft crystal lattice nature that leads to relatively weak chemical bonds,
resulting in low defect formation energy in the lattice. lon migration in MHPs is often mediated
through two types of stoichiometric defect pairs*: the Schottky-type and Frenkel-type defects.
The Schottky defect involves a pair of vacancies with opposite charge states, while the Frenkel
defect consists of a vacancy paired with its corresponding interstitial defect. In Schottky defect-
assisted migration (Figure 1.4a), an ion moves from its initial lattice position to a neighboring

vacancy. In Frenkel defect-assisted migration (Figure 1.4b) the ion diffuses through the
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interstitial spaces within the lattice. Therefore, for both mechanisms, interstitials and vacancies
act as pathways for ion migration. In the prototypical perovskite MAPbIs, the common
Schottky defects are MA vacancies (Vma) and | vacancies (V)3. while Frenkel defects
predominantly occur as MA interstitials (MA;) and I interstitials (1;)%. In addition to the bulk
defects, surfaces and grain boundaries (GBs) also act as critical channels for ion migration in
MHPs. Surfaces and GBs inherently possess more defects and uncoordinated atoms due to
weaker bonding energies compared with the bulk of the materials. The lack of constraints for
charged defects at surfaces and GBs of MPHSs pave freeways for ion migration, which occurs
at lower activation energies than in the bulk material. Indeed, Shao et al. demonstrated that ion
diffusion through GBs plays a significant role in polycrystalline perovskites, as evidenced by
both nanoscopic- and macroscopic-level measurements®.

In principle, the migration rate k of an ion is influenced by its activation energy E, and

Eq
temperature T, according to the relationship k = Ce *sT. Here C stands for a constant and kg

the Boltzmann constant. As indicated, a lower E, is expected for a fast diffusion process. By
using first-principles calculations, various research groups have estimated the E, for ion
migration associated with Schottky defects, which have substantially low formation energy
(around 0.14 eV per defect) in MHPs. Angelis et al. systematically investigated mobile species
and mapped out the potential ion diffusion pathways for MAPDbI3 and MAPbBrs®’. They
demonstrated that iodine vacancies and interstitials can easily transport across the perovskite
lattice with E, as low as ~0.1 eV. In contrast, the E, for Vma and Ve, were found to were found
to be higher, at 0.46 eV and 0.80 eV, respectively. Meanwhile, Eames's calculations indicated
that iodine ion diffuses along an octahedron edge with a E, of ~0.5 eV (Figure 1.4d), MA
cation moves into a nearby A-site vacancy with a E, of ~0.8 eV, and Pb ion migrates diagonally
with an E, of ~2.3 eV®. While different research groups report varying E, values for different

ions in MHPs due to various calculation schemes, there is a consensus that intrinsic iodine ions
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are the most mobile species despite the relatively large ionic radius®. Generally, ions with
smaller sizes tend to induce less significant lattice relaxation during migration and are thus
more likely to migrate. The much faster motion of iodine ion in MHPs benefits from its shortest
migration pathway (~4.46 A), which likely contributes to a lower E, during migration®. The
migration and accumulation of ions not only induce local lattice deformation for MHPs,
responsible for the decomposition of the materials, but also degrades electron transport layers
(ETLs), hole transport layers (HTLs), and even electrodes®. On the other hand, ion migration
has significance for the development of perovskite-based resistance-switching memory
devices®. To date, the scientific community still lacks a comprehensive overview of this issue.
Getting an in-depth understanding of the underlying mechanism and precise manipulation of
ion migration behavior in MHP materials remain critical research focuses that could

significantly advance cutting-edge perovskite applications.

44



Schottky defects Frenkel defects

(d) (e) —— UVis MAEul3
—— Emission Aem:447 nm
-== Excitation Aex:367 nm

< —

()

S T T

3 FAEul3

= Aem:447 nm

8 Aex:367 nm

()

[0

2

©

[0

o T

MASmMI3

Aex:375 nm

T T T
0 1 2 3 4

Migration distance (A)

1 1 1 1 1 1 L
300 400 500 600 700 800 900 1000
A (nm)

Figure 1.4. Depiction of ion migration pathways facilitated by (a) Schottky defects and (b)
Frenkel defects®. (c) Computed migration path showing a slightly curved trajectory and local
relaxation/tilting of the octahedra and (d) the associated energy profile®. (e) Optical absorption
spectra (orange solid lines) along with photoluminescent excitation (blue dashed lines) and
emission spectra (black solid lines) were measured for B-site doped MAEuls, FAEuls, and
MASmI3 room temperature.

1.3 Compositional Engineering Strategies for Efficient and Stable Halide Perovskite
Photovoltaics

In the last decade, considerable research has focused on enhancing perovskite-based devices
through various strategies, including surface/interface engineering, composition/crystalline

structure optimization, and defect engineering®36-38:939 \While early PSC development has

mainly centered on optimizing device architecture, recent efforts have increasingly targeted the
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compositional tailoring of MHP active layers, which represents the potential breakthroughs for
further technology improvement®. Compositional engineering is a proven strategy to
effectively tune the fundamental physics of semiconductors for targeted applications by
strategically modifying the composition and microstructure of materials. In MHPs, modifying
the ABXG lattice through doping/alloying A-, B-, and X-sites with different ions often results
in novel optoelectronic properties, and carrier transport and extraction characteristics. Notably,
recent studies have demonstrated that efficiency-record-breaking solar cells have been
predominantly based on multicomponent MHP active layers, which combine the advantages of
different single-component perovskites, enabling improved stability and superior transport and
extraction characteristics. This highlights the importance of further investigating the
underlying design principles of composition-engineered compounds.

MHPs offer a wide range of ion selectivity for the A-, B-, and X-sites, when satisfying criteria
for charge balance, ionic radius, and structural stability. Within such an ionic crystal structure,
A-site cation does not form direct bonds with B-X ionic lattice, which is responsible for
determining the electronic band edges of perovskites. Therefore, A-site cation has a negligible
impact on the carrier excitation and transport characteristics®. On the other hand, A-site cation
influences the lattice symmetry of MHPs through distorting the BXs octahedra. The position
and size of the A cations play a critical role in affecting the crystal lattice parameters, defect
density, and structural dimensions®’. Some studies have shown that substitution with larger A-
site cations such as azetidinium (Az) and guanidinium (GA) enhances the stability and better
fill factors of perovskite devices®, while the mechanism behind such improvement has not
been fully understood.

In contrast, B-site engineering significantly influences the optoelectronic properties, as B-site
cations directly contribute to the band edges of MHPs*® (Figure 1.4e). Taking the prototypical

hybrid perovskite MAPbDI3 as an example, partially substituting Pb with Sn leads to a bandgap
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(Eg) range from 1.2 to 1.6 eV. Such continuous adjustment of the electronic structure through
varying B-site composition affects the light-harvesting spectrum and impacts the carrier
transport and extraction dynamics of the system, allowing for tailored optimization of material
properties. Moreover, X-site engineering is also effective for tuning the Eq of MHPs within the
visible spectrum by adjusting the ratio between the substitutional species and the host I.
Specifically, the lower electronegativity of X-site anions (such as from CI to Br to 1) increases
the covalent nature of B-X bonding, leading to a reduction in the bandgap*®. However, X-site
mixtures are prone to serious phase segregation!®, often resulting in the formation of I- or
impurity-rich phases under continuous illumination or applied electric fields, posing challenges
for practical applications. Promisingly, it has been reported!®? that A-site substitution can
mitigate phase segregation in X-site mixed perovskites by enhancing crystalline properties,
thereby forming stable multi-site alloyed perovskites. In addition, composition engineering in
MHPs can alter the perovskite lattice structure from 3D network to lower dimensions (such as
2D, 1D, or 0D). Due to strong quantum and dielectric confinement effects, low-dimensional
MPHs often exhibit exceptional photo- and electro-luminescence yields, highly promising for
light-emission applications.

Doping and alloying are two important components of composition engineering, both involving
the deliberate introduction of impurities into an intrinsic semiconductor. Doping entails adding
small guantities of ions into the perovskite hosts, thereby modifying the electronic structure
and optoelectronic characteristics of the pure perovskites®®. In contrast, alloying often involves
substituting host atoms with others of the same valence, leading to changes in the crystal
structure and optoelectronic properties compared to the original perovskites, and often
introducing new physical characteristics'®. Despite the intriguing and distinct features of
doped/alloyed MHPs, the variation in photo-physical properties is complicated owing to

different influencing mechanisms. A comprehensive understanding of the underlying
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mechanism of doping and alloying, along with their associated characteristics, is key to guiding

the future design of highly stable and efficient MHPs and the related devices,

1.4 Conclusion

In this chapter, we provide an overview of the development of halide perovskite materials and
highlight significant challenges in their current applications for devices. MHPs have garnered
significant interest due to their exceptional optoelectronic properties, low processing costs, and
substantial advancements in various optoelectronic applications. Notably, they have recently
achieved impressive power conversion efficiencies in solar cell applications; however, MHPs
are particularly vulnerable to nonradiative losses, ion migration, and phase transitions, because
of their soft lattice and structural porosity, presenting significant challenges in realizing high-
efficiency, long-term stable perovskite devices suitable for commercialization. Promisingly,
compositional engineering stands out as a promising strategy to address the current challenge.
In this thesis, we employ systematic first-principles calculations to thoroughly investigate the
underlying mechanisms of nonradiative losses, ion migration, and phase transitions - critical
issues in halide perovskites. We aim to offer technical guidelines for enhancing the crystal
structure of halide perovskites and optimizing their optoelectronic properties, directly
correlating to the ultimate performance of their devices in targeted applications. Moreover, the
current research offers valuable insights for advancing well-established photovoltaic

technologies.
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Chapter 2 Theoretical Methodology

2.1 Introduction

First-principles theory, first introduced by the ancient Greek philosopher Aristotle, refers to
fundamental, self-evident assumptions or propositions that cannot be derived from other
assumptions. Before the 1900s, this concept was already well-known in fields like philosophy,
chemistry, mathematics, and physics. In mathematics, first principles refer to fundamental
postulates and axioms that do not require proof. In contrast, in physics, material sciences, and
other science-related disciplines, the term refers to theories based purely on established science,
without relying on empirical data or adjusting parameters. With the development of the
Schralinger equation in the early 20th century, quantum theory became the "first principle” for
condensed matter physics, materials science, and chemistry. Solving this equation provides
answers to many fundamental questions within these systems. However, the complexity of
many-body problems makes solving the Schr&linger equation computationally intensive,
significantly limiting its practical application in material sciences. There thus have been
numerous efforts to simplify the equation. In response to the computational challenges, in the
1960s, the successive formulation of the Hohenberg-Kohn and Kohn-Sham theorems led to the
creation of density functional theory (DFT), which effectively simplified the many-body
problem of the Schradinger equation into a single-body problem, offering a feasible pathway

for exploring and understanding the quantum mechanical behavior of matter at an atomic level.

2.2 Density Functional Theory
As one of the most widely used, adaptable, and powerful quantum mechanics methods, Density
Functional Theory (DFT) has been extensively applied across various fields related to science,

including condensed matter physics, quantum chemistry, and materials science. Within the
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DFT framework, the primary aim is to compute the total energy of a condensed matter system
consisting of interacting electrons and nuclei, such as crystals, molecular ensembles, and
various condensed phases, and to determine the spatial distribution of the ground-state electron
density, providing accurate atomic-level insights into the structural and electronic properties of
systems. The foundation of DFT was built on three key works: the Born-Oppenheimer
Approximation, the Hohenberg-Kohn Theorem, and the Kohn-Sham Theorem. Specifically,
the Born-Oppenheimer Approximation simplifies the problem by decoupling electronic motion
from nuclear motion, enabling us to focus on the electronic structure with fixed nuclear
positions. Further, the Hohenberg-Kohn Theorem put forward that the ground-state properties
of a many-electron system are uniquely determined by its electron density, establishing one-
to-one correspondence between the ground-state electron density and the external potential.
This simplifies the complex many-body problem into a functional of the electron density. The
Kohn-Sham Theorem makes DFT computationally achievable by introducing a theoretical

non-interacting system.

2.2.1 Many-Body Issue and Born-Oppenheimer Approximation

Fundamentally, the many-body problem in quantum mechanics focuses on determining a
wavefunction (state function), ¥, and its associated energy, E, which satisfies the non-
relativistic, time-independent Schr&linger equation:

HY (R4, Ry, ... Ry 11,15, . 1) = EY(R{, Ry, oo . Ry; 14,1y, o Ty) (2.1)
where H denotes the many-body quantum mechanical Hamiltonian operator for the system
consisting of r,, electrons and R,, nuclei; E is the total energy of the system. The wavefunction
P(R1, Ry, ....Ry; 14,15, ... 1) depends on the coordinates of both the electrons and the nuclei,
encapsulating the quantum state of the entire system and the complex interactions among the

particles.
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The Hamiltonian operator, H, consists of five parts: the two kinetic energy operators for the
nuclei Ty (R;) and electrons T,(r;), as well as the three electrostatic Coulomb interaction
operators, namely the nuclear-nuclear interaction Vyy (R;, R;), the nuclear-electron interaction
Vne(Ri, 1), and the electron-electron interaction V. (r;,7;). Each component plays a critical
role in determining the dynamics and interactions of the system, contributing to the overall
energy as described by the Schralinger equation:

H=Ty+T,+Vyny+Vye+ Ve (2.2)
For a many-body system that contains a number of nuclei and electrons, the Schré&linger
equation (2.1) becomes a partial differential equation with many variables (3n+3N), making
direct solutions impractical. This challenge is known as the “many-body problem”.

To address the intricate interplay and complexity in many-body system, Born-Oppenheimer
approximation*® simplifies the Hamiltonian equation in 2.2 through de-coupling the nuclear
and electronic motion. Generally, the nuclei are almost stationary relative to the rapid-motion
electrons due to the significantly greater mass of nuclei compared to electrons. As a result, the
nuclear motion is much slower, allowing them to be treated as “frozen” in a fixed position
during the time scale of electronic movements. This approximation allows the Kinetic energy
operator for the nuclei Ty (R;) to be considered zero, as their motion contributes negligibly to
the total molecular energy. Similarly, the electrostatic Coulomb interaction operator between
nuclei Vyy (R;, R;) becomes a constant because the nuclei are assumed to be at fixed positions
R; and R;. This operator typically describes the nuclear-nuclear repulsion. By decoupling the
nuclear and electronic movements, the many-body Schralinger equation is significantly
simplified, where the nuclear positions still affect the equation but are not treated as

independent variables:

h? Z; 1 1
H=Te+Vext+Vee= _2_me ?zlviz_ ?j|Ri_—Tj|+EZi¢jm (23)
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Here, Zi denotes the charge of nucleus i located at position Rj; ri and rj represent the positions
of electrons i and j, respectively. The V,,, refers to the external potential, determined by the
locations of the nuclei as well as the external influences on the system. If there is no external
effects, the external potential will be V,,; = V., which is the potential due to nucleus-electron
interactions.

This equation primarily focuses on the electronic structure, treating nuclei as a static framework
creating a potential field for electron movement. However, it is essential to note that the Born-
Oppenheimer approximation is just an approximation. In some cases, particularly with light

atoms or excited states, the effects of nuclear motion on electronic states cannot be ignored.

2.2.2 Hartree-Fock Approximation
Born-Oppenheimer approximation simplifies the many-body Schr&linger equation by
reducing the degrees of freedom, although the equation remains unsolvable for most systems.
To address this, the Hartree-Fock (HF) approximation represents the many-body wavefunction
as a single Slater determinant. This determinant is an anti-symmetrized product of single-
particle wavefunctions of an orthogonal individual electron, ¥; (X;), which treats each electron
as if it moves independently within an average field created by all other electrons, thereby
simplifying the complex electron-electron interactions into an average interaction:
[ ) 00
R N I |

Here, each single-particle wavefunction consists of two fundamental parts: a spatial component

@(r), and a spin component n(a). Therefore, the wavefunction for an individual electron is

formulated as the product of these components: ¥;(X;) = @;(r;)n;(o;). The term \/% Serves as

a normalization factor for an N-electron system, ensuring that the total wavefunction has the

correct magnitude. Within this framework, the complex many-body problem is further
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simplified into a set of single-particle Schr&linger equations, where an electron at position X;
experiences other electrons at position X,, as a continuous distribution of negative charge. In
the Hartree-Fock method, the total ground state energy is calculated by summing the energies
of all the individual one-electron Hartree-Fock orbitals:

Eg = Xici by Xiz1 Xi=1Uiy — Kij) (2.5)
where the first term h; represents the "one-electron™ contribution to the total energy, including
both the kinetic energy of the electron and its potential energy arising from the Coulomb

interaction between the electron and the nucleus. The second and third terms J;; and K;;

represent the Coulomb and exchange integrals, respectively, representing "two-electron”
contributions that account for electron-electron interactions. The subscripts i and j indicate
summation across all orbitals. The Coulomb integral in the Hartree-Fock equations introduces
a self-interaction error, which is precisely offset by the exchange integrals when J;; = K;;. The
exchange integral value is negative due to the antisymmetric nature of the wavefunction, which
results in like-spin electrons repelling each other, thereby lowering the system total energy. It
is important to note that the Hartree-Fock method approximates electron-electron interactions
but fails to account for dynamic electron correlation, which involves subtle, instantaneous

adjustments in electron positions.

2.2.3 Hohenberg-Kohn Theorem

Accurately solving the equation remains a highly challenging task even though the Born-
Oppenheimer approximation significantly reduces the complexity of the many-body
Schrdlinger equation by decoupling electronic and nuclear motion. To address this, in 1964,
Hohenberg and Kohn introduced two fundamental theorems, establishing the theoretical

framework for DFT. These works further simplify the many-body problem into a single-
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particle wavefunction with only three spatial coordinates, making the equations feasible for
computation on modern computers.

In general, for a many-particle system, the external potential Vex dictates Hamiltonian operator
H and many-body wavefunction ¥, consequently on the electron density p(r). The first
Hohenberg-Kohn theorem demonstrates the inverse of such relationship: V,,.(r) is a unique
functional determined solely by the ground-state p(r). In this way, the electron density serves
as the primary input for the total-energy calculation. Based on the first Hohenberg-Kohn

theorem, the system total energy can be expressed as a functional of electron density:

E(p) = WIH[Y) = gpngg(wlTe + Voo ) + @ Vere 1) = Fux (p) + [ Vere(p(r)dr  (2.6)

where the first term Fyg (p) = wmin(ll}lTe + V. [) represents the Hohenberg-Kohn functional
-p

and T, is the electron Kkinetic energy and V,, for the electron-electron interaction energy.
Notably, this functional does not incorporate any specific information about the nuclei or their
positions, making it applicable to a wide variety of systems. Such inherent universality renders
Fyx(p) so-called “universal functional”. The second term [ V,,.(r)p(r)dr represents the
energy contribution from the external potential, as a functional of the electron density.

According to the second Hohenberg-Kohn theorem, the electron density that minimizes the
total energy functional is the true ground-state density of the system. That is, by finding the
electron density that minimizes the energy, one can determine the ground-state properties of
the system. For instance, if p, is the density of the ground-state system and p’ is the density
for any other non-ground state situation, there will be E(py) < E(p"). In other words, if the
Fyk (p) is known and the p, is determined, one can deduce the ground state properties of the
system. It is evident that this scheme transforms the task of solving the Schr&linger equation
into the problem of minimizing the energy functional E(p) with respect to the three-
dimensional electron density, lowering the computational process to an acceptable level for

high-performance computers.
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2.2.4 Kohn-Sham Theorem

The Hohenberg-Kohn theorems present the term of Fyx(p); however, the explicit form for
Fyk (p) remains unknown, impeding the direction determination of the ground-state electron
density. To address this, Kohn and Sham'% developed a theoretical framework that simplifies
the complex many-body Schr&linger equation into a more manageable set of single-particle
equations. This simplification is achieved by introducing a system of non-interacting electrons
that has the same ground-state electron density as the real interacting system. These non-
interacting electrons are described by a set of single-electron Schralinger equation (known as

the Kohn-Sham equation):

[% v+ Veff(”] () = epi(r) e

represents the Kinetic energy of a non-interacting electron, and Vs (r) is the
effective potential within the non-interacting system, including the Hartree potential (classical

electrostatic interaction) e? f P ( )dr the external potential V,,.(r), and the exchange-

SExclp

correlation potential )

] The functions Y; (r) are the Kohn-Sham orbitals, representing the

single-electron wavefunctions in this fictitious non-interacting system.
To solve the Kohn-Sham equations, the electron density, p(r), must be determined. This is

done by summing the squares of the Kohn-Sham orbitals:

—h? ! 6E [
|22 4 Ve () + €2 [ 2 a4 2N (1) = ey, ) (28)
In other words, the equations are solved self-consistently. Initially, a guess is made for the
electron density p(r), which is used to solve the Kohn-Sham equations and obtain a set of

orbitals y; (r):

p(r) = Tia (M) (2.9)
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These orbitals are then used to calculate a new electron density. This new density is used as the
input for the next iteration. The Kohn-Sham equations are solved again until convergence is
achieved, where the total energy and electron density of the system settle at the ground state

values.

2.2.5 Exchange and Correction Functionals

To determine the ground state properties of many-body systems, it is necessary to solve the
Kohn-Sham equations. One major challenge is that the exact form of the exchange-correlation
functional, Ex., is unknown. This functional is vital for accurately describing electron
interactions within the system. To solve the equation, various approximation strategies have
been employed, each with its own set of assumptions and complexities.

Local Density Approximation. The Local Density Approximation (LDA) was introduced by
Kohn and Sham in the same year they presented the Hohenberg-Kohn equations!®. As one of
the simplest and earliest approximations, LDA has been widely used and has proven effective
in many applications. It breaks down the many-electron system into tiny regions, treating each
as if it has a constant electron density, like a homogeneous electron gas. That is, it assumes that
the exchange-correlation energy at each point in space is assumed to depend only on the local
electron density at that point. Within the LDA framework, the exchange contribution to the
energy can be calculated analytically. However, the correlation contribution is more complex
and cannot be expressed analytically except under extreme conditions, such as infinitely weak
or strong correlation. The LDA exchange-correlation functional, which relates to the electron
density p(r), is given by:

ER4(p) = [ p(r) €X¢™ (p(r))dr (2.10)
Here, €22™ represents the exchange-correlation energy per electron in a homogeneous electron

gas of density p(r). Specifically, €X2™ can be further detailed as:
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ehom (p) = 2 (3n?): [ p(r)sar (211)
LDA is highly effective for systems with constant or slowly varying electron densities and
provides a good approximation for the exchange-correlation energy. However, LDA
limitations become apparent for the systems, where the electron density undergoes rapid spatial
variations. In such cases, LDA tends to underestimate bandgaps and bond lengths while
overestimating binding energies, particularly in semiconductors and insulators.

Generalized Gradient approximation. To overcome this limitation, the Generalized Gradient
Approximation (GGA) improves upon the LDA by incorporating the gradients of the electron
density Vp into the exchange-correlation functional, providing a more accurate description of
the electronic interactions in systems with rapid density variations. Specifically, the GGA
exchange-correlation functional is formulated as follows:

ESEA(p) = [ p(") fxc(p, Vp)dr (2.12)
Here, fxc(p, Vp) stands for an enhancement factor due to the inhomogeneities in the electron
density. Note that GGA functional offers various forms for the exchange-correlation energies,
such as Perdew-Wang functional (PW91)!%7, Becke-Lee-Yang-Parr (BLYP)%, Hamperecht-
Tozer-Cohen-Handy (HTCH)® and Perdew-Burke-Ernzerhof (PBE)' et al. Indeed, each of
these GGA functionals involves different levels of calculation complexity and computational
cost. Among these, the Perdew-Burke-Ernzerhof (PBE) form has gained widespread popularity
and is frequently used in the current material science research due to the balance between

accuracy and computational efficiency. Specifically, it can be given by:

1
fret(p,Vp) =1+ k(1 — W) (2.13)

k
In this expression, k is an empirical constant of 0.804, and the dimensionless density gradient

s(p,Vp) = % is the function of the local electron density p and the gradient Vp.
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It is noted that GGA generally provides more reliable results than LDA because it accounts for
electron kinetics and better handles variations in electron density. However, due to the self-
interaction error, both LDA and GGA have limitations in accurately predicting the electronic
structures of most semiconductors and insulators, particularly the notorious "bandgap error.”
The magnitude of this error varies depending on the specific system under consideration.
Hybrid Functionals. To address the limitations of the Generalized Gradient Approximation
(GGA) in accurately predicting experimental bandgaps, a significant advancement was
introduced by Becke in 1993: the hybrid functional method!!. This method integrates a portion
of the exact Hartree-Fock exchange functional into Density Functional Theory (DFT)
calculations, including both LDA and GGA. The hybrid functional aims to combine the best
features of DFT and Hartree-Fock approaches to provide more accurate predictions,
particularly for band gaps in semiconductors and insulators. The hybrid functional expression
is given by:

Exc = aEFF + ERFT + (1 — a)ERFT (2.14)
Here, E¥F is the Hartree-Fock exchange energy and « is the fraction of Hartree-Fock exchange.
ERFT and EPFT represents the correlation and exchange energies from DFT, respectively. By
combining Hartree-Fock exchange with DFT exchange-correlation, hybrid functionals aim to
accurately capture the long-range behavior of the exchange interaction, which is often missing
in conventional DFT. One particularly successful implementation of the hybrid functional is
the screened hybrid proposed by Heyd, Scuseria, and Ernzerhof, known as the HSE exchange-
correlation functional**?!3, The HSE functional modifies the exchange interaction to include
a portion of the Hartree-Fock exchange for short-range interactions while using the GGA
functional of the PBE form for long-range interactions. The HSE functional is expressed as

follows:

EJSE = aEy™ R (w) + EEPE (0) + (1 — @) ELPPR (w) + ESP5 MR (w) (2.15)
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where EJ™F and E;%°® denote the short-range-interaction PBE and Hartree—Fock exact

exchange functional, respectively. EZBE stands for the PBE correlation functional. Ef”**% is

long-range component of PBE exchange functional. The coefficients ¢ and w are tunable
parameters, enabling the optimization of the functional for different systems. Typically, values

of 0.25 and 10 for « and w are used in the standard implementation known as HSE063,

2.3 Ab initio Molecular Dynamics

Ab initio molecular dynamics (AIMD) is a crucial tool for designing new solid-state materials,
offering insights into both equilibrium thermodynamic properties and the dynamic behavior of
systems at finite temperatures. The accuracy of molecular dynamics simulations primarily
depends on how the forces within the system are defined. Unlike classical molecular dynamics
(MD), which relies on Newtonian equations of motion and predefined potential energy
functions that often neglect electronic polarization and struggle to model chemical reactions,
AIMD derives the forces directly from quantum mechanical calculations - the Kohn—Sham (KS)
formulation of density functional theory as discussed above (specifically, these forces are
obtained by minimizing the KS energy functional). This approach generates finite-temperature
dynamical trajectories that more accurately represent complex systems, particularly in cases
involving chemical bond formation and breaking, where conventional MD methods typically
fall short. To date, AIMD has been successfully applied to a broad range of significant
challenges in condensed matter physics, chemistry, and material science that empirical
simulation methods cannot address, and it is now starting to make an impact in biology as well.
For a many-particle system where the Born—Oppenheimer approximation applies, nuclear
dynamics can be treated on the ground-state electronic surface and are governed by the
following equation of motion, which integrates classical Newtonian mechanics with quantum

mechanical principles:
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d?R;(t) _
Uogez

—Vi[eo(R(®) + Vyn(R(©®)] (2.16)
here, sO(R(t)) represents the ground-state energy eigenvalue at the given nuclear
configuration R(t) at time t, and VNN(R(t)) stands for the electrostatic Coulomb interaction
operator. As previously mentioned, the solution of the Kohn-Sham equation relies heavily on
the approximation of the exchange-correlation functional, Ex.-, which ultimately determines
the quality of an AIMD simulation. Solving the equation of motion iteratively updates atomic
positions and velocities over time, allowing the system to evolve and providing insights into
its dynamic properties.

While the quantum-mechanical treatment of electrons in AIMD simulations is computationally
demanding, the emergence of on-the-fly machine learning offers a promising solution to this
challenge. In this thesis, Bayesian learning algorithm is employed to develop a machine-
learned force field for predicting total energy and forces at each simulation (time) step. When
the predicted (Bayesian) error exceeds a set threshold, ab initio calculation is triggered to treat
the many-particle system quantum mechanically. The force field is then updated with the newly
obtained data, allowing the simulation to proceed. This iterative process progressively refines
the force field, minimizing the need for additional ab initio calculations as prediction accuracy
increases. As a result, the machine-learned force field (MLFF) offers near-DFT accuracy with
significantly lower computational costs compared to direct AIMD simulations.

Moreover, macroscopic properties such as particle number (N), volume (V), temperature (T),
energy (E) pressure (P), and chemical potential (i) can be controlled using statistical mechanics
ensembles. Depending on the variables to be held constant, the canonical (NVT: constant
volume and temperature), microcanonical (NVE: constant energy and volume), isothermal-
isobaric (NPT: constant pressure and temperature), and grand canonical (uVT, known as

the macrocanonical ensemble: constant volume and temperature and chemical potential)
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ensembles can be chosen. Among these, the NVT and NPT ensembles are most commonly

used.

2.4 Implementation

In this thesis, both DFT and AIMD studies are carried out as implemented in the Vienna Ab-
initio Simulation Package (VASP) code!!4, which is based on the plane-wave basis sets. The
Projector-Augmented Wave (PAW) pseudopotential method is used to describe the interaction
between atomic cores and valence electrons. In this approach, atomic cores are treated as frozen,
primarily contributing to the screening of the nucleus Coulomb potential, while the valence
electrons are represented by pseudo wavefunctions, which are divided into two regions with an
augmentation sphere Qp to obtain an accurate description of electronic behavior in the
proximity of the nucleus. Outside the Q, the pseudo wavefunction is typically expanded with
a plane-wave basis set, while inside the Q5, where electrons are close to the nucleus, a different
basis set is employed to accurately account for complex interactions. Importantly, the
wavefunction remains smoothly continuous at the boundary of the augmentation sphere,
ensuring a seamless representation of electron behavior. Therefore, PAW can achieve accuracy
comparable to the all-electron full-potential method but with significantly greater
computational efficiency.

The widely used VASP code supports not only pure DFT calculations but also can incorporate
advanced corrections such as hybrid functionals, dispersion corrections, DFT+U corrections,
and spin-orbit coupling to enhance prediction accuracy. Particularly, the hybrid functional and
spin-orbit coupling play an important role in studying optoelectronic characteristics in the
MHPs materials, especially in investigating the transition energy levels, nonradiative carrier
capture, and other key electrical properties for the charged defects and impurities. The input

files for VASP consist of POSCAR (system geometry structure); POTCAR (the
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pseudopotentials for ion-electron interactions); KPOINTS (the k-points for Brillouin zone
sampling); and INCAR (calculation parameters). In each project, various files will be
specifically customized for the respective systems to achieve optimal computational cost-

effectiveness.
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Chapter 3 Minimizing and Controlling Hydrogen for Highly Efficient Formamidinium

Lead Triiodide Perovskite Solar Cells

3.1 Introduction

Metal halide perovskite semiconductors have emerged as front runners for next-generation
photovoltaic cells with high power conversion efficiency (PCE) and low manufacturing cost.
Compared to the prototypical MAPbIz (MA = Methylammonium, CH;NH3), FAPDbI3 (FA =
Formamidinium, NH,CHNH,) films possess the improved thermal stability and the suitable
bandgap (~1.48 eV) closer to the optimal value (1.34 eV) of the Shockley-Queisser (S-Q) limit,
and thus have been the most attractive candidate in perovskite solar cells®37-40115-118 5q far,
the record PCE has catapulted to over 25.8% in FAPDbIs-based single-junction solar cells?,
comparable or even exceeding other single-junction solar cells?.

It is well acknowledged that iodine management by optimizing the concentration of iodine
during the growth and processing of the perovskite layers is crucial for achieving high PCE
values in FAPbls-based solar cells'!’119-122 In particular, synthesizing FAPbI; films with either
scarce or excess iodide ions could result in inferior solar cell performance, which is closely
associated with deep-level defects and their induced nonradiative recombination losses!t’-119-
122 Specifically, the experimentally observed nonradiative recombination rates in FAPbIs
active layers are typically 106s~1116120123124 " serying as a major loss mechanism and
restraining the PCE from approaching the theoretical maximum efficiency (~32%)'%. The
open-circuit voltage (V,.), typically around 1.1 V for the state-of-the-art FAPbIs-based solar
cells®3%115 still lags behind the radiative limit (1.255 V from Ref.3"). This is regarded as a
direct consequence of the energy losses induced by the nonradiative recombination of
photogenerated charge carriers®”3%115 On the other hand, it has been experimentally shown

that tuning the iodine content can effectively shift the electrical conductivity of halide
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perovskite materials, which could play an important role in the defect engineering in halide
perovskites®,
Notably, fewer first-principles defect investigations have been carried out on the FAPDbI3

126 a5 compared with its predecessor MAPbI3%46584127-133 \whereas highly efficient

perovskites
perovskite solar cells are predominantly fabricated with FAPDI3 active layers. This is
significant because of the distinctively different defect-induced nonradiative recombination
mechanisms between FAPDbIz and MAPbIs. Previous reports have shown that hydrogen
vacancies ( Vi )% and iodine interstitials ( I; )®13213 are the dominant nonradiative
recombination centers in MAPDIs. In contrast, in FAPDI3, iodine interstitials (I;) are actually
shallow defects'®*, and hydrogen vacancies of FA cations could not cause significant
nonradiative loss either®®. The origin of defect-induced nonradiative losses in FAPbIs remains
unknown. Identifying and then effectively suppressing such efficiency-killing defects would
further improve the performance of FAPDbIz-based devices. This imperatively calls for an in-
depth understanding of the underlying atomistic mechanism of the nonradiative recombination
in FAPDIs.

In this study, by performing first-principles calculations, we reveal that native point defects are
not responsible for the nonradiative losses in FAPDIs; instead, electrically active hydrogen
interstitials, H;, is the dominant nonradiative recombination center with a capture coefficient
on the order of 10~8cm3s™! at room temperature, consistent with the experimental
measurements!®. We propose that synthesizing the FAPbIs perovskite samples under the
iodide-moderate and hydrogen-poor conditions can effectively suppress the nonradiative

recombination loss, enabling the best device performance of the applications.
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3.2 Simulation Method

3.2.1 Computational Method

First-principles calculations were performed based on density functional theory (DFT)% as
implemented in Vienna Ab initio Simulation Package (VASP) code!'*. Projector augmented
wave (PAW) pseudopotentials'®® were used with a plane-wave energy cutoff of 400 eV. The
Tkatchenko-Scheffler (TS) scheme®*” was used for describing the dispersion interactions for
the hybrid perovskite systems'®s, The more accurate Heyd-Scuseria—Ernzerhof hybrid
functional*® with the mixing parameter of 0.46 was employed and the spin-orbit coupling was
included (HSE+SOC). All atoms were fully relaxed until the forces on atoms are less than 0.01
eV/A. For defect calculations in perovskite FAPbls, a 3 x 3 x 2 216-atom supercell based on

the cubic phase unit cell was employed with a Monkhorst—-Pack sampling of 2 x 2 x 2 k-point

grid. A convergence test for a 3 x 3 x 3 324-atom supercell of FAPbls, for H;, showed that
the calculated formation energy difference between the 216-atom and 324-atom supercells is
only 0.06 eV. Our HSE+SOC+TS calculations yield a bandgap of 1.46 eV, in good agreement
with the experimental value of 1.47 eV*3°. Moreover, the optimized lattice parameter of 6.371

A agrees well with the experimental values of 6.362 A,

3.2.2 Defect Formation Energy

The defect formation energy is given by4°:

AHy(H) = E(H') — E(host) — Xn;(w; + Aw) + q(Ep + E(VBM) + AV) (3.1)
where E(Hiq ) and E(host) are total energies with and without defect, respectively. n;
indicates the number of defects added into the supercell. y; is the absolute value of the chemical
potential of the defect atoms. Au; stands for the relative value of the chemical potential, which
is related to growth conditions. The chemical potentials of constitute elements (y;, wpp, and

Ug4) refer to their corresponding most stable phases, namely, the elemental solids of Pb in the
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cubic phase and I, in the orthorhombic phase. For ug,4, the body-centered-cubic phase of FA
was chosen. For the chemical potential of hydrogen (uy), under the H-rich conditions, it is
well-defined and corresponds to half of the total energy of an isolated H> molecule (py (H,)).
We further calculated py in other relevant H-containing compounds as possible intrinsic and
extrinsic hydrogen sources, including gas H20, CHg4, liquid HI, DMF (C3;H,NO), DMSO
(C,Hg0S), HBr, HCI, HF, and solid FAI (CH(NH,),I), C2NsH, CsN11H, among which g (FAI)
was chosen as the pg under the H-poor conditions (FAI serves as an important intrinsic
hydrogen source for the perovskite). The liquid-phase structures were obtained by melting the
crystalline structure via ab initio molecular dynamics (AIMD) using the Nose-Hoover
thermostat'* with the temperatures chosen at above the melting points and below the boiling
points of the respective liquids, specifically 230 K for HI, 190 K for HBr, 170 K for HCI, 200

K for HF, 300 K for DMF, and 300 K for DMSO. The chemical potential of hydrogen thus is

given by py = E(AZB”H’”)_I“A_HHB, where E(A;B, H,,) is the total energy of the H-containing

m

compound; p, and pg stand for the chemical potentials of the constituent atoms with respect
to the ground-state elemental sturtures. The Fermi energy, Eg, is referenced to the VBM of
FAPDI3, and E (VBM) represents the energy of VBM. AV is added for correcting the effect of

periodic images of charged defects'®.

3.2.3 Transition Energy Level
The transition level is defined as the Fermi-level position with respect to the bulk VBM for

which the formation energies of different defect charge states are equal:

€(qa/q) = [E(a,q) — E(a,q") — (q — ¢)(EWVBM) + AV)]/(q — q) (3.2)
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3.2.4 Chemical Potential of FAPbI3 Perovskite

When the cubic-phase FAPDIs is stable with respect to the secondary phases of FAI and Pbly,
the chemical potential of the host should satisfy the conditions:

Afpa + Dppy + 301, = AHp(FAPDI)
Aupa + Dy < AHp(FAI)
Appp + 20u; < AHf(Pbl3)

where AHy(FAPbI3), AH:(FAI), and AH;(Pbl,) are the formation enthalpies of MAPblIs,
MALI, and Pbly, respectively. To avoid the formation of elemental phases, all the chemical

potentials should be less than zero (Aug, < 0, Aup, < 0, and Ay, < 0).

3.2.5 Nonradiative Capture Coefficients

The nonradiative capture coefficients are calculated using the established multiphonon
emission methodology**?'*3 including the effect of lattice anharmonicity®°144 by solving the
one-dimensional Schrodinger equation for the anharmonic potential energy surfaces. The
evaluation of the electron—phonon coupling matrix elements for electron and hole capture are

evaluated using the PAW results by VASP processed with the NONRAD package!#2143,

AH
The defect concentration at thermal equilibrium can be given by!%: N = N,e kT, where N,

stands for the number of the available sites for defect formation per volume (cm™3), AH is the
defect formation energy, K is the Boltzmann constant, and T is temperature, which was set to

room temperature.
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3.3 Results and Discussions

3.3.1 Phase Map for Thermal Equilibrium Growth Condition of FAPbIs Perovskite

Figure 3.1 shows the phase map for the equilibrium growth condition of FAPbIs as a function
of the relative chemical potential of Pb (Aupp) and | (Ay;). The constraints are set by three
elementary phases (FA, Pb, and 1) and two competing secondary phases (Pbl, and FAI). Within
the chemical potential range that stabilizes FAPDbI3 determined, i.e., the red region in the figure,
three representative points are labeled as points A, B, and C, corresponding to iodine-poor (I-

poor), moderate, and iodine-rich (I-rich) growth conditions, respectively.

Figure 3.1. The phase map for thermal equilibrium growth condition of FAPbIs as a function
of the relative chemical potentials Aup, and Ay;. The red area shows the allowed chemical
potential region where FAPDI3 is thermodynamically stable. Three different growth conditions,
i.e.,, point A, B, and C, corresponding to the I-poor, I-moderate, and I-rich conditions,
respectively, were chosen for defect formation studies.

3.3.2 Intrinsic Defect Physics

We first systematically studied the stability of possible native point defects, including three
vacancies (Vra, Vpp, and V;), three interstitials (FA;, Pb;, and I;), and six substitutions (FApy,
FA;, Pbga, Pby, Iga, and Ipy), in FAPDIz with the high-level HSE+SOC+TS method. Figure

3.2a-c shows the calculated formation energies of seven lowest-energy native defects under the

three representative iodine growth conditions. Vg4 and Vp, acceptors exhibit very low
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formation energies in FAPDbI3, especially under I-rich conditions*®

. It can be seen that Vg, does
not have a transition energy level and Vp;, produces a shallow acceptor level slightly (~0.06 eV)
above the valence band maximum (VBM). Based on the Shockley-Read-Hall theory of
recombination!*®, the existence of a deep charge-state transition energy level in the bandgap is
a prerequisite for a defect that acts as the nonradiative recombination center 4%, Hence, Vg,
and Vp, are not nonradiative recombination centers. Similarly, V; and FA; are also not
nonradiative recombination centers with only +1 charge state stable in the Fermi level. The low
formation energies of Vp, and V; are attributed to the strong Pb-p and I-s energetically
unfavorable antibonding character of the valence band of FAPDbIs, resembling the s-p
antibonding coupling in the prototypical MAPbIs'®, which makes the Pb-1 bonds easy to break
and to form the defects. The low formation energy of Vi, can be attributed to the well-known
weak van de Waals interaction between the Pbl, inorganic framework and the organic cations
of the hybrid perovskite structure'3l. While a previous pure-PBE study suggested that I, is a
deep-level defect'?®, our HSE+SOC+TS calculations show that I, is a shallow defect with a
high formation energy, indicating that it can only play an insignificant role. For I; (I
interstitials), in contrast to the deep-level nature in MAPDIs, it induces a shallow acceptor level
€(0/—) near the VBM (~0.04 eV above the VBM) in FAPbIs, consistent with experimental

conclusion®®*,
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Figure 3.2. Formation energies of the seven low-energy intrinsic point defects in FAPDI3
calculated using the chemical potentials corresponding to points C (a), B (b), and A (c) in
Figure 3.1, namely, the I-rich, moderate, and I-poor growth conditions, respectively, as a
function of the Fermi level. Red and green lines represent the donor and acceptor defects,
respectively.

Significantly, both Ip, and FA; induce deep transition levels within the bandgap. The
e(+2/+1) level of FA; is located at 1.16 eV above the VBM. Ip, has two transition levels
within the bandgap; one is located at 0.36 eV and the other at 1.10 eV above the VBM. In
principle, effective nonradiative recombination centers are often neutral and singly charged
defects'?®. The nonradiative recombination process of higher charged defects involves the
capture of charge carriers by the repulsive defect, namely, hole capture by a positively charged
defect or electron capture by a negatively charged center, which results in much slower
nonradiative recombination compared with that for neutral or attractive centers*. Similarly, a
defect with multiple levels in the bandgap tends to be an inefficient nonradiative recombination
center'*4, because usually one of the levels involves a higher charged level that has a very low
capture rate, e.g., e(—1/—2) of Ip,, which limits the overall capture process**’. Indeed, our
explicit calculations confirm that FA; and Ipy, are not efficient nonradiative recombination

centers with the very low carrier capture coefficients of 2.3 x 1072%cm3s~! and 6.6 x

10~ 1*cm3s™1, respectively, at room temperature (see Figure 3.3). Notably the carrier capture
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coefficient of Ip}, in CsPbls is also on the order of 10~**cm3s™1 at room temperature'#4, which

could not cause significant nonradiative recombination.
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Figure 3.3. Calculated carrier capture coefficients of FA; (red) and Ipy, (green) in FAPbIs as a
function of temperature. These results are significantly lower, by the orders of 10%2 for FA; and
10° for Ipy, than that of interstitial hydrogen at room temperature. Hence, they are not the
efficient nonradiative recombination centers observed in experiments.

3.3.3 Hydrogen Interstitials as an Important Nonradiative Carrier Recombination Center in
Hybrid Perovskites

Alternatively, unintentionally incorporated impurities may play an important role. It is well
established that hydrogen is a common impurity in traditional semiconductors'*® and notably,
our previous studies demonstrate that it can be abundant in the lattice of hybrid
Methylammonium perovskites**®1®,  Motivated by this, we systematically studied the
energetics and nonradiative recombination properties of interstitial hydrogen defects in FAPDIs.
Figure 3.4a shows the formation energies of atomic H; and molecular H, in FAPbIs. For each
species, several structural configurations in different charged states were considered (Figure
3.5, Table 3.1-3.4). It can be seen that H,, is electrically inactive with a thermodynamically

stable neutral-charged state in FAPbls. For molecular H,, the H-H bond length is 0.77 A, close
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to 0.75 A for free hydrogen molecules. In contrast, atomic H; behaves as an electric-active
negative-U center in FAPDbIs. The neutral state H is energetically unstable compared with the
positively charged H;" and negatively charged H;~ over the whole range of the Fermi level. This
leads to a deep (+/—) transition energy level, i.e., the intersection of the formation energies
of H;f and H;, at 0.73 eV above the VBM. In a p-type or n-type FAPbIs, i.e., when the Fermi
level is located at the proximity of the VBM or the conduction band minimum (CBM),
respectively, H, is unstable and tends to dissociate into hydrogen ions. In an intrinsic (low-

conductivity) FAPDbI3, H, is energetically more favourable.

Table 3.1. The total energy difference for the positively charged H;" in the sites considered in
the Figure S2, where AE = 0 eV stands for the energetically most favorable defect site.

site 1 2 3 4 5 6
AE (eV) 0.46 0.46 0.44 0.44 0.67 0.67
site 7 8 9 10 11 12
AE (eV) 0.01 0 0 0.35 0.35 0.35

Table 3.2. The total energy difference for the neutral H? in the sites considered in the Figure
S2, where AE = 0 eV stands for the energetically most favorable defect site.

site 1 2 3 4 5 6
AE (eV) O 0 0.01 0.01 0.22 0.23
site 7 8 9 10 11 12

AE (V) 0.33 0.35 0.35 0.18 0.18 0.18
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Table 3.3. The total energy difference for the negatively charged H; in the sites considered
in the Figure S2, where AE = 0 eV stands for the energetically most favorable defect site.

site 1 2 3 4 5 6
AE (eV) 0.36 0.36 0.37 0.37 0 0.01
site 7 8 9 10 11 12
AE (eV) 0.73 0.70 0.71 0.49 0.47 0.47

Table 3.4. The total energy difference for H, in the sites considered in the Figure S2, where
AE = 0 eV stands for the energetically most favorable defect site.

site 1 2 3 4 5 6
AE (eV) 0.82 0.82 0.84 0.84 0.66 0.66
site 7 8 9 10 11 12
AE (eV) 0.58 0.58 0.58 0.01 0.02 0
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Figure 3.4. (a) The formation energies of hydrogen interstitials in FAPbIs as a function of the
Fermi level under the H-rich conditions. The vertical dashed lines correspond to the pinned
Fermi levels for the p-type, intrinsic, and n-type conductivities, respectively. (b) Local atomic
configurations of H; in the three charge states, where the notations of atoms are as those in
Figure 3.1 and the hydrogen interstitials are highlighted in red. The arrows and labels show
the relevant carrier capture processes during the charge-state transitions. Configuration
coordinate diagram for the transition of H;" & HY (c) and HY < H; (d), respectively, as a
function of a generalized configuration coordinate (Q). (¢) Nonradiative capture coefficients of
H; as a function of temperature. (f) The formation energies of H; in the predecessor MAPDI3 as
a function of the Fermi level under both the H-rich conditions. (g) Configuration coordinate
diagram for the transition of H;" < HY in MAPDbIs, as a function of a generalized configuration
coordinate (Q). (h) Nonradiative capture coefficients of H; in MAPDbIz as a function of
temperature. The nonradiative recombination coefficient C,. of H; in FAPDbIl; was also
included for comparison.

For such a negative-U defect, the (4 /—) transition level does not govern the nonradiative

recombination even though it is deep in the bandgap, as found in the case of I; in MAPbI3541%2,
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because the defect cannot capture two charge carriers of the same type, e.g., two electrons or
two holes, at once. Instead, the relevant transition levels are £(+/0) (0.34 eV below the CBM)
and £(0/—-) (0.37 eV above the VBM), and four capture processes (two electron captures and

two hole captures) are involved during the nonradiative recombination via the center®413,

Figure 3.5. Schematic representation of the FAPDI3 structure and the sites on which interstitial
hydrogen can incorporate, namely, the bond-center sites (1, 2, 3, 4), the Pb antibonding sites
(5,6), the I antibonding sites (7, 8, 9), and the lattice void sites (10, 11, 12).

As shown in Figure 3.4b, H; exhibits distinctly different local atomic structures in three charge
states (+, 0, and -) in FAPbI3, which could be partially attributed to the ionic character of the
perovskite. During the transition between different charged states of H;, the carrier capture
processes are abbreviated as C2, as shown in the labels in Figure 3.4b, where the subscript a
specifies the carrier type (“n” for electron, and “p” for hole), and superscript b indicates the
charge state of the defect. In the case of H;", atomic hydrogen tends to bind to an | anion with
a chemical bond length of 1.71 A, compared with 1.61 A for HI molecule. With the capture of
an electron (Cf), Hi transform into neutral-charged HY . H? adopts a bond-centered
configuration, in which hydrogen atom resides between the connected Pb and | atoms, with the
distances of 2.08 A and 1.88 A to Pb and I, respectively. By further capturing another electron

(€9), the hydrogen ion moves to the vicinity of the Pb cation, and the local atomic configuration
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distorts significantly into a three-fold coordinated local Pblg octahedron, forming Hj .
Conversely, the transition of H; - H? — H; involves two hole-capture processes, i.e., C, and
Cp, respectively.

To quantitively determine the carrier capture coefficient of these processes, we first performed
a carrier capture semiclassical analysis with the calculated configuration coordinate diagrams
for the transition of H;" & H? and HY < H;". As shown in Figure 3.4c, the diagram depicts the
potential energy surfaces (PES) of the charge state transition between H;" and H? as a function

of the generalized configuration coordinate (Q)¥*2™!, The Q of each configuration is

determined by its difference from a reference configuration, i.e., Q = /Y. m,(Ry — R¢a)?,
where m, and R, are the mass and Cartesian coordinate of atom a; the subscript f stands for
the final state of the charge transition'*2. For a H;" with an electron (e~) at the CBM and a hole
(h*) at the VBM (blue line in Figure 3.4c), it requires to overcome an energy barrier AEZ (the
intersection between potential energy surfaces of H;* (blue line) and HY (green line)) to capture
an electron and transition to H?. Similarly, the hole capture process by H? overcomes a
comparable energy barrier AED, as indicated by the intersection between the green line and red
line in the figure, HY transitions back to H;". Based on the guantum-mechanical vibronic
overlap of the PES and the strength of electron-phonon coupling®#?, the nonradiative electron
(Ct) and hole (C) capture coefficients for the transition between H;" and H) are
1.3 x 107 7cm3s™ ! and 2.4 x 10~8cm3s™1, respectively, at room temperature, as shown in
Figure 3.4e.

For the analysis of the charge state transition between H? and H;", as shown in Figure 3.4d, an
important feature is that the larger structural relaxation associated with the transition between
H? and H;™ results in a greater AQ (~33 A amu'/2). The strong electron-lattice coupling leads

to a large anharmonicity for the PES, which further impacts the capture barriers. It can be seen

76



that the PES of H? exhibits a metastable minimum at the equilibrium configuration of H;",
which is similar to the case of I? in MAPbIs®*'28, The energy barrier of the charge-state
transition determines the capture rate in principle. Notably, the transition of H? to H;” (CQ) is
within the Marcus inverted region®°2 where a very small electron-capture energy barrier
(AEQ) occurs because the large anharmonicity enables that the PES of the final state (H;", green
line) is accidentally close to the minimum of the PES of the initial state (H}, blue line) despite
the large value of AQ. In contrast, the energy barrier (AEy) for hole capture by Hi (Cp) is
somewhat large (~0.24 eV) compared to other processes. Furthermore, there is an additional
energy barrier of ~0.56 eV as the structure recovers from Q~33 A amu'/? to Q~0 A amu'/?
after overcoming AE; . This further retards the hole capture by H; . As expected, as shown in
Figure 3.4e, the calculated nonradiative electron capture coefficient (C3) for H; is
1.4 x 10~%cm3s™1, much higher than that of 1.4 x 10~8cm3s~! for the hole capture process
(Cp), consistent with the semiclassical analysis of the capture barriers.

On the basis of balancing electron and hole capture under steady-state conditions!*’, the

nonradiative recombination coefficient per defect C,,. (Cto¢ in Ref. 30) can be determined by

0 0
co+cy
co CO 1

n, P
1+—_+—+

Cpr = as indicated by the black dashed line in Figure 3.4e. At room temperature, the

calculated C,,,. of H; is 1.50 x 10~8cm3s~1, which is in good agreement with the experimental
observation of ~10~8cm3s~11*, strongly indicating that H; is an important or even dominant
recombination center in FAPDbIs. In addition to the nonradiative recombination coefficient C,
the overall nonradiative recombination rate constant A is also related to the defect density N in
the material, namely, A = NC,,, which describes the number of nonradiative recombination
events unit time (the reciprocal of nonradiative lifetime t,,-). Notably, the C,. of H; is
comparable to that of hydrogen vacancies of FA cations Vy(C) in FAPblz ( 3.2 X

10~8cm3s~1)%, Our calculated formation energies of Vi;(C) and H; are shown in Figure 3.6.
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Even under the H-poor conditions, Vi (C) exhibits much higher formation energies (~2.08 eV
under the I-rich and moderate conditions, and ~1.93 eV under I-poor) than H; (~0.71 eV under
the I-rich, ~0.64 eV under the I-poor conditions, and ~1.08 eV under the I-moderate
conditions). At room temperature, a difference in formation energy of 1 eV (under the moderate
conditions) implies about sixteen orders of magnitude difference in the defect densities at
thermal equilibrium. This clearly demonstrates that H; can play a much more significant role

than Vi (C) in nonradiative recombination in FAPDI3.
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Figure 3.6. The formation energies of Vi (C) (blue) and H; (red) in FAPDI3 as a function of the
Fermi level under both H-rich and H-poor conditions, where the chemical potential of hydrogen
are set to uy(H,) and py(FAI) under the H-rich (solid lines) and H-poor (dashed lines)
conditions, respectively. The vertical dashed lines correspond to the pinned Fermi levels in
FAPDI3 under the I-rich, moderate, and I-poor conditions, respectively.

As we have recently reported'#®*% H; is also a deep-level defect in MAPDIs. To quantify its
impact on nonradiative recombination in MAPDbI3z and explicitly compare it with FAPbIs, we
also calculated the C,,,. of H; in MAPDI3 (see Figures 3.4f-3.4h). The relevant transition level

is €(0/-), which is located at 0.84 eV above the VBM, as shown in Figure 3.4f. As similar in
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FAPDIs, H; resides in the Pble octahedron in MAPDIs. The presence of H;” in MAPbI3 results
in a strong structural distortion of the nearby Pbls octahedron compared with the other charge
states (namely H; and H? )50 and therefore, a large AQ (~31 A amu'/?) is present in the
calculated configuration coordinate diagram (see Figure 3.4Q9). The energy barrier for the
electron capture process is very small (< 0.1 eV) and the energy barrier for the hole capture
process is relatively higher (by ~0.22 eV). As expected, the calculated capture coefficients (see
Figure 3.4h) suggest that at room temperature the electron capture process (C9~7.8 X

10~7ecm3s™" ) is faster than the hole capture process ( C;~2.7 x 10~%cm®s™'). The

CeCh
CotCp’

nonradiative recombination coefficient under steady-state conditions is derived as C,,, =
The calculated C,,,. of H; in MAPbI3 is 2.6 x 10"8cm3s™1, compared to 1.50 X 10" 8cm3s™?
in FAPDI3, at room temperature.

The C,, of H; in MAPDbI3 is well comparable to that in FAPbIs. This can be attributed to the
similarity of the local chemical environments of Pbls octahedron and thus similar lattice
coupling and anharmonicity of H;” during the charge-state transitions, as shown in the PES in
Figure 3.4d and 3.4q, resulting in similar energy barriers for hole capture by H;” (AEy) in both
systems. Notably, the hole-capture process is the rate-limiting step of the overall nonradiative
recombination process for H; in both FAPblz and MAPbIs. In p-type or intrinsic conductivities,
H; exhibits similar formation energies in both systems, indicative of similar induced
recombination losses. In n-type conductivities, H; in FAPDbIz is more significant than in
MAPDI3 due to relatively lower formation energy and thus higher defect density.
Experimentally, the perovskite solar cells are typically fabricated with the intrinsic-
conductivity perovskite active layers'®. Thus if we assume the position of the Fermi level at
around 0.7 eV above the VBM, H; has similar impacts on the device performance of MAPbI3

and FAPDI3. These results indicate that the engineering of the A-site substitution (ABXa3)

between FA and MA cations will not effectively mitigate the nonradiative recombination losses
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caused by H;. That is, H; is expected to be efficient nonradiative recombination centers in the
FA-MA mixed lead halide perovskite solar cells*®.

It is important to note that 1,3 and Vi; (N)% of MA cations can also cause strong nonradiative
recombination in MAPDIs. I; in MAPbIs has a similar nonradiative recombination coefficient
(Cpr~0.7 x 10~8cm3s~1) and formation energy as H; in FAPbIs®. In particular, Vi (N) is the
most efficient nonradiative recombination center in MAPDI3 reported so far with an
exceptionally high C,,, of 0.8 x 10™*cm3s~1%, around four orders of magnitude higher than
that of H;. These efficient nonradiative recombination centers are absent from FAPbIs: I; is a
shallow defect in FAPDbI3 and hydrogen vacancy of FA cation has very high formation energy.
Overall, FAPDbIz  exhibits a higher degree of defect tolerance in
nonradiative carrier recombination than MAPbIs. The results may explain the general
experimental observations'?® that the nonradiative recombination rates in FAPbI; are typically
lower than that in MAPDbIs, contributing to the better performance of the FAPblz-based devices.
H; serves as an important and even dominant origin of the experimentally observed

nonradiative loss in the FAPbIs-based devices!16120.123.124

3.3.4 Minimizing Hydrogen Interstitials to Enable Highly Efficient FAPbl3 Perovskites

The defect density N is critical and therefore should be suppressed by carefully managing the
growth conditions. Experiments have demonstrated that iodine management plays an important
role in deep-level defect engineering in the FAPDI3 active layers for high-performance solar
cellst*"119122  An  jodine-moderate growth condition is crucial for optimizing the
optoelectronic performance of the perovskites, while the scarce or excess iodine conditions
unavoidably lead to the formation of deep-level defects and therefore nonradiative
recombination losses, resulting in inferior device performance. Here, our calculations suggest

that the different iodine-content conditions can effectively affect the relative chemical
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potentials and consequently the defect stabilities of the perovskites. Under the I-rich conditions
(Figure 3.2a), the charge neutrality of FAPDI3 is largely determined by the lowest-energy Via
acceptor and FA; donor, where the Fermi level is pinned approximately at the proximity of the
VBM, which is a typical p-type conductivity. Similarly, under the I-poor conditions (Figure
3.2¢), the Fermi level of FAPDI3 is pinned at the proximity of the CBM, namely, an n-type
conductivity. This is in line with experiments that the conductivity of FAPbIs can be flexibly
tuned from p-type to n-type by increasing the Pblo/FAI ratio in the precursor solutioni®,
Significantly, the stabilities and densities of hydrogen interstitials are a function of the Fermi
level. From Figure 3.4a and Figure 3.7, these two typical conditions indeed enhance the
formation of H; as efficient nonradiative recombination centers, which will strongly impact the
carrier lifetime and power conversion. Notably, the I-rich conditions would also increase the
density of shallow-level I; that lowers the cubic-to-hexagonal transformation barrier of the
FAPDI3 active layer to accelerate its phase degradation, and hence, have significant
repercussions on the long-term stability of perovskite solar cells***. Under the I-moderate
conditions (Figure 3.2b), the Fermi level will be pinned around the middle of the bandgap,
corresponding to an intrinsic (low) conductivity, where the formation energy of H; increases
and the electrical-inactive molecular hydrogen (H,) serves as the dominant hydrogen
interstitials under H-rich conditions (Figure 3.4a and Figure 3.7). On the other hand, the
formation of H; and their induced nonradiative energy loss will be suppressed in FAPDbI3 active

layers.
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Hydrogen engineering
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Figure 3.7. Calculated defect densities of H; and H, at room temperature under the three
representative iodine growth conditions in FAPbIs, as a function of the relative chemical
potential of hydrogen (4uy) in the relevant compounds (hydrogen sources). uy(H,) and
uy (FAID) correspond to the hydrogen (H)-rich and H-poor conditions, respectively. The
resultant efficiency losses (An) by H; in different defect densities are denoted.

Furthermore, we will show that, in addition to iodine management, careful control of the
hydrogen environment for the preparation and operation is also important for suppressing
H;defects and further improving FAPbIs-based solar cells. To reveal unintentional hydrogen
incorporation under different possible hydrogen sources, we plot the defect densities of H; and
H, at room temperature as a function of the relative hydrogen chemical potential in Figure 3.7,
under the three representative iodine growth conditions. Under the hydrogen (H)-rich
conditions, it has been a common practice to set the uy as that in the isolated H2 molecule.
However, the H-poor condition can be simulated by considering the practical hydrogen sources.
FAI, a precursor, serves as an important intrinsic hydrogen source for FAPDbI3, and therefore,
the chemical potential of hydrogen can be around uy (FAI) under the H-poor conditions. As

can be seen, the commonly used HI and HBr additives as well as some organic compounds,

e.g., C2NsH and CHg4, and the DMF solvent, can be potential hydrogen sources leading to

82



unintentional hydrogen contamination, while the water vapor, DMSO solvent, and HF can play
an insignificant role. Notably, under more H-poor conditions, the electrically inactive H, will
be unstable with respect to dissociation into the detrimental H;.

With the nonradiative recombination coefficient C,, and defect density N, we can quantify the
resultant PCE loss An due to the nonradiative recombination by H;. Under the detailed balance
limit and ideal conditions, the light to electricity PCE is well known as the S-Q limit!®. In the
S-Q framework, the photocurrent of the solar cell is calculated as the difference between the

photons absorbed and the photons flowing out the cell: J(V) = Jp — Jrqa(V) , Where Jp =

[ 2n B JE  stands for the photocurrent  density, and J.,.q(V) =

q
Eg h3c2 e(KTEm)_l
o 2 - - - - .
q ng%(ij’—VdE stands for the radiative recombination current density. q, h, K, and ¢
e cell’ -1

are the elementary charge, Planck’s constant, Boltzmann constant, and speed of light,

respectively. V is the applied voltage and is equal to the splitting of the Fermi levels qV =

E} — EF under the steady condition. Therefore, the light to electricity PCE in the case of the

MAX(Powut(V)) _ MAX(J(V)XV)

radiative limit can be calculated by the formula n = - = , Where the
mn mn
. RS 2m oo E3dE .
input sun power density is given by P;,, = ey fo —F - For FAPbIs with the calculated
e KTsun’—1

bandgap of 1.46 eV, under AM 1.5G spectrum, the ideal power conversion efficiency (S-Q
limit) can be up to n~32.13% at room temperature, consistent with that reported in Ref.1%,
In the presence of the nonradiative recombination from H;, the photocurrent of the solar cell

will be givenby: J(V') = Jp — Jraa (V") — ] (V"). The new term describes the current density

qv’
loss due to the nonradiative recombination J,,,. (V') = qunl-e(ZKTcell), where d, A, n; are the

thickness of the FAPDI3 layer, nonradiative recombination rate constant, and intrinsic carrier

concentration. We adopt the representative d~300 nm and n;~107 cm =3, For the solar cell
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application, the nonradiative recombination is usually dominated by the defect-induced process,
and the Auger recombination can play an insignificant role®. Therefore, the nonradiative
recombination rate constant is given by the aforementioned A = NC,,.. With P,,;(V") =

J(WVH x V", the resultant efficiency loss by H; can be obtained: An =n—n'=

MAX(Poye(V))—MAX (Poye(V'))
Pin '

The estimated An values in different H; densities are shown in Figure 3.7. Notice even under
the preferred I-moderate growth conditions, H; can impact the device performance with the
induced efficiency loss An being more than 4% under the H-rich conditions. This strongly
suggests that H; induced nonradiative loss can be an important loss mechanism in the FAPDbI3-
based solar cells. To effectively suppress this detrimental effect on the device performance, the
density of H; should be controlled below the orders of 1012cm ™3, under which the induced An
would be less than 0.5 %. These results point to a target for hydrogen engineering to further
improve the performance of the perovskite solar cells approaching their theoretical efficiency

limit.

3.4 Conclusion

In summary, based on first-principles calculations, we demonstrate that native point defects are
not responsible for the nonradiative losses in FAPbIs. Instead, hydrogen ions can act as the
dominant nonradiative recombination centers in FAPbls with a high capture coefficient of
1.5 x 10~8cm3s~? at room temperature, in good agreement with the experimentally measured
values. Both iodine-poor and iodine-rich conditions would promote the formation of
detrimental H; in FAPbIz and reduce the PCEs of the related solar cells significantly (An >
10%). In this sense, growing the FAPDIs active layers under the I-moderate conditions and

carefully controlling the hydrogen environment can effectively suppress the formation of H;
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and the adverse effect on PCE. These findings are significant for possible further improvement

of the FAPbIs-based photovoltaic device performance.
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Chapter 4 Trapped-Hydrogen-Induced Energy Loss in Tin-Based Hybrid Perovskite

Solar Cells

4.1 Introduction

Owing to the unique photophysical properties, low-cost organic-inorganic hybrid perovskites
have drawn intensive attention in the optoelectronic community®!+33115 In particular, rapid
progress has been demonstrated in perovskite solar cells with a power conversion efficiency
(PCE) exceeding 25.8%?2, which is already close to that of single-crystal silicon cells (26.6%)%.
Nevertheless, the toxicity of lead (Pb) to the human body and environment poses a significant
challenge for the further commercialization of the perovskite photovoltaic technology!*®’.
Isovalent tin (Sn) has been regarded as one of the most appropriate replacements for Pb in the
perovskite layers among various nontoxic alternatives. Sn-based hybrid perovskites, such as
methylammonium tin iodide (MASnIz) and formamidinium tin iodide (FASnIs), have the
narrower optical bandgaps of 1.20-1.40 eV®8, closer to the Shockley-Queisser (S-Q) limit
(1.34 eV)'? than those of the Pb-based counterparts (1.5-1.7 eV), indicating the potential for
higher efficiency limits. In addition, Sn-based perovskite materials exhibit high absorption
coefficients’™ and small exciton binding energies'®. Taking advantage of these merits, Sn-
based perovskites hold great promise for lead-free perovskite photovoltaics and other device
applications.

However, since the early demonstration of MASnIz perovskite solar cells yielding PCE of
around 6% in 2014 and 9% in 2018%°, respectively, the highest PCE only reached 14% in
FASnIs-based solar cells'®?, outperforming other Pb-free candidates but still lagging
significantly behind the Pb-based counterparts. Defect-induced nonradiative charge
recombination is generally considered an important loss mechanism for Sn-based perovskite

solar cellst®161.163-165 “ Ag compared to the Pb-based halide perovskites, the much faster
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crystallization process and easier oxidation of the Sn-based halide perovskites lead to the
formation of a high density of defects, specifically deep-level nonradiative recombination
centerst®161.163-185  Notably, Ng et al.1®61%" reported that the pristine FASnIs active layer
displays a huge deep-level state density up to ~10%° cm™3, which is around five orders of
magnitude higher than that in the Pb-based counterparts’?®. The measured nonradiative
recombination rate often reaches up to ~10° s~ 123168169 compared to 10® — 107 s~
typically measured in the Pb-based perovskites!?®. The severe nonradiative
recombination losses in Sn-based halide perovskites significantly hinder the photo-generated
carrier transport and reduce the open-circuit voltage (Voc), resulting in inferior solar cell
efficiencies.

Accurately identifying the potential deep-level defects that act as detrimental nonradiative
recombination centers is crucial for further optimizations of Sn-based perovskite (e.g., FASnl3)
devices. Experimental reports®® have indicated that adding excess Sn halides, such as Snl, or
SnF,, namely a Sn-rich growth condition, can reduce the density of deep-trap states and the
recombination rate to a certain extent, and thus improve the Vo and PCE of FASnIz-based
solar cells, though such a strategy cannot completely remedy the problem. Due to this
dependence, it has been proposed that the observed nonradiative recombination is closely
associated with the emergence of high-density intrinsic Sn vacancies (Vs,,)*"*'"* as a result of
the facile oxidation of Sn?* into Sn**1"2, However, a first-principles investigation reveals that
Vs, acts as a shallow defect in FASnIs'"3. Thus far the microscopic origin of the detrimental
deep-level defects in FASnIs remains mysterious.

In addition to the intrinsic defects, hydrogen defects can be a candidate. As found in many
traditional semiconductors!#®174 experimental'”>1"" and theoreticall®150178-181 stydies have
reported the existence of interstitial hydrogen species in the lattice of the hybrid lead halide

perovskites, especially under moisture conditions. In particular, Seok et al.'® proposed that the
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long-term instability of the perovskite-based devices can be partially attributed to the
accumulation of hydrogen owing to its electrical activity and high mobility. Here, based on
first-principles hybrid functional calculations, we found that, in FASnls, hydrogen prefers to
exist in a “hidden” form: hydrogen interstitials tend to be trapped within the abundant native
Sn vacancies and thus form Vs,, — H, complexes. Significantly, while neither Vs, nor H, are
deep-level defects in FASnI3, the strong chemical interaction within the Vs,, — H, complex
results in a deep transition level within the bandgap with a large capture coefficient of

2.1 x 1072 cm3 s~1, which can cause sizable energy loss.

4.2 Simulation Method

4.2.1 Computational Method

First-principles calculations are performed based on density functional theory (DFT) as
implemented in the Vienna Ab initio Simulation Package (VASP)!*. Projector augmented
wave (PAW) pseudopotentials®*® were employed. We studied FASnls in a cubic (Pm3m)

crystal structure!®. A plane-wave energy cutoff of 400 eV and a Monkhors—Pack sampling of

2 X 2 X 2 k-points were used for the 3 x 2 x 2 supercells with 144 atoms. Tkatchenko-
Scheffler (TS) scheme® was used to describe the dispersion interactions for the hybrid
perovskite system®38, All atoms are relaxed until the forces on atoms are below 0.01 eV/A.
Heyd-Scuseria—Ernzerhof hybrid functional (a = 0.43) including the spin-orbit coupling
(HSE+SOC) was used for the defect calculations, which can reproduce the bandgap value of
1.38 eV (see Figure 4.1 for the band structures of FASnIz with HSE and HSE+SOC), compared

with the experimental results of 1.40 eV,
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Figure 4.1. The calculated band structures of FASnls with (a) HSE and (b) HSE+SOC,
achieving a bandgap of 1.69 eV and 1.38 eV, respectively.
4.2.2 Defect Formation Energy
For a defect ionized the charge state g, its formation energy, AH(Dy'), is calculated by:
AHy (D) = E(D{") — E(host) — Xn;(w; + M) + q(Ef + E(VBM) + AV) + A, (4.1)
Here, E(D{) and E(host) are the total energies of the defect-containing and defect-free
supercells, respectively; n; and q are the differences in the number of atoms and charge states
between the defect-containing and defect-free supercells, respectively. y; stands for the
absolute value of the chemical potential of defect atoms. Ay; stands for the relative value of
the chemical potential, which is related to growth conditions. Specifically, bounds can be
placed on the range of relative chemical potentials by choosing values that ensure
thermodynamic stability of FASnl; and prevent the formation of secondary common
competing phases (FAI, Snlz, Snls, and FA2Snle):
Appg + Apsn + 30 = AHp(FASnI;3)
Apipa + Duy < AHp(FAI)
Aptsn + 281 < AHp(Snly)
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20ups + Apgy + 6Ap; < AHp(FA,Snly)
E; is the Fermi energy referenced to the valence band maximum (VBM), and E(VBM)
represents the energy of the VBM of the host material. AV is used for ensuring the alignment
of the potential for the charged defect in supercells and AZ . stands for the finite-size

corr

correction term for the periodic images of the charged defects®,

4.2.3 Transition Energy Level
The transition energy level is defined as the Fermi-level position for which the formation

energies of different defect states are equal and can be given by:

£(q/q") = [AHF (D}, Er = 0) — AH; (Df,Ef = 0)] /(a' - @) (4.2)

4.2 .4 Defect Concentration Calculation

AH
The defect concentration at thermal equilibrium can be given by*%: N = Nye &r, where N,

stands for the number of available sites for defect formation in the CsPbls lattice per volume,

AH is the formation energy of defect, k is the Boltzmann constant, and T is temperature.

4.2.5 Nonradiative Capture Coefficient

The calculation of nonradiative capture coefficients is performed using the NONRAD
package'#>14%, which is based on the well-established multi-phonon emission methodology,
and includes the effects of anharmonicity by directly solving the one-dimensional Schrédinger
equation using the Fourier grid method®®. The potential energy surfaces are obtained by
interpolating the energies from first-principles calculations. The electron-phonon coupling
matrix elements for electron and hole capture are evaluated within the linear-coupling

approximation using the PAW as implemented in the VASP.

90



4.3 Results and Discussions

4.3.1 Phase Diagram and Intrinsic Defect Physics in Sn-based FASnI3 Perovskite

Figure 4.2a shows the stability phase diagram of FASnls and derivatives relative to the
chemical potentials (Au; and Aug,). The thermodynamically stable FASnI3 is represented as
the red region with respect to its elemental phases (I, Sn, and FA) and the competing secondary
phases (Snlz, Snls, FAI, and FA2Snlg). Within the red region, three representative sets of
chemical potentials, as marked as points A, B, and C, correspond to the Sn-rich/I-poor,
moderate, and Sn-poor/I-rich growth conditions, respectively. Since there have been few
reports on FASnIs grown under the Sn-poor growth conditions, we will focus on the moderate
and Sn-rich growth conditions, which stand for the pristine FASnls film and that with excess

Sn treatment in experiment, respectively.
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Figure 4.2. (a) Calculated stability phase diagram of FASnIs as a function of the chemical
potentials of Sn (ug,) and iodine (y;). The red region is the thermodynamically stable range
for the equilibrium growth of FASnIs. Points A, B, and C are three representative sets of
chemical potentials. The inset shows the crystal structure of the FASnIs perovskite. (b)
Formation energies of six dominant native defects (Vs,,, V;, Vga, FA;, Is,, and I;) in FASnlz as
a function of the Fermi level under the Sn-rich and moderate conditions, corresponding to the
chemical potentials of points A and B in (a), respectively. Black and blue lines represent the
donor and acceptor defects, respectively. The vertical dashed lines represent the location at
which the Fermi level is pinned, based on the condition of charge neutrality between the lowest-
energy defects.

173 under the moderate

Figure 4.2b shows the formation energies of six dominant native defects
and Sn-rich growth conditions by using the HSE+SOC+TS scheme, and those under the Sn-
poor conditions are shown in Figure 4.3'% for comparison. They are three types of vacancies
(Vsn, Vi, Veya), two interstitials (FA;, I;), and one antisite defect (Ig,,, namely Sn substituted by
), respectively. Our results are qualitatively similar to prior semi-local generalized gradient
approximation studies'’® except that the transition energy level of I, is located at 0.06 eV
above the valence band maximum (VBM) in the current study. Consistent with the
experimental reports'®®, V., emerges as the major defect in FASnlz with extremely low
formation energy and serves as a robust shallow acceptor. Particularly, under the moderate
conditions, the formation energy of Vg,, is much lower than that of the lowest-energy donor Vi,
with the Fermi level (Er) being pinned at VBM+ 0.18 eV, accounting for the high background-
hole concentration (i.e. the self-p-doping effect) observed for the pristine film*%%1%, Under the
Sn-rich conditions, FASnIs will be an intrinsic (low-conductivity) semiconductor as V; can
compensate for Vs, and the Er is thus pinned at the middle of the bandgap (VBM+0.78 eV).
In contrast to the deep-level property in MAPbIs®, 1; behaves as a shallow defect in FASNIs,
as reported in MASNI3'® due to the higher band edge energies of hybrid Sn perovskite
compared with the Pb-based counterparts*®®8. Other low-energy intrinsic defects do not
create a transition energy level in the bandgap either. These dominant native defects thus are

not responsible for the observed nonradiative recombination of the FASnIs-based devices.
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Figure 4.3. Formation energies of six dominant native defects (Vs,,, V;, Vra, FA;, Is,,, and I;)
in FASNI3 as a function of the Fermi level under the Sn-poor conditions, corresponding to the
chemical potentials of point C in Figure 4.2a.

4.3.2 Hydrogen and Related Impurities in FASnls

We then investigated an important, but hitherto overlooked type of defect, hydrogen. To
analyze its stability in FASnl3, we systematically studied various hydrogen-related defects and
complexes, including isolated atomic and molecular H, and their interaction with different
native defects. For hydrogen incorporated into the vacancies, they can form either substitutions
or vacancy-hydrogen defect complexes, depending on the optimized atomic configurations (for
example, V; — H complex of the off-center position in Figure 4.4a'® and substitutional (H,),
of the in-center position in Figure 4.4b'). The formation energies of various low-energy
forms are presented in Figure 4.5a, and the other higher-energy complexes are shown in
Figure. 4.6, In FASnI3, atomic hydrogen H; tends to be ionized into the positively charged
state, i.e., proton H;, in the whole range of Er. In contrast, the molecular form of hydrogen
interstitial H, behaves as an electrically inactive defect, as reported in many traditional
semiconductors'’. Under the Sn-rich growth conditions, where the E is pinned at 0.78 eV
above the VBM as mentioned above, the formation energy of H, are lower than that of H;',

and thus H, molecule is expected to be formed via the recombination of protons as reported in

188 o e g + _ 096ev -
ZnO**°. The calculated binding energy is: H;” + H;” + 2e” —— H,, where e~ is the

93



electron with the energy of Eg = 0.78 eV. For comparison, under the Sn-moderate conditions,
the material exhibits a strong p-type character with a high hole concentration, and H;* has lower

formation energy than H,. That is, under such a hole-rich condition, H, tends to disassociate

—-0.42 eV
into H;". The binding energy of the process is H, — 2e~ = 2H;" with the energy of the

electron e™ at Ef = 0.18 eV.

a Complex b  Substitution

Figure 4.4. Local atomic structures of (a) the (V; — H) complex and (b) substitutional (H,);,
where H; prefers to reside towards a nearby I atom of the V; leading to a sizable deviation from
the vacancy center, and (H,); is located at the center of V/;.
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Figure 4.5. (a) Formation energies as a function of the Fermi level for hydrogen in the
interstitial atomic hydrogen H;, interstitial molecular hydrogen (H,);, and Sn vacancy-
hydrogen complexes Vs, — H and Vs, — H,, under the Sn-rich and Sn-moderate synthesis
conditions in FASnIs. The chemical potential of H is set at half of the total energy of an isolated
H, molecule, namely the H-rich conditions, as a reference. The vertical dashed lines are the
pinned Fermi levels by native low-energy defects as shown in Figure 1b. (b) Calculated
formation energy of the deep-level Vs, — H, complex as a function of the relative hydrogen
chemical potential in various potential H sources, under the two representative Sn conditions.
The corresponding defect densities (Nq) at room temperature are denoted. (c) Local atomic
structures of the (Vs, — H,)? complexes in FASnl; perovskite lattice. (d) Calculated
isosurfaces of the charge density differences for a (Vs, — H,)° complex, where electrons are
relocated from the yellow to the blue regions. The isosurfaces are taken at 0.01 |e|/A3. The
notations of atoms are as those in Figure 1 and the hydrogen interstitials are highlighted in red.

Further, we found another dominant form of hydrogen: these isolated hydrogen interstitials can
interact strongly with the abundant native Sn vacancies, resulting in defect complexes made of
the hydrogen species trapped into Vs,,, namely, Vs, — H and Vs,, — H,, as shown in Figure
4.5a. In the case of hydrogen interacting with other native vacancies, V; and Vg4, the related
substitutions and complexes exhibit considerably higher formation energies (> 1.5 eV)

regardless of the growth conditions, as shown in Figure 4.4, They are thus expected to play

an insignificant role in FASNIs.
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Figure 4.6. Formation energies of FA vacancy-hydrogen and | vacancy-hydrogen related
defects under the Sn-rich and Sn-moderate growth conditions as a function of the Fermi level.
The H-rich conditions are adopted as a reference.

The negatively charged state (-1) of Vs,, — H complex is a shallow acceptor with a transition
level £(0/—1) at VBM+0.06 eV. Significantly, regardless of the growth conditions, the Vg, —
H, complex is energetically more favorable compared with Vg, — H and gives rise to a deep
charge-state transition level in the bandgap located at VBM+0.30 eV, which is similar to the
experimentally measured energetic depth (~0.25 eV) of the trap states by the thermally
stimulated current (TSC) studies®®®. In particular, under the moderate growth conditions, the
formation energy of Vs, — H, is ~ 0.76 eV lower than that of Vg, — H, suggesting that
(Vs — H)™ tends to capture an additional H;" to form Vg,, — H,. Indeed, the calculated binding
energy of (Vs,, — H,)? with respect to (Vs,, — H)™ and H;', is 1.36 eV. Vs, — H serves as a

metastable species. Under Sn-rich growth conditions, favoring H, as the dominant hydrogen

interstitial, Vs,, — H, is expected to be formed via the direct trapping of H, into Vs, and the

—-0.45eV
related binding energy is V& + H, — e~ —— (Vs,, — H,) ™. Furthermore, we investigated

the possibility of additional atomic or molecular hydrogen incorporation into a Vs, — H, and

confirmed their formation is energetically unfavored in FASnIs (see Table 4.1). Therefore, in
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equilibrium, the Vs, — H, complexes are the dominant forms of hydrogen in FASnIs in

addition to the traditionally believed isolated hydrogen interstitials of H; and H,.

Table 4.1. Change of the total energy AE (eV) for trapping the additional hydrogen species
(H; and H,) by the defect (Vs,, — H,) complexes from the interstitial sites that are far from

the complex center. AE = Emultiple—hydrogen complex — E[(VSH—H2)+H1/(H2)]

Complex AE (eV)
additional H; additional H,
(Vsp, — Hy)° 1.18 1.43
(Ve — Hy) ™1 0.87 1.41

To reveal the practical H environment during the growth and post-processing of the perovskites,
we computed the formation energies of Vs, — H,, as a function of the relative H chemical
potentials in various potential hydrogen sources, under the two representative Sn growth
conditions, as shown in Figure 4.5b. The defect densities at different formation energies were
calculated based on the thermal equilibrium equation. In addition to H, gas doping, the
dehydrogenation of the organic hole-transporting materials (such as spiro-OMeTAD and
P3HT), the widely used solvents (such as DMF, acetone, ethanol), and even the additives of
HI and HBr, can serve as the potential source of unintentional H contamination. Note that,
under the same H conditions, the density of deep-level Vs, — H, under the Sn-rich growth
conditions is lower than that under the moderate conditions, which is consistent with the
general experimental observation of reduced deep-state density and nonradiative
recombination rate in the FASnl; layers after excess Sn treatment!®®1%, Moreover, regardless
of the Sn growth conditions, the density of Vs,, — H, can be up to > 10*°cm™2 even under the

H-rich conditions at room temperature.
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4.3.3 Hydrogen-Vacancy Complex-Induced Nonradiative Energy Loss in Sn-based FASnIs
Perovskite

Notably, neither native Vg, nor H, are deep-level defects in FASnIs, while their combined
defect complexes exhibit deep-level characteristics. In Vg, the incorporated molecular H,
resides between two | atoms with longer molecular bond lengths of 0.98 A for (Vs,, — H,)°
and 0.91 A for (Vs,, — H,)~, respectively, as compared to 0.77 A for the interstitial sites and
0.75 A for the free H,, respectively, resulting in a structural distortion of the lattice (Figure
4.5¢). This indicates the strong chemical interactions between each H and its nearby | atoms.
We further studied the charge density difference during the formation of Vs, — H, in FASnls.
The charge originally located on the hydrogen species is redistributed to the nearest | atoms of
the Vs, (Figure 4.5d), confirming the strong chemical interactions between the trapped H, and

Vsn - giving rise to a deep transition level in the bandgap.
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Figure 4.7. (a) Configuration coordinate diagrams for the (0/—) charge-state transition of the
Ven — H, complex. The generalized coordinate (Q) of each configuration is defined by its
difference from the reference’®®: Q = /¥, my(Ry — Rr4)? , Where m, and R, are the mass
and the Cartesian coordinate of atom a; subscript f stands for the final state of the charge
transition. (b) Nonradiative capture coefficient of the Vs, — H, complex as a function of
temperature in FASnIz. (c) The calculated and experimental PCE losses: the left-Y axis stands
for the calculated nonradiative-induced PCE loss (An,,) by the Vs, — H, complexes as a
function of the complex density at room temperature. The right-Y axis stands for the
experimentally practical solar cell PCE losses relative to the S-Q efficiency limit of FASnIs
(i.., Aneyp= 33.09% — the reported PCE values). The measured deep-level trap densities and
PCE values of « are taken from Ref.1%4, g from Ref.18 y from Ref.2%, § from Ref.1®’, & from
Ref.?*% and 6 from Ref .66,

To quantitatively and explicitly assess the effects of deep-level Vs, — H, complexes on the
nonradiative electron-hole recombination, we further calculated its carrier capture coefficient

by following the established multi-phonon emission methodology'#>143, We first performed the
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semi-classical analysis and studied the configuration coordinate diagram (CCD) for the
charged-state transition, which maps the potential energy surface (PES) of (Vs,, — H,)? and
(Vsn, — H,)™ as a function of a generalized coordinate (Q), as shown in Figure 4.7a. The CCD
study not only provides a convenient illustration of a complete cycle of nonradiative capture
but also derives important input parameters for further nonradiative coefficient calculations*,
As shown in Figure 4.7a, starting from the neutral-state (Vs,, — H,)° with a free electron (e™)
at the CBM and a hole (h*) at the VBM (depicted by the blue curve), (Vs, — H,)° captures an
electron and transits to negative-charged (Vs, — H,)~ complex (depicted by the green curve).
Subsequently, the negative-charged (Vs, — H,)™ captures a hole and relaxes back to neutral
(Vsen — H3)? (depicted by the red curve). Semi-classically, these processes are required to
overcome kinetic barriers, that is, the energy required to cross the intersection of the PES
between the initial and final charge states in the configuration coordinate diagram, which thus
determines the capture rates. Our calculations show that electron capture by (Vs, — H,)? is
required to overcome an energy barrier (AE,) of ~0.26 eV. In comparison, the PES intersection
of the hole capture process goes through the minimum of the PES of the initial state (the bottom
of the green curve). Correspondingly, the hole capture barrier (AE}) for (Vs,, — H,)™ is very
small (~0.06 eV), indicative of a significantly faster hole capture process.

We then calculated the nonradiative capture coefficient according to the strength of the
electron—phonon coupling and the vibronic overlap between potential energy surfaces!#2,
Figure 4.7b shows the calculated electron capture coefficient (C.), hole capture coefficient
(Ch), and the nonradiative recombination coefficient (C,,) as the function of temperature. As
expected, (Vs,, — H,)? exhibits slower electron capture due to the relatively small capture
coefficient, C, = 2.1 x 1072 cm® s~! at room temperature; hole capture by (Vs,, — Hy)™ is
much faster with a coefficient (Cy,) of 1.4 x 10~¢ cm3 s™1 at room temperature. Based on the

balance between electron and hole captures under steady-state conditions, the nonradiative
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CeCh
Ce+Cp

coefficient is C,,. = . At room temperature, the C,, value of the deep-level Vs, — H,

complex is 2.1 x 1072 cm® s™1, compared with that of I; in MAPbIs (7 x 107° cm® s~1)%,
which has been shown to be a dominant nonradiative recombination center to affect the
MAPbIs-based device performance. The nonradiative recombination rate constant A hence can
be determined by both the defect density (N) and the capture coefficient per defect (Ctot),
yielding: A = NxCrot, Which stands for the number of nonradiative recombination events unit

time, namely, the reciprocal of nonradiative lifetime t,,,..

4.3.4 Implication for Device Performance
To further understand the impact of the nonradiative recombination on the device performance,
we calculated the resultant PCE loss (An,,) based on the detailed balance limit, which is

commonly known as the S-Q limit'?°, For an ideal solar cell under steady-state conditions, the

photocurrent can be expressed as J(V) = Jp — Jraa (V) , Where Jp = q [ 2 ,fz

E 3,2
g h3c e(

dE is

K Tsun) -1

the current density that is generated by the incident light, and J,.,q(V) =

1) 2 . .. . . . .
fE %(,:TdE is the radiative recombination current density. V stands for the applied
9 RT
e cell’ —1

voltage and is equal to the splitting of the Fermi levels qV = E} — EX. q, h, K, and c are the

elementary charge, Planck’s constant, Boltzmann constant, and speed of light, respectively.

The electrical output power density of the solar cell is given by P,,,. (V) = J(V) X V, and hence,

the light to electricity PCE in the case of the radiative limit can be calculated by n =

MAX (Pout(V)) _ MAX((V)XV)
Pin - Pin

, Where the input sun power density can be given by P, =

© 3 . .
hz;; fo EEdE . For FASnI3 with a bandgap of E; = 1.38 eV, under the standard air mass

e & Tsun) -1
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1.5G spectrum, the PCE of the solar cell can reach a maximum value (S-Q efficiency limit) of
n~33.09% at room temperature, which agrees with that reported in Ref.1%,
In the presence of the nonradiative recombination from the Vs,, — H, complexes, the steady-

state J (V) characteristic of the solar cell will be described by: J(V") = Jp — Jraa (V") — Jn (V1),

qv’
where the new term of J,.,.(V') = qunie(ZKTceu)describes the current density loss due to the

nonradiative recombination. For the thickness (d) and intrinsic carrier density (n;) of the
perovskite active layer, we adopted the representative values of d~300nm and
n;~107cm™3%%8, respectively. Notably, the Auger recombination can have a negligible impact
on the perovskite solar cells due to a relatively low carrier density'®, and thus the nonradiative
loss is dominated by the defect-induced process with the nonradiative recombination rate
constant being the aforementioned A = NCr¢. Similarly, with the electrical output power

density of the solar cell of P, (V') =J(V") x V', the nonradiative-induced PCE loss by the

r MAX(Pout(V))—MAX(Pout(V,))
Pin .

Vs, — H, complexes can be obtained with An,,,, = n —n

Figure 4.7c shows the calculated An,, due to the Vs, — H, complexes as a function of the
defect density at room temperature. As expected, a higher Vg,, — H, density causes higher PCE
loss An,,,., for a certain thickness of FASnlz (300 nm used in the current calculation). Our
calculated nonradiative efficiency loss induced by Vs,, — H, complexes can be up to ~11% at
room temperature at the representative defect density of ~10® cm™3. Such a density is
possible as mentioned above. A higher defect density can even result in a larger PCE loss
especially for the pristine FASnI3 layers mostly under the moderate growth conditions (with
negative formation energies of Vs, — H, occurring under the H-rich conditions as shown in
Figure 4.5b). To reduce the PCE loss to a negligible level, we need to suppress the deep-level

defects to ~101° cm™3, under which the resultant Az, would be less than 1%.
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To correlate our calculated results with experiments, we collected representative experimental
PCE and trap density values from literature!®6:167.189.189.191 “anq calculated PCE losses by
comparing experimental PCE values with the S-Q limit (An,,,= 33.09% — the reported PCE
values), and plotted them as dots in Figure 4.7c. The experimentally observed deep-level
defect densities in the FASnl; active layers vary from 107 cm™3 to 10%?* cm™3, and
significantly, these devices have low PCE with A7,,,, > 20%. The discrepancy between An,,,.
and An,,, originates from their different scopes: the former is the PCE loss solely induced by
nonradiative recombination via Vs, — H,, while the latter is the PCE loss due to all the sources
including the bulk, surface, and grain boundary recombination®4%%3 and other types of energy
losses (e.g., the device polarization due to ionic accumulation®®, and the energy level
mismatch®®). In particular, surface and grain boundaries are often significant as they provide
the avenue for the segregation of some defects, which may behave differently compared to
those in the bulk!4%:1931% Although there could be other detrimental recombination centers in
FASNI3, Vs, — H, with its induced energy loss offers an explanation for the experimental
observation of Sn-conditions dependence of the recombination rate. Furthermore, it was
noticeable that the trends of the PCE enhancement via defect passivation reported in Ref.%4
(denoted as a in the figure) and Ref.1®® (denoted as @ in the figure) are in agreement with the
trend of the An,, reduction predicted in Figure 4.7c. These results indicate that Vs, — H,
complex stands out as a significant nonradiative recombination center in FASnIz-based
perovskite solar cells.

The above-analyzed findings offer valuable information for improving the performance of
FASnNIs-based solar cells and other related optoelectronic devices. That is, it would be
significant to mitigate the nonradiative recombination rate by reducing the density of Vs,, — H,.
The formation of such a defect is sensitive to the quantity of Sn and H during the growth and

post-processing. This explains the experimental observation of different nonradiative
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recombination rates (the range of 107 ~10° s~1) for the FASnI; active layers even that were
synthesized with the same Snl/FAl ratio in the precursors?164168.18° Therefore, to effectively
suppress the nonradiative recombination induced by Vs, — H,, in addition to the commonly
used Sn-rich strategy, minimizing unintentional H contamination would be also a critical step,
such as building an effective H-blocking layer between the organic transporting materials and

the perovskite active layers as well as avoiding the H-rich solvents and additives.

4.4 Conclusion

In summary, our first-principles calculations unveil a significant nonradiative recombination
center in FASnIz and the related solar cells. The general and abundant native Sn vacancies can
effectively trap hydrogen and form Vs, — H, complexes. The resultant Vg,, — H, complexes
behave as effective nonradiative recombination centers in FASnlz and induce significant
energy loss. Therefore, the combined Sn-rich and H-poor growth conditions are proposed to be
critical for further enhancing the related-device performance. This work identifies an important
microscopic origin of the nonradiative recombination losses in the Sn-based halide perovskite
materials and provides valuable information for future developments of the nontoxic Sn-based

perovskite solar cells and other broad device applications.
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Chapter 5 Origin of Enhanced Nonradiative Carrier Recombination Induced by

Oxygen in Hybrid Sn Perovskite

5.1 Introduction

Hybrid perovskites have recently attracted intense interest in optoelectronics due to their
outstanding photophysical properties and low processing cost. The power conversion
efficiencies (PCE) of perovskite solar cells have skyrocketed up to over 25% within a
decade!3!15, surpassing that of the present photovoltaic market leader polycrystalline silicon.
However, there are still challenges facing the successful commercialization of perovskite solar
cells.

One critical negative aspect is the high vulnerability to the ambient air, particularly for Sn-
based halide perovskites, which alleviate the health and environmental hazards raised by the
Pb-based counterparts and deliver superior semiconductor properties such as the nearly-ideal
bandgaps and higher absorption coefficients!®. The performance of solar cells without
encapsulation deteriorates rapidly in the air with the carrier lifetime being significantly reduced
to that far below practical requirements'®. Experimental reports indicate that atmospheric
oxygen plays an important role in degrading the Sn-based perovskite active layers and
substantially enhances the nonradiative charge recombination®”2%, which is the main cause
of energy loss in perovskite photovoltaics®>%°. Therefore, numerous efforts have been devoted
to preventing oxygen diffusion into the Sn-based perovskite devices, such as via

202 and antioxidant additives®.

encapsulation®®?, the introduction of the larger organic cations
However, these approaches fall short of fully addressing the issue due to uncontrollable oxygen
leakage during fabrication and operation'®®. Indeed, Sn-based perovskite devices are typically

required to be processed under extremely low oxygen concentration conditions (less than 0.1

ppm)?%, which significantly restricts scalable and industrial production. To date, the atomic-
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scale mechanism underlying oxygen (air) exposure accelerating nonradiative carrier
recombination in Sn-based perovskites remains poorly understood, and a full elucidation is key
to developing accurate remedial strategies as well as the further design of efficient Sn-based
perovskite solar cells and other broad device applications under ambient air operation.

In this study, by performing accurate first-principles hybrid density functional calculations, we
report that in the prototypical Sn-based perovskite MASnIz (MA=CHsNH3), though oxygen
can be readily incorporated into the lattice, it cannot cause nonradiative recombination by itself.
Instead, oxygen atoms tend to be trapped into the native | vacancies (V;) and form substitutional
0Oy as the dominant defect species. V; acts as a dominant nonradiative recombination center, of
which the capture of electrons is the rate-limiting step in MASnIs. Our results show that the
formation of Oy significantly accelerates the electron capture process and thus increases the
overall nonradiative recombination rate further by two to three orders of magnitude. These
results rationalize the observed sharp decline of carrier lifetime in perovskite active layers
exposed to oxygen (air). In addition, contrary to the conventional notion that the carrier capture
rate often declines exponentially with the transition energy, the results show that the formation
of Oy actually leads to enhanced electron transition energy. Notably, the formation of O
strengthens the lattice and reduces the structural relaxation upon electron capture, which plays
an important role in decreasing the electron capture barrier, responsible for a substantially

enhanced nonradiative recombination rate.

5.2 Simulation Method

5.2.1 Computational Method
The first-principles calculations in this work are performed based on density functional theory
as implemented in the Vienna ab initio simulation package (VASP)!4. The Heyd-Scuseria-

Ernzerhof (HSE06) hybrid functional'!? including spin-orbit coupling (SOC) was employed
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with a kinetic energy cutoff of 400 eV. The Tkatchenko-Scheffler (TS) scheme®*” was adopted
to describe the VVan der Waals interactions and all the structures were fully relaxed until the
forces on atoms are less than 0.01 eV/A. The HSE mixing parameter was set to 0.43, yielding
a bandgap of 1.19 eV for a-MASnIs, consistent with the experiment of 1.20 eV2%, The cell
parameter is fixed to the experimental value of 6.23 A?*. For the defect calculations, a

Monkhorst-Pack sampling of 2 x 2 x 2 k-points was employed for the 2 x 2 x 2 supercells

with 96 atoms. The convergence test was further performed using a larger 3 x 3 x 2 216-atom
supercell of MASnhIs. For the relevant Vi~ and O; defects, the calculated formation energy

differences between the 96-atom and 216-atom supercells are less than 0.08 eV.

5.2.2 Oxygen Impurity Formation Energy

The formation energy of a defect (D) with charge state (q) is calculated by the equation below?4°:
AHT (D) = E(D{) — E(host) — Zn; (W + Aw) + q(Ep + E(VBM) + AV) + A, (5.1)
where E(D{') and E (host) are ground-state total energies of the supercells with and without
defects, respectively. n; stands for the number of atoms added (removed) into the supercell to
generate the defect. y; and Ay; are absolute and relative values of the chemical potential. The
host chemical potentials were chosen according to the typical moderate growth condition, as
shown in Figure 5.1. For the chemical potential of oxygen, we used half of the total energy of
an isolated O,, as a reference. We also considered that in other relevant oxygen compounds,
namely SnOz, SnO, ZnO, TiOz, as well as CO, and COz. Ef is the Fermi energy measured from
the valance band maximum of the pristine system E(VBM). The correction term AV is used
for ensuring the alignment of the potential for the charged defect in supercells and AZ ... stands

for the finite-size correction term for the periodic images of the charged defects!®4,
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Figure 5.1. For the relative chemical potentials At of host atoms (MA, Sn, 1) in MASNI3, they
should be satisfied:
AI"lMA + AUSn + SAU.I = AHf(MASHI3)

To avoid the formation of the possible competing secondary compounds, including MAI, Snl,,
and Snl,, and the pure elemental phases, there should be:

Ausn + ZALI.I < AHf(SIlIZ)

Apg, + 4Ap; < AHg(Snly)

Apga < 0; Apg, < 0; Apg, <0

where the MASNI3 will be thermodynamically stable instead of its secondary phases or element
phases of components. With all these conditions, the relative chemical potentials Al are
restricted in red area. In this study, we chose the typical I-moderate growth conditions for
further evaluating the native defect formation energies.

5.2.3 Impurity Density

With the formation energy of AH”, the defect density at thermal equilibrium can be calculated

AHS
by'4%: N = Nye &7, where N, stands for the number of available sites for defect formation per

volume, and K the Boltzmann constant. Temperature (T) was set to room temperature.
With the defect density N, the nonradiative recombination rate constant A, namely the
Shockley-Read-Hall (SRH) rate constant can thus be determined through A = N x C,.'*,

where C,,, stands for the nonradiative capture coefficient of the related defects.

5.2.4 Transition Energy Level
The transition level is defined as the Fermi-level position for which the formation energies of

different defect charge states are equal and thus is given by*:
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£(q/q") = [aAH/ (Df, E = 0) — aH” (D', E; = 0)| /(@' — ) (52)

5.2.5 Binding Energy

The binding energy of the oxygen interstitial with the three types of native vacancies (x=I, Sn,
and MA) is calculated by: AE = E;,:(Ox) — E¢ot (Vx + 0;), where E.:(0y) and E;o: (Vx + O;)
stands for the ground-state total energies of the systems with O; residing in, and far away, from

the native vacancies, respectively.

5.2.6 Diffusion Barrier Calculation

The defect diffusion barriers were calculated by the nudged elastic band method in conjunction
with the climbing image method (CI-NEB)?%, as implemented using the VASP Transition State
Tool (VTST) that enables the determination of the minimum energy path between two
energetically stable endpoints. These calculations were performed by using the Perdew-Burke-

Ernzerhof (PBE) functional*'® and a 3 x 3 x 3 324-atom supercell of MASNI3.

5.2.7 Nonradiative Capture Coefficient

The nonradiative carrier capture coefficients were calculated using the established multiphonon
emission methodology in conjunction with an extension to include the effect of lattice
anharmonicity by solving the one-dimensional Schrodinger equation for the anharmonic
potential energy surfaces!*>*3, The potential energy surfaces along the configuration
coordinate are obtained by interpolating the energies from first-principles calculations. The
electron—phonon coupling matrix elements for electron and hole capture are evaluated within
the linear-coupling approximation based on the PAW results by VASP processed with the
NONRAD package'#2143, The current study is focused on the defect-induced recombination

processes. We note that the nonperturbative carrier recombination dynamics (e.g., phonon-
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assisted nonradiative recombination across the pristine CBM—VBM energy gap) may also play

an important role in halide perovskites?%6-297,

5.3 Results and Discussions

5.3.1 Atomic and Molecular Oxygen Interstitials in Sn-based Perovskite

To evaluate the impact of oxygen (O) on nonradiative recombination in Sn-based perovskites,
we first analyzed the thermodynamic stability of O within the lattice of the prototypical hybrid
Sn perovskite MASNnIz (MA= CH3NHz3). Figure 5.2a shows the calculated formation energies
of atomic oxygen (0;) and molecular oxygen (0,) in the interstice of MASnI3, as a function of
the Fermi level within the bandgap. Both O; and O, exhibit relatively low formation energies,
especially for the negative values of the Fermi level in the proximity of the conduction band
minimum (CBM). This indicates that oxygen impurities can be present in bulk MASnIs with a

high density, once exposed to ambient air.

0
G
-0
-0

Formation energy (eV)

03 06 09
Fermi level (eV)
Figure 5.2. (a) Formation energies of interstitial atomic and molecular oxygen in MASnI3z as a

function of the Fermi level, in which the chemical potential of oxygen refers to half of the total
energy of an isolated O,. The local atomic structures of (b) 02~ and (c) 0%~ in MASNIs.
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In MASNI3, O; tends to capture extra electrons as expected for a completely full p orbital
leading to the formation of the negatively charged 0%~ located next to the host Sn cation, as
shown in Figure 5.2b. The O-bonded Sn is displaced toward the oxygen atom from the original
position, and the nearby | atoms are repelled outward, resulting in local structural distortion,
which can be attributed to the high ionic and soft lattice characteristics of halide perovskite
materials. For O,, as shown in Figure 5.2c, each oxygen atom of the molecule tends to bind
with the neighboring Sn cations leading to the puckered Sn-1-Sn framework, which implies that
both oxygen atoms in O, are slightly negatively charged. Indeed, O, in the bulk of MASNIs has
a longer molecular bond length of 1.60 A, compared with 1.21 A for free 0,, making it more
like an oxygen dimer. According to the Shockley—Read—Hall theory of recombination®®, the
presence of a deep trap state (charge-state transition level) in the bandgap is a prerequisite for
defects that serve as nonradiative recombination centers. Previous nonadiabatic molecular
dynamics simulations show that O, can serve as a recombination center in MAPbIs?%. In
MASnI3, O, induces a deep transition level of e(—2/—3) ~0.57 eV above the valance band
maximum (VBM), whereas its formation energy is higher than that of O; over the wide range
of the Fermi level within the bandgap. This, therefore, suggests that O, can be unstable within
the lattice of MASNI3 and tends to disassociate into the isolated O; under equilibrium
conditions (also see the positive binding energies of O, with respect to two isolated O; in Table
5.1). On the other hand, O; is stable in -2 charged state throughout the Fermi level with the
transition level £(0/—2) being located at 0.21 eV below the VBM, namely a shallow acceptor,

and thus cannot act as the charge carrier recombination center.

Table 5.1. Calculated binding energy of the oxygen interstitial 02~ with the three types of
native vacancies.
Site % ' V& Viia
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Binding energy (eV) | -1.06 0.72 0.95 0.24

5.3.2 Interaction of Oxygen and Intrinsic Defects in MASNI3

It was experimentally reported that oxygen exposure leads to enhanced nonradiative charge
carrier recombination in hybrid Sn perovskites'®’~2%, significantly reducing carrier lifetime and
deteriorating the device performance. However, the present results indicate that oxygen
interstitials are not responsible for the recombination center by themselves. To understand the
role of oxygen incorporation in nonradiative recombination in Sn-based perovskites, we further
considered the potential interactions of oxygen and native vacancies that usually exhibit low
formation energies in halide perovskite materials4® and could be the preferred lattice sites for
incorporated oxygen. We thus calculated the binding energies of 0~ with three typical native
vacancies, namely, Vit (V["), V&, and Vy 4, respectively, as shown in Table 5.2. The results
imply that, besides isolated O~ ions, there exist other dominant forms of oxygen in MASnI3:
isolated oxygen interstitial 07~ can interact strongly with native V;*, resulting in the formation
of a substitutional defect made of oxygen trapped into an | vacancy, namely, Oy . In addition,
the NEB calculations show that the diffusion barriers of 07~ and V;* in the lattice of MASNI3
are 0.65 eV and 0.46 eV, respectively, indicating that these two types of charged defects are
attractive to each other due to Coulombic interaction. Thus the combination of 0Z~ and V;',
i.e., the formation of Oy, are kinetically feasible. Moreover, placing a second 02~ into vacancy
is energetically unfavorable with the calculated binding energy of 0.78 eV, which can be

attributed to anionic Coulomb repulsion.
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Figure 5.3. Calculated formation energies of six low-energy native defects in MASNIz under
typical moderate growth conditions, as a function of the Fermi level. The vertical dashed line
stands for the location at which the Fermi level is pinned, based on the condition of charge
neutrality between the lowest-energy defects.

We have studied the formation energies of six common native defects in MASnhI; (see Figure
5.3) and Figure 5.4 shows the formation energies of the three energetically most favorable
native defects as well as that of O; as a function of the Fermi level in MASnNI3. These three
lowest-energy native defects are the Sn vacancy (Vs,), | vacancy (V;) and | interstitial (I;)186-20°,
Vs, is the lowest-energy native defect in MASNI3 and stands as a robust shallow acceptor.
Previous static DFT calculations®127132149 and nonadiabatic molecular dynamics (NAMD)
calculations?!%2!! show that I; is a highly efficient nonradiative recombination center in Pb-
based perovskites even under thermal conditions; nevertheless, in the case of MASNI3, I; only
exhibits the negatively charged state (-1), that is, a shallow acceptor. Notably for Vj, the neutral-
state V is energetically less favorable than either the positively charged Vit and negatively
charged Vi~ over the entire Fermi-level range, resulting in a deep transition energy level of
£(+/-) being 0.22 eV below the CBM (the intersection of the formation energies of V;* and

Vi), which is characteristic of a so-called negative-U behavior. The results show that V; and

0y are two deep-level defects in MASNIs.
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Figure 5.4. Calculated formation energies of three lowest-energy native defects (Vg,, Vi, and
I;) and O; of the dominant form of oxygen in MASnIz under typical moderate growth
conditions. The chemical potential of oxygen in based on the half of the total energy of an
isolated O,. The vertical dashed line stands for the location at which the Fermi level is pinned,
based on the condition of charge neutrality between the lowest-energy defects.

For the negative-U center Vi, (4/—) is expected not to govern the nonradiative recombination
process even though it is deep in the bandgap, since a defect does not capture simultaneously
two electrons or holes. Effective carrier recombination typically involves single-charge-state
transitions, namely, €(4+/0) and £(0/—). As shown in Figure 5.5a, for Vi, e(+/0) is ashallow
level located within the conduction band, and £(0/—) is a deep level being 0.71 eV above the
VBM, hence is arelevant transition level for nonradiative recombination. Notably, after oxygen
incorporation leading to the formation of Oy, it still possesses the deep-level characteristic and
the £(0/—) level moves closer to the VBM (0.46 eV above the VBM). Furthermore, we
calculated the formation energies of O; using the oxygen chemical potential of other relevant
oxygen compounds, as shown in Figure 5.6. These oxygen compounds are namely SnO, SnO2,
ZnO, and TiO2, which are the commonly used electron transporting materials in perovskite
solar cells?*2, as well as CO and CO.. The results indicate that in addition to oxygen gas, CO

and COz in the air can also be the potential oxygen sources leading to oxygen incorporation

and the formation of the deep-level O; in the MASNI; active layers.
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Figure 5.5. (a) Thermodynamic ionization levels of V; and O; in MASnI3 calculated with the
HSE-SOC-TS scheme. Local atomic structures of (b) V; and (c) Oy in the two relevant charge
states (0 and —), where the arrows and labels stand for the relevant carrier capture processes.
Configuration coordinate diagrams for the charge-state transitions of (d) V> & Vi and (e)
09 & 07 in MASNI; as a function of a generalized configuration coordinate (Q).

To explicitly assess the effect of deep-level V; and O; in nonradiative recombination, we
studied the related carrier capture processes by following the established multiphonon emission
methodology'#>!43, Figures 5.5b and 5.5¢ show the local atomic structures of V; and Oy in the
two related charged states, namely 0 and —, respectively. For the neutral V (Figure 5.5b), the
removal of the I atom results in a slight lattice contraction with the distance between two nearby
Sn being 5.83 A, compared with 6.22 A for the perfect system. By capturing an electron (C,,),
VP transforms into Vi~ with two nearby Sn moving closer to the vacancy site leading to the

formation of an Sn dimer, which is known as a DX center, as reported in MAPbI3121%,

Subsequently, the negatively charged Vi~ can capture a hole (C,) and relax back to the neutral
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VL. Similarly, the transition of 0Y < 07 involves two carrier capture processes (electron
capture C, and hole capture Cp), as shown in Figure 5.5¢. O occupies the center of | vacancy

in both charge states and reduces the neighboring Sn-Sn distances, especially in the case of O; .
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Figure 5.6. Formation energies of O; using different chemical potentials of O in MASNI3, as a
function of the Fermi level.

5.3.3 Reduced Carrier Lifetime Induced by Oxygen Impurity and its Implication for
Photovoltaic Applications

We further calculated the configuration coordinate diagrams (CCD) for the transitions of V
Vi and 0Y < 07, as shown in Figures 5.5d and 5.5e, which not only provides an intuitive
illustration of a complete cycle of nonradiative carrier capture, but also derives the important
input parameters for further nonradiative coefficient calculations!*®, The CCD maps the
potential energy surfaces (PESs) of the related charge-state transitions as a function of a
generalized coordinate (Q), which reflects the geometric differences with respect to a reference
configuration. Semiclassically, each carrier capture process requires overcoming Kkinetic
barriers, which is the energy required to cross the intersection of the PESs between the initial

and final charge states in the CCD and hence determines the capture rates.
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As shown in Figure 5.5d, for a V{ with an electron at the CBM and a hole at the VBM (blue
line), the energy barrier for electron captured by VP (the intersection between the blue and
green lines) is markedly larger (AE,~0.31 eV) than that of the hole capture process by V|~ (the
intersection between the green line and red line, AE,~0.08 V), indicative of faster hole
capture. On the other hand, the slower electron capture process can be the rate-limiting step in
the overall nonradiative cycle. In the case of the carrier recombination process in Oy (Figure
5.5e), the hole capture process exhibits a similar kinetic barrier (AE,~0.05 eV) as that for V;,
while the electron capture barrier is almost zero, since the PES of O; (green line) almost goes

through the minimum of the PES of 0? (blue line).
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Figure 5.7. Nonradiative electron (red solid line) and hole (green solid line) capture, and
recombination (black dashed line) coefficients of (a) V; and (b) O; in MASNI;3 as a function of
temperature.

We then quantitively calculated the nonradiative carrier capture coefficients based on the
strength of the electron-phonon coupling and the vibronic overlap between PESs. As shown in
Figure 5.7a, consistent with the semiclassical CCD analysis, for Vi, the hole capture coefficient
(Cp) is significantly higher than that for the electron (C,) (around three orders of magnitude
difference at room temperature). Additionally, the electron capture coefficient (C,) exhibits a

much faster enhancement trend with temperature (T) compared with C,, which can be

p!
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attributed to the higher electron capture barrier. The carrier capture is a thermally activated
process and therefore higher kinetic energy generally results in a stronger positive temperature
dependence.

Based on the balance between electron and hole captures under steady-state conditions'#’, the

.- . . . - . CpC
nonradiative carrier recombination coefficient C,,. can be given by C,, = ﬁ At room
n*tp

temperature (i.e. 300 K), the nonradiative carrier recombination coefficient of V; in MASnI3 is
6.2 x 107° cm® s~1, which is similar to that of I; in MAPDbI3 (Cp.~7 X 107° cm3 s™1)5 that
has been demonstrated to be the dominant nonradiative recombination center impacting the
MAPbIs-based device performance. This indicates that V; is likely the dominant native
nonradiative recombination center in MASNIs.

In the case of Oy, as shown in Figure 5.7b, the hole capture coefficient is comparable to that
of V;, consistent with the similar Kinetic barriers predicted in the CCD. In contrast, the electron
capture process exhibits a much higher capture coefficient with the C, being up to
2.8x107°cm3s™! at room temperature. Correspondingly, the nonradiative carrier
recombination coefficient of O; is up to C,, = 2.2 X 107° cm?3 s~ at room temperature.

The nonradiative recombination rate constant A, also known as the Shockley-Read-Hall (SRH)
rate constant, hence can be obtained jointly by the defect density (N) and the nonradiative
capture coefficient per defect (C,,), yielding A = N x C,.**’, which represents the number of
nonradiative recombination events per unit time, i.e., the reciprocal of nonradiative carrier
lifetime T,

In MASNI3, Vg, serves as the lowest-energy acceptor and V; as the lowest-energy donor even
with O being incorporated into the material; thus, the Fermi level largely is pinned by Vg,, and
Vi, at around 0.14 eV above the VBM, as depicted by the gray dashed line in Figure 5.4. This
is consistent with the experimentally observed p-type conductivity behavior in the MASnNI3

samples'®. Under this condition, V; and O, exhibit similar formation energies. According to
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the thermal equilibrium equation, the densities (N) of V; and O; are estimated to be
1.5 x 10*5 cm™2 and 0.8 x 10 cm™3 at room temperature, respectively.

Without oxygen ingression, the SRH rate constant A induced by native V; is 9.3 x 106 s~ 1,
Exposure to ambient air (oxygen) leads to the formation of O;, whose C,. = 2.2 X
107 cm3 s71, and the SRH rate constant A increases to 1.8 x 10° s~1. Such a significant
enhancement of the nonradiative recombination rate constant implies an appreciable reduction
of the carrier lifetime by around two to three orders of magnitude, which provides a rationale
for the experimental fact that oxygen exposure results in a rapid decline of carrier lifetime and
power conversion efficiency in MASnIs-based devices!®" 1%, Indeed, the SRH rate constant of
0, is close to the experimentally reported values, typically on the order of 10° s~ for MASNI3

Samp|65123'169’213.

5.3.4 Underlying Mechanism Behind Oxygen-Induced Fast Carrier Recombination

We noted that the capture of the electron serves as the rate-limiting process for the nonradiative
carrier recombination for V; and O;. With O incorporation resulting in forming Oy, the electron
capture process is significantly accelerated, which is thus responsible for a higher overall
nonradiative recombination rate. However, the calculations show that the formation of O; shifts
the position of the £(0/—) level down with a larger electron transition energy, compared with
the original V; (Figure 5.5a). This is in contrast to the traditional notion that the carrier capture
rate generally decreases exponentially with the depth of transition energy?* (the energy
difference between the transition level and the corresponding band edges; the CBM for electron
and the VBM for hole). Such a counterintuitive behavior can be attributed to two other
important effects associated with lattice strain.

First, the incorporated O in V; can form a stronger ionic Sn-O-Sn bond even than the metallic

Sn-Sn bond with Vi~ and thus reduces the softness of the lattice. The lattice strengthening
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recovers the harmonicity (parabola) of the potential energy surface of O; compared with the
case of V[ (green lines in Figures 5.5d 5.5e), which thus pushes the system into the so-called
Marcus inverted region®™? (the PESs intersect within 0 < Q < AQ ). In this case, the
enhancement of the electron transition energy actually results in a reduced capture Kinetic
barrier.

Second, the formation of O; leads to a smaller lattice relaxation associated with the charge-
state transition, as shown by a smaller AQ in the CCDs, compared with V;, which reduces the
Kinetic barrier for the electron capture process further by moving the intersection of the PESs
closer to the equilibrium configuration of O?. Indeed, the PES of O; almost goes through the
minimum of the PES of the excited 09, resulting in an extremely small electron capture barrier,
rationalizing the counterintuitive enhancement of the electron capture process.

Furthermore, in the case of hole capture, both systems are within the Marcus inverted region.
Compared with V;, Oy reduces the hole transition energy and hence contributes to the
enhancement of the capture barrier. On the other hand, the smaller lattice relaxation associated
with the transition of 0 < Oy contributes to the reduced hole capture barrier, which
comparably alleviates the effect of the reduced transition energy. Consequently, V; and O
exhibit similar hole capture barriers and coefficients. However, they are not the rate-limiting
steps for nonradiative recombination, and thus do not effectively impact the recombination rate.
The results suggest that to effectively suppress the nonradiative recombination and increase
carrier lifetime in the MASnNIz-based devices in air, in addition to developing encapsulation
technology to prevent environmental oxygen contamination, defect engineering to minimize
the density of native | vacancies would be a critical step. In principle, synthesizing the material
under I-rich conditions can inhibit the formation of V; in MASNI3 active layers. However, such
growth conditions can also increase the density of Vg, 829 which would result in severe p-

type conductivity and thus impacts photovoltaic performance. This implies that the commonly
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used growth condition manipulation falls short of addressing the issue induced by intrinsic
defects in MASNI3, in stark contrast to that of Pb-based perovskites!*°. To further improve the
performance of the related devices operating in the air, future research should focus on extrinsic
anion engineering for suppressing the formation of V; and alleviating p-type self-doping.
Indeed, experiments show clues that appropriate extrinsic anion doping, such as Br~, Cl~, as
well as the pseudo-halides of Ac™ (acetate) and HCOO™ (formate), can efficiently decrease the
density of deep traps and prolong the carrier lifetime in Sn-based perovskites?>2%7. v; is filled
by these anions, and the density of the detrimental Oy is effectively reduced, which is essential
to enabling improved device performance. Our results provide a rationale for such

enhancements.

5.4 Conclusion

In summary, based on first-principles hybrid DFT calculations, we have studied the mechanism
of oxygen incorporation in accelerating carrier recombination in MASnI3 and degrading the
device performance. In MASNI3, oxygen interstitials themselves are not responsible for
nonradiative recombination. Rather, they tend to form the substitutional Oy by interacting
strongly with the abundant native | vacancies (V;) that are the dominant nonradiative
recombination center in MASnI3, and significantly enhance the original recombination rate
from 9.3 x 10°s71 to 1.8 x 10° s~1. Significantly, despite an enhancement in the electron
transition energy (from 0.48 eV to 0.73 eV), the formation of O; strengthens the lattice and
reduces structural relaxation upon electron capture. These effects synergistically contribute to
a higher electron capture coefficient, thus facilitating faster nonradiative carrier recombination
in O;. Our results thus point to a way to effectively suppress nonradiative recombination loss
in MASnIs: in addition to preventing O ingression, minimizing the density of native V; would

be a critical step. These insights advance our understanding of how oxygen impacts the carrier
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dynamics and power conversion efficiency in MASnIs-based devices, assisting in the future
design and optimization of nontoxic Sn-based perovskite solar cells and other broad

optoelectronics upon oxygen (ambient air) exposure.
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Chapter 6 Toward Stabilization of Formamidinium Lead lodide Perovskites by Defect

Control and Composition Engineering

6.1 Introduction

Organic-inorganic halide perovskites have emerged as exceptional materials for next-
generation photovoltaic applications, with solar power conversion efficiencies (PCE)
exceeding 25.8%%!°, rivalling that of the well-established silicon-based solar cells. Currently,
the high-efficiency perovskite solar cells are predominantly fabricated with formamidinium
lead iodide (FAPDI3), which exhibits higher thermal stability against decomposition into the
secondary compound of Pbly, a broader absorption spectrum that extends further into the red,
and an ideal bandgap (~1.4 eV) closer to the Shockley-Queisser optimum, as compared with
the prototypical methylammonium lead iodide (MAPbI3)3"3218 The superior optoelectronic
properties of FAPDbIz originate from the high-symmetry cubic perovskite structure (black o-
phase)®. Regrettably, this phase is vulnerable and prone to transition into a photovoltaically-
inactive yellow non-perovskite d-phase with hexagonal symmetry and a wide bandgap (~2.4

eV) below a temperature of 150 °C (ref. *¢4%), especially under humid environments or with

excess photogenerated holes?!%22°, This instability is a major barrier to developing practical
perovskite solar cells. An in-depth understanding of the key mechanisms underlying the phase
instability of a-FAPDI3 and the effective remedies are vital for achieving long-term stability in
perovskite solar cells and other broadly ranged optoelectronic applications with high
performance.

Traditionally, the studies of phase transitions of halide perovskites??1?2® have been mostly
based on defect-free pristine models. The interaction between the phase transition and lattice
defects has been typically overlooked, despite prevalent defects in metal halide perovskites

especially synthesized through solution-based methods!*. Indeed, it was reported that the
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presence of defects can induce local symmetry breaking and significantly deteriorate the
mechanical stability of perovskites, facilitating lattice distortion and octahedral tilting4%:224-226,
We are thus confronted with fundamental questions: what are the roles of intrinsic defects or
unintentional impurities in impacting the a-d phase transition in FAPbIs, and more importantly,
how can the perovskite phase instability of FAPDbI3 be effectively remedied?

Efforts to stabilize the photovoltaically-active FAPbI3 lattice have led to various strategies,
including composition engineering through doping engineering®:37:3%43.77.227-232 g strain
engineering®%2% The ternary composition of halide perovskites (ABX3) provides a high
degree of flexibility for doping engineering at its three available sites. Particularly, A-X doping
for FAPbIs with MABr, MACI, CsBr, and/or CsCl has been one of the most popular strategies
for suppressing the phase transition of FAPbIs(ref. 36:43.77:227.228.230) " athough the underlying
mechanism and effectiveness trend remain elusive. B-site doping engineering, despite being
less explored due to higher binding energy?®, holds great potential as a breakthrough for
enhancing perovskite stability, given the wider variety of dopant species!®®?%, Rare-earth (RE)
elements, like lanthanide (Ln) ions, have been effective in improving the phase stability of
traditional semiconductors?® and the ambient stability of halide perovskites against thermal,
moisture, and light conditions?®®2%7 by strengthening lattice chemical bonds. This approach
could potentially stabilize a-FAPDIs, even though further validation is needed. To further
design stable and efficient photovoltaic and optoelectronic devices, a thorough and systematic
exploration on how the doping of foreign cations at three available sites, especially with
lanthanide ions at the B sites, impacts the phase transition thermodynamics and kinetics in
FAPDI; is crucial (ref. 2%),

In this study, by performing comprehensive first-principles calculations combined with
machine learning, we reveal that intrinsic defects can indeed play an important role in

aggravating the instability of a-FAPDIs. In particular, the presence of iodine defects, i.e., iodine
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vacancies and interstitials, can significantly lower the activation energy barrier of a-6 phase
transition kinetics of FAPDbIs. We also identify the detrimental influence of atmospheric
moisture and oxygen decomposition products on FAPbIs perovskite phase degradation. Our
analysis shows that A-site cation engineering can effectively alter the thermodynamic driving
force of the phase transition, while B-site doping plays a more significant role in affecting the
phase transition kinetics, giving prominence to A-B mixed doping engineering as a highly
efficient strategy for synergic improvements of stability and properties of FAPbIs perovskites.
The analysis of the optimal the octahedral factor () range for the stable FA-based perovskite
phase offers a quantitative basis for future Ln doping research to optimize halide perovskite
materials. Furthermore, we provide direct experimental evidence of significantly improved
optoelectronic properties and phase stability in Cs-Eu mixed-doped FAPDbI3 as compared to its
Cs-doped counterpart. Our study provides in-depth insights into the thermodynamics and
kinetics of a-6 phase transition in FAPbIz and establishes a basis for advanced device designs
with “on-demand” optoelectronic properties and stability through strategic defect and

composition engineering.

6.2 Simulation Method

6.2.1 Computational Method

The first-principles calculations were performed based on the density functional theory (DFT)
with the projector-augmented wave method as implemented in the Vienna Ab initio Simulation
Package (VASP)!®. The DFT-D3 scheme of Grimme was adopted for the van der Waals
correction?®, The kinetic energy cutoff of the plane-wave basis was set at 400 eV and a
Monkhorst—Pack sampling of 2 x 2 x 2 k-points was used for the 3 x 3 x 2 supercells with
216 atoms. For the exchange-correlation functional, electronic structures, defect formation

energies and transition energy levels were obtained using Heyd—Scuseria—Ernzerhof hybrid
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functional (the mixing parameter of 0.46) with the spin—orbit coupling (HSE-SOC)**3, and the
variable-cell nudged elastic band (VCNEB) calculation, Ab initio molecular dynamics (AIMD)
and Machine Learning Molecular Dynamics simulations were performed based on the
generalized gradient approximation of Perdew, Burke, and Ernzerhof (PBE)*°. All the atomic

positions were fully relaxed until the residual forces were less than 0.01 eV/A.

6.2.2 Activation Energy Barrier

The activation energy barriers (E, ), defined as the energy difference between the a-phase
FAPDI3 and the configuration at the saddle point along the a-6 phase transition pathway, were
calculated using the variable-cell nudged elastic band method (VCNEB)*°, which is an
extension of elastic band method (NEB) technique, as implemented in the Universal Structure
Predictor: Evolutionary Xtallography (USPEX) code in combination with the VASP.
Compared with the traditional NEB algorithm, the VCNEB technique allows both the atomic
positions and the supercell dimensions to relax for each configuration at constant pressure,
thereby having been widely used for the analysis of the solid-solid phase transition pathways
and activation energy barriers in both the hybrid perovskite systems'**?22 and other
materials?*242, Note that the simulated lowest-energy transition path is similar to that reported
in Ref.222, The effect of intrinsic defects, extrinsic doping, and unintentional impurities on the
phase transition thermodynamics and kinetics was evaluated based on the 3 x 3 x 2 supercells

with 216 atoms (defect concentration of 5.56%).

6.2.3 Ab initio Molecular Dynamics
Ab initio molecular dynamics (AIMD) simulations lasted 30 ps with the time step of 1 fs in the
canonical (NVT) ensemble. The temperature was controlled at 300K by using the Nose-Hoover

thermostat*!.
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6.2.4 Machine Learning Molecular Dynamics

Machine Learning Molecular Dynamics (MLMD)?32%* was performed as implemented in
VASP. All the datasets were trained based on the on-the-fly hybrid AIMD and MLMD
calculations, in which first-principles ab initio calculations will be conducted when local
molecular environments are significantly different from those already stored as the training
data. In this study, Machine Learning Force Field (MLFF) was trained in an
isobaric—isothermic (NpT) ensemble with a time step of 1 fs, using the (3 x 3 x 2) 216-atom
bulk supercells of a-FAPDI3 and 6-FAPDI3, 360-atom surface models of a-FAPDI3 (111) and 8-
FAPbI; (100) with a vacuum thickness of 15 A, 312-atom (Figure 6.7a) and 1248-atom
(Figure 6.7b) interface models between the a-FAPDbIz (111) and 6-FAPDbI3 (100) phases, and
those with a V;*. This interface model has been reported to exhibit the lowest total energy?*,
and the lattice mismatch was less than 1%. The force field was generated with a cutoff radius
of 7 A for the angular descriptor and a width of 0.5 A of Gaussian functions for broadening the
atomic distributions of the radial descriptor. The MLFF training involves 10-ps NpT
simulations at 200 K, 300 K, and 400 K for each configuration. Based on the obtained datasets
of MLFF, 2 ns NpT-MLMD simulations with a time step of 1 fs were run for the 1248-atom

interface models of pristine FAPbl; and that containing a V.

6.2.5 Defect formation energy

The defect formation energy was calculated by4°:

AHp(X) = E(X]") — E(host) — Zn;(w; + A + q(Ef + E(VBM) + AV) + AL, (6.1)
where E(X") and E (host) are the total energies of the defective and defect-free supercells,
respectively. n; stands for the number of defects added into the supercell. y; is the absolute

value of the chemical potential of the defect atoms, and Ay; the relative value of the chemical
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potential, which is related to growth conditions. For the host chemical potentials, we chose that
under the iodine-moderate conditions (see Figure 6.1), which are representative of the typical
synthesis. The chemical potentials of lanthanide elements (Ln) correspond to those in
lanthanide iodide salts Lnls. E(VBM) is the energy of the valance band maximum (VBM) of
CsPbls and Ef represents the Fermi energy measured from the VBM. AV is the correction term
for ensuring the alignment of the potential for the charged defect in supercells, and the finite-
size correction term, AZ_ . was used for correcting the periodic images of the charged defects.
Moreover, a convergence test was performed using a 3 X 3 x 3 324-atom supercell of FAPDIs.
The results show that, for V;*, the calculated formation energy difference between the 216-

atom and 324-atom supercells is only 0.053 eV.

Figure 6.1. Phase map for thermal equilibrium growth condition of FAPbIs. The relative
chemical potentials A of component atoms (FA, Pb, 1) should satisfy:
A,uFA + A‘Llpb + 3A‘Ll1 = AHf(FAPbI3)
Apipa + Ay < AHp(FAI)
Appy < 0; Apg, < 0; Apg, <0

where the FAPDbI3 will be thermodynamically stable instead of its secondary phases or element
phases of components. With all these conditions, the relative chemical potentials A are
restricted in the red area. In this study, we chose the I-moderate growth conditions for further
evaluating the defect formation energies.
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6.2.6 Defect concentration

Based on the formation energy, the defect concentration at thermal equilibrium thus can be

AH
given by'®%: N = Nye *r, where N, stands for the number of available sites for defect

formation in the CsPbls lattice per volume, AH for the formation energy of defect, k for the

Boltzmann constant, and T is temperature.

6.2.7 Transition Energy Level
The transition energy level €(q/q") was determined by the Fermi level position for which the

formation energy of X is equal to that of X', thus, can be determined by**:

€(q/q) = [E(a,q) — E(a,q") — (q — q)(EVBM) + AV)]/(q — q") (6.2)

6.2.8 Crystal growth

All the series of mixed-cation Pb-based perovskite single crystals were grown using the inverse
temperature crystallization (ITC) method. Specifically, a stoichiometric molar ratio of CsFA
precursor solution (1.0 M) was prepared by dissolving 1.55 g FAI (9.0 mmol), 0.26 g Csl (1.0
mmol), 0.55 g PbBr, (1.5 mmol), and 3.85 g Pbl> (8.5 mmol) compounds in 10 ml y-
butyralactone (GBL). After stirring at room temperature for 12 h, the mixed solution was
filtered through a 0.22 pm polytetrafluoroethylene filter and transferred into glass vials.
Thereafter, the glass vials with the filtered solution were placed on the hot plate heated to 80 °C
and kept this temperature for 3 h. Then, the temperature was gradually increased from 80 °C to
120 <C at a slow rate of 2 <T per hour. Small crystals would be formed in the crystallizing dish.
For Cs/Eu-doped mixed-cation perovskite single crystal, a small amount of Euls was dissolved
into the solution of Cso.1FA0.9Pb(lo.9Bro.1)3 at a specific concentration. The amounts of B-site
dopants (Eu: 0.25%, 0.50% and 1.00%) in the perovskite solution are calculated according to

the molar ratio with Pb.
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6.2.9 Device fabrication

The hole-only device with vertical Au/Perovskite/Au structure was prepared for the SCLC
method. An 80-nm gold (Au) anode was deposited on the top surface of the mixed-cation
perovskite single crystal by thermal evaporation (AJA ATC-1800-E e-beam thermal
evaporator). Then, a 105 nm Au cathode was deposited on the bottom surface of the single-

crystal samples. The obtained devices will be used for the SCLC measurements.

6.2.10 Characterizations

The XRD patterns of the perovskite powder (by gridding the single crystals into powder) were
measured using on PANalytical Pro Powder Diffractometer with a Cu Ka radiation source. The
absorption spectrum measurement was taken in an Agilent Cary 5000 UV-vis—NIR
spectrophotometer. Energy-dispersive X-ray spectroscopy (EDS) testing were carried out using
Zeiss ULTRA plus under the operating voltage of 20 kV. The I-V characteristic curves of
perovskite single crystals were measured using a two-terminal probe station (Everbeing Int'l

Corp.) and 4200A-SCS Parameter Analyzer.

6.2.11 The Details for SCLC Analyses

We also performed current-voltage (I-V) measurements to assess the charge transport
properties and trap behaviors of both Cs- and Cs-Eu mixed-cation-doped FA-based perovskite
single crystals. The space-charge-limited-current (SCLC) analyses were carried out based on
the obtained I-V data. As shown in Figures 6.17f-i in the main text, we can clearly find that
three regions were identified in the I-V curves: Ohmic (n = 1), trap-filling (n > 3), and Child’s

(n =2) regions.
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At the low applied voltage, an Ohmic region is confirmed. Following the first region, it exhibits
a rapid nonlinear rise in current starting at the point of trap-filled limit (TFL) voltage VL,
indicating the transition into the trap-filling region. In the second region, all the trap states are
expected to be filled by the injected carriers. The trap density (N:) can be evaluated by the
following equation:

2VrrLEE
t ed?

in which ¢ is the relative dielectric constant materials, «o is the vacuum permittivity, e is the
electronic charge, and d represents the thickness of the single crystals.

The carrier mobility (i) could be extracted from the third region (Child’s region) that shows
trap-free characteristic at high bias, following the Mott—Gurney's SCLC theory expressed by
the following equation:

8d3 9]

K= 9ee, 0(v2)

where J is the current density and V is the corresponding applied voltage.

6.3 Results and Discussions

6.3.1 a-0 phase transition of FAPbI3

Pure a-FAPbI; (black phase) features a cubic perovskite structure (ABX3) with the six-fold
coordinated Pbls inorganic octahedra connected at the corner and the larger FA organic cations
in 12-fold coordination (Figures 6.2 and Figure 6.3a). In contrast, 3- FAPDbI3z (yellow phase)
exhibits a hexagonal structure with lower symmetry, where Pbls octahedra are face-sharing
(Figures 6.1 and Figure 6.3b). Electronically, a-FAPbIs has a favorable direct bandgap of 1.42
eV with highly dispersive bands near the valance band maximum (VBM) and conduction band
minimum (CBM) (see Figures 6.3c-d), while the non-perovskite 3-FAPbIs exhibits a larger

indirect bandgap of 2.53 eV with relatively flatter band edges (see Figures 6.3e-f), due to the
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disconnection of octahedra within the a-b plane that decreases the overlap of the Pb states and
I states. Energetically, a-FAPDI3 is higher in energy by 0.261 eV per formula unit than the -
phase, which agrees with the experimental findings®4®#? of the metastable nature of the
desired a-phase of FAPDIa.

The undesired a-8 phase transition of FAPbI; active layers exhibits a large thermal hysteresis®,
indicative of a thermally activated process with a transition activation energy barrier. To
quantitatively assess the underlying Kinetics and gain a full understanding of
phase transition mechanisms in FAPDbI3, we modelled the transition pathway of o-6 phase
transition in FAPDbI3 using the well-established variable-cell nudged elastic band (VCNEB)
method?®°, As shown in Figure 6.2a, the a-8 phase transition undergoes an elongation of the a
and b lattice parameters accompanied by a lattice contraction along the c direction. A volume
expansion occurs at the transition state, followed by a significant volume contraction to form
the final state of 8-FAPbIz (Figure 6.2b). Similar behaviors were found in all-inorganic

perovskite CsPbls during its orthorhombic-to-hexagonal phase transition??1:246,
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Figure 6.2. Evolution of (a) the lattice parameters, (b) volume, (c) bandgap, and (d) the
potential energy as a function of reaction coordinate of the a-d phase transition in FAPbI3,
where the starting point (x=0) of the reaction coordinate is defined as the configuration of the
initial a-phase state, and the endpoint (x=1) stands for the final 6-phase state configuration. (e)
Side and (f) top views of the atomic displacements along the a-6 phase transition in FAPbI3,
where TS stands for the transition state.

The phase transition involves complex atomic rearrangement especially on the inorganic
octahedral skeleton, as shown in Figures 6.2e-f. It starts with rotations of the octahedra,
followed by breaking of Pb-I bonds in the a-b plane and forming a one-dimensional Pbls
tetrahedral chain at the transition state. This process leads to a volume expansion and a sharp
increase in the lattice cavity. As a result, the FA cations are separated with the FA-FA distance
being enhanced by a factor of 1.28 as compared to the initial state. As the transition proceeds,
the Pb ions of the Pbls tetrahedral chain move much closer, forming the new Pb-1 bonds (as
reflected by the sharp decrease of the c lattice after the transition state in Figure 6.2a), and thus
the face-shared Pble octahedral chain, which further separates the chains within the a-b plane
and enlarging the lattice cavity. This results in 1.09 times increase in FA-FA distance
horizontally. Note that in this process, the vertical compression effect is greater than the
expansion in the horizontal direction, hence responsible for the reduction in the material’s
volume. As discussed above, the inorganic Pb-I lattice plays an important role in tailoring the
band edges of the perovskites. A large bandgap fluctuation of FAPbIs (Figure 6.2c) reflects
the complex structural rearrangement of the inorganic skeleton during the phase transition.

Moreover, the lattice variation during the transition implies that strain engineering could be a

viable approach to remedy the phase instability of the FAPDbI3 active layers.
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Figure 6.3. Optimized structures of the (a) a-phase and (b) 6-phase of FAPDIs. (c) Calculated
band structure and (d) the density of state (DOS) of a-FAPDI3. (e) The band structure and (f)
the DOS of 8-FAPDIs. The calculations of the electronic properties were based on density
functional theory with the hybrid Heyd-Scuseria—Ernzerhof functional and spin—orbit coupling
(HSE06-SOC).

As shown in Figure 6.2d, the a-6 phase transition of FAPbI3 requires overcoming an activation
energy barrier (E,) of 0.622 eV/f.u., which is close to the previous results of 0.6-0.7 eV/f.u. via

various computational methods, including the nudged-elastic-band method, stochastic surface
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walking (SSW) pathway sampling, and molecular dynamics simulations* 42134222 Gjven the

139 \we further

orientationally disordered nature of FA cations in the realistic perovskites
extracted four low-energy perovskite structures with different FA-cationic orientations from
ab initio molecular dynamic (AIMD) simulations at room temperature, as shown in Figures
6.4a-d, and studied their phase transition properties. From the extracted Str.1 to Str.4, the
orientational disorder of the FA cations is increasingly significant relative to the pristine model
(Figure 6.4a). As shown in Figure 6.4e, these cation-disordered systems almost preserve the
pristine phase transition barrier (E,~ 0.62 eV/f.u), whereas the energy difference between the
a-phase and 6-phase (AEs_,) of FAPDIs decreases. Notably, the reduction trend of AEs_,
agrees with the degree of the FA-cationic disorder. This can be attributed to the fact that the

rotation of A-site cations can thermodynamically stabilize the perovskite structure, which

agrees with the previous experimental reports*2138,
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Figure 6.4. Atomic structures of FAPbIs perovskite with FA-cationic disorder in various
degrees extracted from ab initio molecular dynamic (AIMD) simulations at room temperature,
namely, (a) Str.1, (b) Str.2, (c) Str.1, and (d) Str.4. Note that from Str.1 to Str.4, the
orientational disorder of the FA cations is increasingly more significant compared with the
pristine structure in Figure 6.2a. (e) Evolution of and the potential energy as a function of
reaction coordinate of a-6 phase transition of pristine FAPbIz and those with FA-cationic
disorder (Str.1-Str.4).

In principle, a lower AEs_, contributes to the higher purity of FA-based perovskite
crystallization, leading to a lower percentage of the undesired yellow 6-phase. Additionally, E,
dictates the phase transition rate during the device operation. These parameters, including

AEs_, and E,, are crucial indicators in describing the thermodynamics and kinetics of the

phase transition in FAPDbIs perovskites, relative to the initial performance and the stability of
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the related devices, respectively. The results, as shown in Figure 6.4, highlight the importance
of A-site cations in altering the structural transition thermodynamics of FAPDIs.

In terms of kinetics, we noted that the magnitude of the E, range (Figures 6.2d and Figure
6.4e, and Ref 4142134222y js comparable to, and even slightly higher than, the diffusion barrier
of the FA vacancy (~0.61 eV), which has been reported to be rather immobile in FAPbI3 at
room temperature?*’. This implies that even at temperatures slightly above room temperature,
the a-0 reaction rate would be constrained by the intrinsic kinetic activation barrier.
Consequently, there must be other factors responsible for the rapid phase transition of the

FAPDI3 perovskites typically observed in experiments.

6.3.2 Defect-induced phase instability of a-FAPDI3

Lattice imperfections are prevalent in hybrid perovskites due to their propensity for defect
formation, especially the ones fabricated using solution-based processes**°. In other words, the
actual phase transitions certainly happen in the presence of defects. It is thus necessary to
evaluate how defects impact both the thermodynamics and kinetics of the phase transition.
Among the various intrinsic point defects in FAPbIs, we focus on those that are common and
abundant in the lattice!?51”®, These typical defects are namely the I vacancy (V;t), | interstitial

(I7), Pb vacancy (V3 ), FA vacancy (Vg,), and the FA interstitial (FA), respectively!?6:17°,
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Figure 6.5. (a) The phase transition barriers (E,) and (b) total energy differences between a-
and d-phase (AEs_,) of pristine FAPbIs and systems with the presence of the low-energy
intrinsic defects. The charge density plots for the transition states of a-0 phase transition of
FAPbI; with (c) Vi* and (d) I, where the yellow iso-surfaces stand for the partial charge
density for the states of the Pb dimer and | dimer. The iso-surfaces were taken at 0.01 e/A3.
Figures 6.5a-b show the calculated phase transition barriers (E}) and thermodynamics (AEs_,)
of the pristine FAPbIs and those containing native low-energy defects. It is found that the
presence of Vi*, I, and V7, reduces Ej,, thereby accelerating the kinetics of the o-8 phase
transition of FAPDbIs. However, these defects do not significantly impact AEs_,. In contrast,
FA-related defects, namely Vg, and FAT, play an insignificant role in affecting the kinetics of
the overall structural transition as the calculated Ej, are close to that of the pristine case.
Nevertheless, Vi, and FA} can impact the thermodynamics of the phase transition by reducing
and increasing AE5_,, respectively.

Notably, Vi, I;7, and V7, defects share a common characteristic of being inherent to the

inorganic Pb-I skeleton. In other words, the presence of these defects induces local symmetry

breaking and introduces instability within the fundamental building block of the inorganic Pble
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octahedra, which plays a dominant role in determining the phase transition barrier. In contrast,
FA molecules undergo relatively simple migration and rotation and do not occur chemical bond
stretching, breaking, and forming, which were found to overcome the rather low activation

energy barrier during the structural transition??2248.249,
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Figure 6.6. Mean square displacement (MSD) of the inorganic skeleton within 30 ps during
AIMD simulations at 300 K: (a) for pristine and systems containing intrinsic defects, and (b)
for pristine and Ln-doped systems.

To quantitively evaluate the effect of intrinsic defects on the lattice instability of FAPbIs under
realistic conditions, we performed AIMD simulations on pristine o-FAPDbIs and systems
containing typical intrinsic defects at room temperature over a 30-ps period with a time step of

1 fs. While the simulations show no bond breaking and structure reconstruction for both defect-

free and defective systems, the systems containing V;*, I, and V%, display a noticeable
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increase in the mean square displacements (MSD) of the inorganic Pb-I skeleton (Figure 6.6a).
The enhanced MSD compared with the pristine system implies an enhanced vibrational motion
of Pbl, octahedron in the presence of Vi*, I, and V%, . As reported by Ghosh et al.?*°, the
unlocking of the Pbly octahedral vibration can hasten lattice breakage and tilting of the
perovskites, thereby significantly reducing the structural dynamic stability.

Moreover, we noted that the systems containing V;* and I exhibit much lower Ej;, (0.320
eV/f.u. for Vi and 0.476 eV/f.u. for ;) as compared to V@, (0.534 eV/f.u.). This can be
attributed to the strong covalency at the transition states induced by V;* and I;” during the phase
transition of FAPDIs. In the case of V;* (Figure 6.5c), the two uncoordinated Pb cations near
the vacancy move closer to form a Pb dimer with a strong covalent bond at the transition state.
Similarly, I;” induces a strong covalency between | anions that is characterized by the
formation of an | dimer at the transition state (Figure 6.5d). Such a covalent interaction would
contribute to the stabilization of the configuration, resulting in lower energy for the transition
state and consequently a reduced E,. The defect-induced covalency has also been reported for
iodine defects in hybrid perovskites like MAPbI3!® and inorganic perovskites like CsPbl3?®
due to the soft lattice nature of halide perovskites. In comparison, no covalent bond forming
was observed during the phase transition in the case of V7, . Therefore, the combined effects
of reduced lattice dynamic stability and defect-induced covalent interaction at the transition
state are responsible for the substantially lower E, of FAPbIs perovskites with Vi and ;.

For Vg, and FA], the MSDs of the inorganic Pb-I lattice are similar to that of pristine FAPbls
(Figure 6.6a), confirming that the FA-related defects have a negligible impact on the structural
dynamic stability of the perovskite. This agrees with the small changes in E;, obtained from the
VCNEB calculations. On the other hand, as discussed above, the large size of FA cations is the
key thermodynamic origin for the phase transition of FA-based perovskites, as also reflected

by Goldschmidt’s tolerance factor (r = 1.02) for FAPbI3*2, which slightly exceeds the upper
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limit of 1 required for forming a stable perovskite structure. The presence of Vg, increases the
spatial cavity in a-FAPDbIs and partially relieves the lattice strain induced by other large FA
cations, thereby reducing the thermodynamic driving force for the conversion of the photo-
active a-phase to the photo-inactive §-phase. Conversely, FAT aggravates the strained lattice,

resulting in lower thermodynamic stability of the a-phase with respect to the d-phase.

Figure 6.7. The 312-atom (a) and 1248-atom (b) interface models between a-FAPbIs (111)
and 5-FAPbDI3 (100) phases.

Phase transition typically proceeds through the growth and propagation of the targeted phase
nuclei. Given that V;* plays the most significant role in the local kinetic stability of FAPbI3
with E}, suffering the sharpest decline by ~0.3 eV/f.u., we expected that the defects effectively
facilitate the &-phase propagation, responsible for a faster overall phase transition rate in
FAPbI3. To gain dynamic insights into the mechanism of phase transition aided by V;* and
verify our DFT results, we proceeded to construct a configuration with planar interfaces
between the a-FAPDbI3 (111) and 3-FAPbI3 (100) phases (Figure 6.7b), and perform 2-ns NpT

Machine Learning Molecular Dynamics (MLMD) simulation at 300 K based on the training
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data set from on-the-fly hybrid AIMD. Energy calculations revealed that V" energetically
prefers to reside at the interface than in the bulk of a-FAPbIs and 3-FAPDbI3 by 4.38 and 2.14
eV, respectively. Combing with the low diffusion barrier as previously reported®, v;i* defects
are expected to diffuse and aggregate around the interface between the two phases of FAPDIa.
As shown in Figures 6.8a, b, while no clear phase propagation was observed in the pristine
system during the 2-ns MLFF simulation, a sign of notable transformation was evident in the
Vi" -defective system. Specifically, a Pblg octahedron at the interfacial plane around V"
transformed to the face-sharing architecture of 6-FAPbIs. This is further reflected by the
analysis of MSD, as shown in Figure 6.8c. The Pb-1 inorganic skeleton on the interfacial plane
exhibited a significantly larger MSD compared to that of the pristine systems throughout the
simulation time. For a typical diffusive transformation associated with the a-3 phase transition
in FAPbI5?*2, a larger MSD of the Pb-1 inorganic skeleton in the Vit system indicates a more
diffusive host ion property around the two-phase interface. The increased diffusivity
significantly promotes the local atomic rearrangement and reconstruction of the interfacial

plane, thereby promoting phase propagation.
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Figure 6.8. Snapshots captured at 0 and 1.8 ns from the Machine Learning Molecular
Dynamics (MLMD) simulation of a-to-8 phase propagation in the (a) pristine and (b) V;"-
defective planar interface models between a-FAPDI3 (111) and 6-FAPbIs (100) at 300 K. (c)
Mean square displacement (MSD) of the Pb-1 inorganic skeleton of the interfacial plane (the
region surrounded by the red dashed line in Figure 6.6b) and (d) the radial distribution function,
g(r, Pb — Pb), for Pb-Pb during the 2-ns MLMD simulations in the pristine and V;*-defective
systems at 300 K.

Moreover, to quantify these visual observations, we compared the radial distribution function
(RDF) for Pb-Pb interaction in both the pristine and V;*-defective systems (Figure 6.8d). For
the ground-state atomic structures of a-FAPbIs and 5-FAPDbI3 (Figure 6.3), the second sharp
peak corresponds to that in a-FAPbI3, and the first and third sharp peaks stand for Pb-Pb along
the c-direction and the ab-plane in 8-FAPDI3, respectively. As can be seen, compared with the
pristine system, the second peak in the V;* system is broadened toward the first and third ones,

accompanied by a slight reduction in coordination number. This implies a stronger tendency

of the a-t0-8 phase transition of FAPbIs in the V' system. Thus, a higher density of V;* defects
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can result in an increased propagation rate of the undesired a-to-6 phase transition in FAPDI.

The MLMD simulation provides a dynamic understanding of the DFT results.
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Figure 6.9. The formation energy of V; in FAPbIs calculated under the I-moderate growth
conditions, as a function of the Fermi level. The related defect densities at room temperature
are denoted.

Experiments reported that an excess of hole carriers can accelerate the phase transition in
FAPDIs?1%220  although the microscopic origin remains unclear. Our formation energy
calculations show that a hole-rich environment enhances the density of detrimental V" defects
(Figure 6.9). This suggests that the observed hole-rich-induced faster phase transition may be
attributed to the increased density of Vit defects in FAPbI3?1%?%, While iodine-rich growth
conditions can inhibit the formation of the most detrimental Vi in FAPbls, they may also
enhance the density of I;", which can lead to a substantially reduced kinetic barrier of the phase
transition. Hence, I-moderate growth conditions are preferable to balance the formation of
these two types of defects and to optimize the stability of FAPbIz-based devices. Furthermore,
the incorporation of certain additives, such as Lewis bases?, to coordinate with the
uncoordinated Pb of V;" would also suppress the defect-accelerated phase propagation behavior.

Moreover, the FA content should also be well controlled in the precursors, since the FA-rich
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growth conditions would promote the formation of FA interstitials in the perovskite lattice,

which thermodynamically destabilizes the a-phase of FAPDIs.

6.3.3 Stabilization of a-FAPDI3 by composition engineering

Doping engineering is a feasible strategy for improving the inherent phase stability of the
FAPDI; active layers. To establish a rational and general design guideline for doping
engineering in perovskites, we systematically explored the doping effects on stabilizing the
phase of FAPbIs perovskites. We considered various isovalent substitution dopants on all the
sites, namely A-site (MA*, Cs*, Fr*, Rb*, K*, and NH}), B-site (isovalent Sn?*, Ge?*, Ba?*,
Sr2*, Ca?*, Cd?*, and Zn?*, as well as lanthanide ions of La3*, Ce3*, Nd3*, Sm3*, Eu3*, and
Yb3*) and X-site (Br~, ClI~, and pseudo-halides of SCN~ and CN~). These substitution
dopants have been widely used in halide perovskites to tailor the optoelectronic and mechanical
properties of the perovskite materials®6:37:39.227-229254-2% = Aqditionally, we also considered
unintentionally incorporated impurity interstitials, such as H,0, O,, H,, and their disassociated

products OH™, H*, 02~ . They are often found in the interstitial spaces of perovskite
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Figure 6.10. (a) Formation energies of Pb substituted by lanthanide ions (namely Lapy,, Cepy,
Ndpy,, Smpy, Eupy, and Ybpy) in FAPDI3, as a function of the Fermi level. (b) Transition energy
levels of Pb substituted by Ln ions are plotted relative to the valence and conduction band
edges of FAPDIs.

Notably, unlike other isovalent candidates, lanthanide (Ln) ions are often stable in the (+3)
oxidation state, which can lead to charged defect formation when substituting Pb2*. The
formation energy calculations suggest the positively charged state of these substitutions is
stable in FAPbIs, namely La},, Cefy,, Nd3,, Smpy,, Eup,, and Yb, (Figure 6.10a). The
substantially low formation energies, even in the negative region, over the whole range of the
Fermi level within the bandgap, further verify the doping feasibility of Ln cations in the FAPDI3
lattice. Such a high compatibility can be partially attributed to their similar ionic radius to Pb.

Furthermore, the calculated transition energy levels (Figure 6.10b) indicate that the Ln dopants

have shallow defect states except for Yb, and thus are electronically benign for FAPDIz3.
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Figure 6.11. Kinetic a-0 phase transition barrier E;, and thermodynamic phase energy
difference AEs_, of pristine FAPbIs and those with dopants and impurity interstitials. B-site
cation engineering predominantly impacts the kinetics of the FAPDbIs phase transition that
dedicates the device longevity, as depicted by the green dashed circle (ellipse), whereas A-site
doping more effectively alters the phase transition thermodynamics that can impact the
perovskite crystallization, as depicted by the red dashed circle (ellipse). Moreover, the yellow
region highlights various lanthanide doping and the purple stars stand for A-B mixed doping.
The evolution of the bandgap and potential energy as a function of the reaction coordinate of
the a-6 phase transition in the representative Cs-, Br-, Cl-, La-, and Ce-doped systems are
shown in Figure 6.12.
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Figure 6.12. The evolution of the (a) bandgap and (b) potential energy as a function of the
reaction coordinate of the a-6 phase transition in the representative Cs-, Br-, Cl-, La-, and Ce-
doped FAPDIs.

Figure 6.11 summarizes the phase transition barriers E;, and the phase transition
thermodynamics AEs_, of pristine and doped (or defective) FAPDbI3z. These intentional dopants
and unintentional impurities exhibit varying effects on the phase transition of FAPblz. While
atmospheric moisture-indued phase instability of FAPbIs has been experimentally reported,
our results show that the water molecule itself has a negligible effect on the phase transition of
FAPDI3. Instead, the decomposition products of water, namely, OH™ and H*, greatly hasten
the kinetics and thermodynamics of the phase transition, respectively (Figure 6.11). The
binding energy of H,O with respect to isolated H* and OH™ (H,0 —» H* + OH™) in FAPbI3
was calculated to be -0.083 eV, implying that water disassociation in FAPDIz is energetically
favorable. Light irradiation would facilitate this process and further aggravate the perovskite
phase instability. Additionally, H, can be an effective hydrogen source for the incorporation of

H™* in FAPbIs™®, though it plays an insignificant role by itself. Moreover, 02, which can be a
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disassociation product of atmospheric O, and various oxide electron-transporting materials,
would also accelerate the FAPDbIs phase conversion kinetics by reducing Ej,. Therefore, in
addition to humidity control, minimizing the concentration of oxygen and hydrogen ions in the
lattice is important to stabilize the photoactive a-FAPbDIs.

Interestingly, A-site doping with smaller-sized cations can dramatically suppress the
thermodynamic driving force for the phase transition while almost preserving the pristine
transition barrier. Indeed, previous experiments have reported a higher initial proportion of
perovskite phase in the FAPbI; active layers when FA is doped with smaller-sized cations®®,
due to the increased formation energy of 6-FAPbI3. Such a mechanism is similar to the case of
the FA vacancy as discussed earlier. Our results show that Cs, with a moderate ionic radius
(1.74 A), exhibits a higher effectiveness in increasing E,,, compared with that of MA (2.16 A)
and Fr (1.94 A) of relatively larger ionic radius as well as the smaller NH4 (1.43 A), K (1.51 A)
and Rb (1.61 A) ions. Hence, to crystallize a purer FA perovskite and thus obtain a higher
initial performance of the devices, Cs would be a superior candidate for A-site cation
engineering.

Among the X-site dopants, Br; and ClI; show a more significant improvement in the FAPbIs
perovskite phase stability in Kinetics, yet slightly increasing the thermodynamic energy
difference between the two phases. This can be attributed to the improved stability of the
sublattice as the result of the stronger Pb-Br and Pb-Cl bond than the Pb-1 bond (because of the
higher electronegativity of Cl and Br than I). In this case, more energy is required to convert
the 3D octahedral structure to the 1D chain during the phase transition by stretching and
breaking the stronger Pb-Br (Pb-Cl) bond. Experimentally, doping the FAPbI3 active layers
with MABTr, CsBr, MACI, and CsCI additives has been a popular and efficient approach for
stabilizing the a-phase FAPhI3364377227:228230-232  thoygh the underlying mechanisms and

trends remain poorly understood®*!2, Based on the findings discussed above, it is evident that
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Br and Cl increase the activation energy for the phase transition of FAPbIs, while MA and Cs
improve its thermodynamic stability. Both effects synergistically stabilize a-phase FAPDIs.
Moreover, our results suggest that pseudo-halide SCN™ would be also a promising X-site
dopant for enhancing the perovskite phase stability of FAPblzin terms of both thermodynamics
and Kinetics.

For B-site cation engineering, the dopants have a positive impact on the thermodynamics of
the FAPDI3s phase transition with the exception of Mg, Ca, Ge, and Zn, due to their much
smaller ionic radii (0.72-1 A) than that of Pb (1.19 A), resulting in a greater deviation of
tolerance factor from the ideal range of the perovskite. As a result, their inclusion can disrupt
the stability of the perovskite structure. In agreement with our predictions, experimental reports
have indicated that Ca doping promotes the formation of a non-perovskite 8-FAPbIz during the
initial crystallization at the dopant concentrations of 5%72%. In contrast, most B-site dopants
exhibit higher effectiveness on the kinetics of the phase transition, leading to a larger variation

in E}, as indicated by the green dashed circle in Figure 6.11.
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Figure 6.13. (a) Calculated isosurfaces of the charge density differences for Pble and Cels
octahedra, where electrons are transferred from the yellow to the blue regions. The isosurfaces
were taken at 0.01 |e|/A3. (b) The phase transition thermodynamics AEs_,, of the B- and X-
site doped FAPbIs as a function of the octahedral factor (u), where the blue points stand for X-
site isovalent dopants, green for B-site isovalent dopants, and orange highlights Ln dopants.

Significantly, the lanthanide (Ln) elements, which have been experimentally reported to be of
benefit for the structural stability of halide perovskites?®, indeed represent ideal dopants of B-
site doping for kinetically stabilizing a-FAPDbIs. As shown in the yellow region in Figure 6.11,

the incorporation of Ln dopants leads to a noticeable increase in E},, with respect to the pristine

FAPDI3. The enhancement of E;, upon Ln doping is of the order of pristine—Yb—Sm—Eu—
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Nd— La— Ce-doped systems. The enhanced transition barriers indicate improved lattice

dynamic stability of a-FAPbI3 upon Ln doping, which is also reflected by the reduced MSD of
the inorganic skeleton in AIMD at 300K for the Lnp,-incorporated systems (Figure 6.6b). This
IS because of the stronger ionic interactions between Ln ions and the nearby I ions against large
octahedral tilt and rotation during the phase transition compared with that of Pb, due to the
much lower electronegativities of Ln (1.1-1.2) than that of Pb (2.3). Taking Ce as an example,
a more pronounced charge redistribution occurs in Cele octahedra than in Pble (Figure 6.13a),
confirming the stronger ionic bonding of Ce-1 compared to the corresponding Pb-I in pristine
FAPDI3.

From a thermodynamic perspective, Ln-cation doping would also effectively reduce the driving
force for the transition to the photoinactive 6-phase of FAPbIz as compared with other B- and
X-site dopants, particularly for Nd and Sm-doped systems, even though the effectiveness is
relatively smaller than that of the most A-site dopants. Regarding B- and X-site doping
engineering, Figure 6.13b illustrates a correlation between the thermodynamic driving force
variation and the octahedral factor (u) of Pauling's rule, which is an important factor

determining the coordination number of the cation and anion in stable crystal structures and is

defined as the ratio of the radii of B cations and X anions in perovskites, namely u = :—B In
X

general, to stably construct the perovskite compounds of the six-fold coordinated octahedra, it
requires 0.414 < u < 0.732. Based on the present volcano-type relationship, we deduced that
the optimal value u (apex) for the stable FAPbIs perovskites phase would be around 0.5. Sn
and Ln dopants, especially Nd, Eu, and Sm, are close to this optimal value of u. Indeed, Sn
halide perovskites typically exhibit higher phase stability in thermodynamics®®. However, the
facile oxidation of Sn?* poses a serious impediment to the further development of Sn-based

and Sn-doped perovskite optoelectronics operating in ambient air. B-site doping with Ln ion
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represents a potential breakthrough for further stability improvement of FAPbI3z perovskites

and devices.
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Figure 6.14. Calculated electronic bandgaps for pristine and A-B mixed-doped (namely, Cs-
La, Cs-Ce, Cs-Nd, Cs-Eu, and Cs-Sm) FAPDI3 based on HSE-SOC scheme. The corresponding
photovoltaic efficiency limits were presented based on the detailed balance limit theory.

In addition to defect and impurity controls, the current results underline the effectiveness of
proper doping engineering in stabilizing a-FAPDIs. Particularly, B-site doping primarily
impacts the kinetics of the FAPbI3 phase transition, while A-site cation engineering is more
effective in thermodynamics in controlling the phase stability of FAPbls. We thus suggest a
highly stable FAPbI3 perovskite active layer and the related devices by A-B mixed composition
engineering from both thermodynamic and Kinetic perspectives. This is confirmed by
calculations demonstrating the synergic stabilizing effects of the exemplary Cs-La, Cs-Ce, Cs-
Nd, Cs-Eu, and Cs-Sm doped systems (see the purple stars in Figure 6.11). Promisingly, based
on Shockley—Queisser (SQ) limit'?, these doped perovskites still maintain the superior
electronic bandgaps, which has direct implications for the observed efficiency in the conversion
of solar light (Figure 6.14). Moreover, the findings also explain why state-of-the-art perovskite

solar cells are normally based on mixed systems with the majority of FAPbIs perovskite336-
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40.218 \which synergistically stabilize FAPbI; perovskite and is essential for achieving long-term

device operational stability.

0 day 30 days
Figure 6.15. Photographs of the Cs-doped and Cs-Eu mixed-doped FAPbIs single-crystal
samples, before and after a 30-day air exposure, respectively.
We noted that the majority of the proposed A-B mixed doped FAPbI3 perovskites denoted by
the purple stars in Figure 6.11 have not yet been reported. To validate our theoretical findings,
we pursued experimental studies on Cs-Eu mixed doping in FAPbIz as a representative example,
which is predicted to significantly stabilize the a-FAPDblz - both kinetically and
thermodynamically. To this end, we first grew single crystals of Cs-doped and Cs-Eu mixed-
doped FAPbDI3 perovskites (Figure 6.15), and the related synthetic details are shown in the
Experimental Method section. Energy-dispersive X-ray spectroscopy (EDS) measurement
results on the Cs-Eu mixed-doped FAPDI3 single crystal confirm the uniform distribution of

the Eu element in the perovskite (Figure 6.16).
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Figure 6.16. EDS of Cs and Cs-Eu doped FAPDbIs. EDS atomic composition of (a) Cs-doped
and (b) Cs-Eu mixed-doped FAPbIs perovskite single crystals. (c) EDS mapping of Pb, I, Eu
in the Cs-Eu mixed-doped FAPbI3 perovskite single crystal.

6.3.4 Stability and optoelectronic properties of Cs-Eu mixed-doped perovskite

To assess the phase stability in the Cs-Eu mixed-doped perovskite single crystal, we then
exposed the samples to air for 30 days. Initially, both as-grown samples (namely, Cs-doped
and Cs-Eu mixed-doped FAPDI3) exhibited black perovskite phases (a-phase) with high purity,
as confirmed by the relevant X-ray diffraction (XRD) patterns (see Figures 6.17a,b). After the
30-day exposure, the Cs-doped sample visibly degraded to the yellow 5-FAPbI3 phase (Figure

6.16). In contrast, the Cs-Eu mixed-cation-doped perovskite largely maintained the black a-
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FAPDI3 phase without significant changes in colour. This trend was also evident in the XRD
spectra of the samples measured after 30-day and 45-day exposures. Figures 6.17c-e show the
UV-Vis-NIR absorption spectra of the freshly prepared samples with different concentrations
and those after the 30-day exposure. The optical bandgap derived from the Tauc plots exhibited
a value of 1.50-1.52 eV for Cs-Eu mixed-doped FAPbIs (Figure 6.17d), in agreement with the
value of 1.50 eV predicted by our HSE-SOC calculations. Indeed, compared with the Cs-doped
FAPDI3, we note that the bandgap and absorption profile of the Cs-Eu mixed-doped sample
showed negligible change after 30-day exposure. Specifically, the average absorbances at 790
nm after 30-day exposure were dropped by 28.5% and 5.2% for Cs-doped and Cs-Eu mixed-
doped (0.5% Eu doping) FAPbIs perovskite single crystals, respectively (see Figure 6.17e).
Moreover, we investigated the phase stability improvement of the Cs-Eu mixed samples as a
function of Eu dopant concentration. With increasing the concentration of Eu doping, the
degradation of single-crystal perovskite optical properties was effectively suppressed (Figure

6.17¢e). The optimal concentration of Eu doping was tested to be 0.5%.
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Figure 6.17. X-ray diffraction patterns of the (a) Cs-doped and (b) Cs-Eu mixed-cation-doped
FAPDI3 perovskite single crystals, before and after 30-day and 45-day air exposures. (¢) UV—
Vis-NIR absorption spectra of a series of freshly prepared perovskite single crystals. (d) The
optical bandgap derived from the Tauc plots (based on the data in c). a is absorption coefficient,
h is Planck constant, and v is frequency of incident light. (€) UV—Vis-NIR absorption spectra
of the Cs-doped and Cs-Eu mixed-cation-doped samples with the Eu doping concentrations of
0.25%, 0.50%, and 1.00% before and after 30-day exposure. Current—voltage (I-V) curves and
relevant typical SCLC analyses of (f,g) Cs single-doped and (h,i) Cs-Eu mixed-doped FAPbI3
perovskite single crystals, before and after a 30-day air exposure, respectively. The regions are
marked for Ohmic (n =1), trap-filled limit (n > 3), and Child’s regime (n = 2). VrL is the trap-
filled limit voltage. We calculated the carrier mobility (1) and trap densities (N¢) by fitting the

|-V data.

We further investigated the carrier mobility and the trap density, which are the key

semiconducting parameters for optoelectronic applications, by using the Space-Charge-

Limited Current (SCLC) method?®* based on the hole-only device (see Method Section).

Previous experimental studies?®? have shown that a-8 phase transition in FAPbI; leads to a

significant degradation in carrier transport property. Indeed, our DFT calculations of the
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effective masses of electrons and holes in the yellow &-phase (m; = 0.945my; m;, =

—1.137 my), are around 4.3 and 5.7 times higher than those in black a-phases of FAPblz (m;}
0.218 my; m;, = —0.199 my), respectively, also as explicitly evidenced by the substantially
flatter band edges in 3-FAPbI3 (Figures 6.3c and 6.3e). Figures 6.17f-i show the current-
voltage (I-V) characteristics for the Cs single-doped and Cs-Eu mixed-doped FAPDI3 single
crystals in both fresh statues and after 30 days. The I-V curves can be divided into three regions:
the first, second, and third regions stand for the ohmic (n = 1), trap-filling (n > 3), and child (n
= 2) regions, respectively, where the trap density (N:) and carrier mobility () were calculated
from the second and third regions (see the details in Supplementary Information). It is noted
that, as compared with the Cs-doped sample (n,~ 6.0 x 10°cm™3; u~121.0 cm?V-1s71), a
lower trap density (n,~3.1 x 10°cm™3) and a higher hole mobility (u~217.9 cm?V~1s71)
were obtained for the freshly prepared Cs-Eu mixed-doped perovskite single crystal,
confirming the promoting effect of Cs-Eu mixed doping on carrier dynamics of FAPDbI3
perovskites. After 30-day exposure, we observed a significant decline of hole mobility in Cs-
doped sample (Au~96.5 cm?V~1s™1), as compared to that of Cs-Eu mixed-doped sample
(Au~16.3 cm?V ~ts™1), highlighting the effectiveness of A-B mixed composition engineering

in stabilizing FAPbI3 perovskite.

6.4 Conclusion

In summary, based on extensive first-principles atomistic calculations, we have elucidated the
intricate mechanism underlying phase degradation from the photovoltaically active a phase to
the inactive 6-phase in FAPDI3. Our investigation not only sheds light on the critical role played
by defects and impurities but also delves into potential mitigation strategies. Inherent iodine
defects, namely iodine vacancies and interstitials, dramatically lower the activation barrier of

the a-0 lattice transition in FAPDI3, due to the compromised lattice dynamic stability and the
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strong covalency induced by defects at transition states. The detrimental roles of the
decomposition products of atmospheric moisture and oxygen in degrading the FAPbIs
perovskite phase were also identified, rationalizing the faster phase transition of FAPbI3 films
under ambient air. Notably, we uncovered key compositional design principles: B-site cation
engineering is a promising strategy to tailor the kinetics, whereas A-site doping predominantly
impacts the thermodynamics of the phase transition of FAPDbIs, highlighting the synergetic
perovskite phase stabilization role of A-B mixed-site doping. A significant correlation was
discovered between the phase transition thermodynamics and the octahedral factor (u) of
Pauling's rule, underlining the optimal value of u~0.5 for stable FA-based perovskites and
suggesting co-lanthanide doping as a promising strategy for B-site cation engineering.
Subsequent experimental findings support the prediction that Cs-Eu mixed-doped FAPDIs, a
theoretically identified superior doping candidate, exhibits superior absorption and carrier
transport properties and greatly improved phase stability as compared to the Cs-doped
counterpart. Overall, our study provides insights into defect control and synergetic composition
engineering for developing FAPDbIz-based perovskite solar cells and other optoelectronic

devices with superior initial device performance and highly improved long-term stability.
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Chapter 7 Multiple B-site Doping Suppresses lon Migration in Halide Perovskites

7.1 Introduction

Lead halide perovskites have recently emerged as highly promising semiconductor materials
due to their remarkable optoelectronic properties and low-cost fabrication. Despite achieving
a photovoltaic power conversion efficiency (PCE) exceeding 26%253, their commercialization
is largely hindered by inadequate long-term operational stability. One of the main drivers for
this instability is ion migration, typically halide ions®”:88:118.247.264-267 \yhjch has been identified
as a major cause of device performance degradation under operational conditions with electric
field, light, and heat8118:150.180.236.256,266.267 These mobile ions in the perovskite active layer are
believed to be responsible for the widely observed anomalies, such as current-voltage
hysteresis, slow conductivity response, and efficiency roll-off at high injection
currents®>118.266267 - Recent experiments show that ion migration-induced internal field
screening is the dominant factor in the initial efficiency loss in perovskite solar cells?®,
Suppression of ion migration is therefore crucial for achieving long-term operational stability
in perovskite solar cells and other optoelectronic devices.

Various strategies, including strain®2%%2"1 and compositional engineering®®%82%6.272-275 'haye
been adopted to alleviate the migration of halide ions and improve device stability. Particularly,
the ternary-stoichiometry ABXs perovskite structure offers a highly flexible platform for
doping engineering at different atomic sites. While layer-perovskite engineering with large
spacer cations effectively blocks ion migration, it disrupts the three-dimensional (3D) phases,
leading to reduced charge carrier mobility and narrower absorption bands, thereby limiting the
photovoltaic efficiency*®8%118, Many optimization approaches have been attempted with A-site
or X-site substitutions to suppress the ion migration in halide perovskites without sacrificing

the inherent superior optoelectronic properties®®%273274 yet the issue remains inadequately
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addressed. In contrast, B-site doping or alloying has been less explored due to its relatively
higher formation energy, with a primary focus only on carbon group elements such as Ge, Sn,
and Pb*27, Notably, the wider variety of potential dopants, such as rare earth ions, alkaline
earth metal ions, and transition metal ions, establishes B-site cation engineering as a promising
avenue for effectively suppressing ion migration and improving the long-term stability of
perovskites optoelectronics?’®. Furthermore, recent advances in B-site co-doping and multiple-
element doping have demonstrated the creation of novel optoelectronic properties and a
reduction in Pb toxicity for Pb-based perovskites®1%4277:278 Thjs development significantly
expands the scope of compositional engineering on the perovskite B-site, offering strong
prospects for further improving the stability of halide perovskite materials and devices.
However, a comprehensive model rationalizing how doping engineering impacts the ion
migration in halide perovskites is still lacking, hindering the development of effective doping
strategies to fundamentally address the prevalent ion migration in these materials.

Unlike conventional semiconductors such as GaAs and CdTe, hybrid perovskites are known
for their physically 'soft' nature and highly dynamic characteristics®*°. In these materials, the
inorganic octahedral lattice exhibits substantial atomic oscillations, which moderates the
optoelectronic properties, particularly exciton binding energies and charge-carrier mobilities,
thereby influencing the photovoltaic performance?®27°, Previous studies on ion-conducting
materials (e.g., Li-ion conductors) showed that low-frequency lattice excitations with
significant atomic oscillation can facilitate ion hopping to adjacent sites?®. Despite these
observations, the impact of lattice dynamics upon the prevalent ion migration in halide
perovskites remains poorly understood. Elucidating the underlying mechanism holds
significance for developing design principles to effectively suppress the undesirable ion

migration in halide perovskites and enhance the longevity of the corresponding devices.
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In this work, through a systematic first-principles study combining density functional theory
(DFT) and machine learning molecular dynamics (MLMD) simulations, we reveal the
correlation between the perovskite lattice dynamics and ion migration, elucidating the
underlying mechanism by which strain engineering mitigates ion migration in halide
perovskites. We further demonstrate that B-site doping, especially for lanthanide (Ln) series
elements and certain Group 1A alkaline earth elements, is more effective than A-site and X-
site substitutions and interstitial doping in locking octahedral lattice rocking motion and
mitigating undesired iodine ion migration in the prototypical MAPbI; (MA=CHsNHs3)
perovskite. Importantly, multiple-element B-site doping strategies, especially Eu-Yb-Ca and
Sm-Yb-Ca doping, demonstrate superior effectiveness, guiding the experimental
implementation of hysteresis-free perovskite single crystals with greatly improved ambient

stability and optoelectronic properties.

7.2 Simulation Method

7.2.1 Computational Method

All the first-principles calculations in this work were carried out based on Density Functional
Theory (DFT) in the Vienna Ab initio Simulation Package (VASP)!* with the projector-
augmented wave (PAW) method*®. The kinetic energy cutoff of the plane-wave basis was set

at 400 eV and a Monkhorst—Pack sampling of 2 x 2 x 2 k-points was used for Brillouin zone

integration. The DFT-D3 scheme of Grimme was adopted for the van der Waals correction?®.
For the exchange-correlation functional, the climbing-image nudged elastic band (CI-NEB)
and Ab initio molecular dynamics (AIMD) simulations were performed based on the
generalized gradient approximation of Perdew, Burke, and Ernzerhof (PBE)!° and the
reaction enthalpies and electronic bandgaps were obtained using Heyd—Scuseria—Ernzerhof

hybrid functional (the mixing parameter of 0.46) with the spin—orbit coupling (HSE-SOC)**3,
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To simulate the ion migration pathway, model doping lattice, and perform Ab initio molecular
dynamics simulations, we used the 2 x 2 x 2 supercells of the tetragonal structure (384, 384,
and 160 atoms for MAPDIs, FAPDIs, and CsPbls, respectively). All atoms were relaxed until
the force on each atom was smaller than 0.01 eV/A. The relaxed lattice parameters of the
prototypical MAPbIs are 8.77 A, 8.77 A, and 12.77 A, respectively, compared with the
experimental values of 8.85 A, 8.85 A, and 12.44A%', The configurations of the co- and
multiple-element doped perovskites were obtained using the special-quasirandom-structures
(SQS) method?6283 implemented in the Alloy-Theoretic Automated Toolkit (ATAT) code?®“.
The optimized atomic structures of the representative Eu-Ca and Eu-Yb-Ca doped MAPbI3 are

shown in Figure 7.1.

Figure 7.1. Optimized structures of the representative (a) Eu-Ca and (b) Eu-Yb-Ca doped
MAPDs.

7.2.2 Ab initio Molecular Dynamics

Ab initio molecular dynamics (AIMD) simulations lasted 30 ps with the time step of 1 fs in the
canonical (NVT) ensemble. The temperature was controlled at 300K by using the Nose-Hoover

thermostat*!.
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7.2.3 Diffusion Barrier Calculation

The ion migration pathway and its energy profile were calculated by the nudged elastic band
(CI-NEB) method in conjunction with the climbing image method?®, as implemented using
the VASP Transition State Tool. Given tetragonal perovskite lattices possess two inequivalent
iodine sites, two potential migration pathways emerge, namely the equatorial-equatorial
mechanism and the axial-equatorial mechanism?4’2">, We focused on the equatorial-equatorial
one, which has been reported to exhibit a relatively lower migration barrier and thus serves as
the dominant migration mechanism in halide perovskites®*”2™. For each pathway, eight
intermediate images are linearly incorporated between the initial and final states of relaxed
structures. The migration barriers were calculated by evaluating the energy difference between
the diffusing species in their ground-state configuration and at the transition state during the
migration. To investigate the iodine migration barrier in doped systems, we focused on that at
the impurity center for reference. Additionally, to minimize the impact of MA-induced dipole
polarization on the resulting migration barriers?®, we considered migration pathways that have
a similar local MA arrangement (taking the interstitial Naj-doped, and substitutional Eu- and
Cl-doped systems as examples), as shown in Figure 7.2. Noted that a higher B-site dopant
concentration was selected in the theoretical studies, compared to experimental conditions, to
balance computational feasibility with trend observation. This approach, commonly used in
computational studies, effectively demonstrates the influence of B-site doping on perovskite

stability and provides qualitative insights into dopant behavior.
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Figure 7.2. The migration of iodine ion in the representative (a) interstitial Nai-doped, and (b)
substitutional GA-, (c) Eu- and (d) Cl-doped MAPDI3 lattices to the adjacent lattice site via
interstitial mechanisms based on the NEB simulations. Here, grey, pink, purple, green, blue,
brown, light cyan and white spheres represent lead, europium, iodine, chlorine, sodium, carbon,
nitrogen and hydrogen atoms respectively. The yellow spheres highlight the diffusing iodine
ions, and the red arrows point to the direction of iodide migration in the lattice.

7.2.4 Machine Learning Molecular Dynamics

Machine Learning Molecular Dynamics (MLMD)?*32# was performed as implemented in
VASP. All the datasets were trained based on the on-the-fly hybrid AIMD and MLMD
calculations. In this scheme, first-principles ab initio calculations will be conducted when local
molecular environments are significantly different from those already stored as the training
data. The force field was generated with a cutoff radius of 7 A for the angular descriptor and a

width of 0.5 A of Gaussian functions for broadening the atomic distributions of the radial
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descriptor. In this study, Machine Learning Force Field (MLFF) was trained in a NVT
ensemble with a time step of 1 fs. Specifically, the training involves 50-ps NVT simulations at
200 K, 300 K, 400 K and 500 K for the 2 x 2 x 2 (384-atom) supercells of the pristine and
(Eu, Yb, Ca, Eu-Ca, and Eu-Yb-Ca) doped MAPbIs, and those containing a I;". Based on the
obtained datasets of MLFF, 1.5 ns NVT-MLMD simulations with a time step of 1 fs were run

for the 384-atom pristine and doped MAPbI3z with I;".

7.2.5 Sample Preparation

The MAPDI3 perovskite single crystals were grown using the inverse temperature
crystallization method. Specifically, a stoichiometric molar ratio of precursor solution (1.0 m)
was prepared by dissolving MAI (10.0 mmol) and Pbl> (10.0 mmol) compounds in 10 ml y-
butyralactone (one-step process). After stirring at 60 °C for 12 h, the mixed solution was
filtered through a 0.22 pm polytetrafluoroethylene filter and transferred into glass vials.
Thereafter, the glass vials with the filtered solution were placed on the hot plate heated to 95 -
110 °C and kept this temperature for 3 - 5 h. Then, the MAPDbI3 crystals would be formed in the
crystallizing dish. For B-site-doped (Ca, Eu, and Ca/Eu) MA,Pb-based perovskite single
crystals, a small amount of Cal,, Eulz, and their mixture was dissolved into the precursor
solution of MAPDI3 at a specific concentration to form MAPD(:B-site doping)ls perovskite
single crystals. The concentration of B-site dopants in the perovskite solution is calculated at

0.5% according to the molar ratio with Pb.

7.2.6 Characterizations
XRD measurements on the halide perovskite powder (by gridding the single crystals into
powders) were performed using PANalytical Pro Powder Diffractometer with Cu Ka

(wavelength of 1.5418 A) X-ray source. UV-Vis absorption spectra were recorded by using an
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Agilent Cary 5000 UV-vis-NIR spectrophotometer. SEM and EDS testing were carried out
using Zeiss ULTRA plus under the operating voltage of 20 kV. The hole-only devices with
vertical Au/Perovskite/Au structure were fabricated for I-V measurements and SCLC analyses.
In detail, an 80-nm gold (Au) anode was deposited on the top surface of the perovskite single
crystals by thermal evaporation (AJA ATC-1800-E e-beam thermal evaporator). Then, a 105-
nm Au cathode was deposited on the bottom surface of the single crystal samples. The devices
with lateral Au/Perovskite/Au structure were fabricated for the voltage-sweep-rate-dependent
I-V measurements, with the aim of the hysteresis analyses. Specifically, the 105-nm Au
electrodes were deposited on the surface of the perovskite single crystal samples with the
shadow marks. The 1-V measurements of all the perovskite single crystals were carried out
using a two-terminal probe station (Everbeing Int’l Corp.) and a 4200A-SCS Parameter

Analyzer.

7.2.7 SCLC Analyses

We performed current-voltage (I-V) measurements to assess the charge transport properties
and trap behaviors of all types of MA,Pb-based perovskite single crystals (including the pristine,
Ca-, Eu-, and Cs-Eu co-doped samples). The space-charge-limited-current (SCLC) analyses
were carried out based on the obtained I-V data. As shown in Figures 5e,5f in the main text
and Figure S13 as shown above, three regions can be clearly identified in the 1-V curves,
including Ohmic (n = 1), trap-filling (n > 3), and Child’s (n = 2) regions.

At the low applied voltage, the 1-V curves obey Ohm’s law, that is, | values increase linearly
with V values. Following the Ohmic region, the curves exhibit the rapid nonlinear rise in
current values starting at the point of trap-filled limit (TFL) voltage VrrL, indicating the
transition into the trap-filling region. In the second region, all the trap states are expected to be

filled by the injected carriers. The trap density (Nt) can be evaluated by the following equation:
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in which ¢ is the relative dielectric constant materials, «o is the vacuum permittivity, e is the
electronic charge, and L represents the thickness of the single crystals.

In the third region (Child’s region), which shows trap-free characteristic at high bias, the I-V
curves follow the Mott—Gurney's SCLC theory expressed by the following equation:
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where w is the carrier mobility, J is current density, and V is the corresponding applied voltage.

Thereby, the « can then be obtained through the following equation:

813 9
= 9ec0(v?)

7.3 Results and Discussions

7.3.1 Intricate Interplay Between Inherent Lattice Dynamics and lonic Transport in Halide
Perovskites

We first revisited and compared the interstitial-mediated iodine migration mechanism (I;),
which is believed as the most common ion migration process®’:88.247264-266 jn three common
halide perovskite materials, namely, hybrid FAPbls (FA=HC(NH2)2, formamidinium) and
MAPDI3 (MA=CH3NHs, methylammonium), and inorganic CsPbls. In tetragonal perovskite
lattices, the two inequivalent iodine sites give rise to two potential migration pathways, namely
the equatorial-equatorial mechanism and the axial-equatorial mechanism?#727, We focused on
the equatorial-equatorial pathway, which has been reported to exhibit a relatively lower
migration barrier and thus serves as the dominant migration mechanism in halide
perovskites?”2", Figure 7.3a shows the minimum energy paths (MEP) for interstitial iodine

migration, examined by using the climbing image nudged elastic band (CI-NEB) method. The

168



calculated migration barriers for these three perovskites are present in Figure 7.3b. As can be
seen, iodine interstitials are highly mobile in the three perovskites, with the calculated
migration barriers comparable to those of fast ion-conducting materials, e.g., Li-ion

247 and experimental observations?67:2,

conductors?®, Consistent with previous calculations
the migration of I;” in MAPDIz3 is faster than in the other two perovskite systems. In comparison,
CsPbls exhibits the highest migration barrier for I, even though spatially CsPbls with the
smallest Cs cation possesses the largest interstitial void. The void cavity diameters®®® were
estimated by calculating the average distance between the centers of the A-site cation to the
nearby Pb (d4_pp), then subtracting their effective ionic radius (r, and rpp), namely d4_p, —
4 — Tpp. The calculated void sizes are 2.23 A for CsPbls, 1.79 A for MAPbIs, and 1.86 A for
FAPbIs. Additionally, CsPbls has the shortest diffusion pathway (3.56 A for CsPbls, 4.29 A for
MAPDIz, and 4.57 A for FAPbls between two neighbouring equilibrium sites), which is
conventionally expected to facilitate the fast interstitial ion motion due to due to reduced steric
hindrance. The seemingly counterintuitive correlation between barrier energy and geometric

factors indicates that other factors play a more important role in impacting ion migration in

halide perovskites.
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Figure 7.3. (a) The migration of interstitial iodine I;” ions in (left) MAPDIs, (middle) FAPDI3,
and (right) CsPblz lattice to the adjacent lattice site based on the NEB simulations. Here, grey,
purple, cyan, brown, light blue and white spheres represent lead, iodine, caesium, carbon,
nitrogen and hydrogen atoms, respectively. The yellow spheres highlight the diffusing iodine
ions, and the red arrows point to the directions of iodide migration in the lattices. (b) Calculated
ion migration energetic profiles for interstitial iodide in MAPbIl3, FAPbI; and CsPbls. (c)
Average standard deviations (o) of inorganic Pbl, octahedral lattice from the equilibrium
positions in FAPDbls, MAPbDI3, and CsPblz perovskites from AIMD simulation at 300K. (d)
Migration barrier of I in the prototypical perovskite MAPDI3 under the applied hydrostatic
pressure as a function of the average standard deviations (o) for the positions of inorganic Pbl
octahedral lattice in AIMD trajectories at 300 K.

Previous studies on ion-conducting materials indicate a complex interplay between lattice
dynamics and ion migration?°. Indeed, the migration of I;"in perovskites involves significant
structural relaxation of the host inorganic Pbl, octahedral lattice (Figure 7.3a). This is
intuitively related to the dynamic disorder within halide perovskites?®’. To quantitively
characterize the lattice dynamics properties of the three perovskites, we performed AIMD
simulations at room temperature and analysed the average standard deviations (o) for the

positions of the host inorganic Pbl, octahedral lattice in the trajectories?’® through o =
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. Here, r; and r; ; stand for the position of host atom i (Pb/I) before and after

Jj units of simulation time; n and m for the total number of Pb/I atoms and of steps of the AIMD
simulation, respectively. A larger deviation implies stronger atomic vibration from the
equilibrium position, suggesting enhanced dynamic disorder of the Pbl, octahedral skeleton

and reduced lattice stability.
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Figure 7.4. Changes in (a) lattice parameters (a, b, and c¢) and (b) volume of MAPbI; as a
function of the applied hydrostatic pressure.

A-site cation indirectly impacts perovskite lattice stability. As shown in Figure 7.4, MAPbI3
exhibits the lowest lattice dynamic stability, followed by FAPbIz and then CsPbls. A similar
trend was observed in the previous studies?®*?’®. Compared with organometal-based
perovskites, the smaller Cs cations in all-inorganic CsPblz lead to shorter Pb-I bonds and
stronger ionic interactions within the inorganic lattice, thereby increasing the lattice dynamic
stability. FAPDbIz displays a slightly smaller amplitude of rocking motion of the Pb-1 octahedron
as compared to MAPDIs, which can be attributed to weaker s-p antibonding coupling, resulting
in a relatively stronger Pb-I ionic bond in FA-based perovskite!’®. Significantly, across these

three perovskite systems, an increase in the lattice atomic dynamic deviation (o) correlates
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with higher ion migration barriers of I, as shown in Figure 7.3c, suggesting a link between
octahedral lattice dynamic stability and ion migration in halide perovskites.

Halide perovskites, known for their lattice softness, are sensitive to pressure strain. To further
explore the correlation between lattice and ion dynamics, we applied hydrostatic pressures
ranging from —1.5 to 1.5 GPa on the prototypical MAPbI3 and studied the migration behaviour
of iodine interstitial. Negative pressure induces expansion, while positive pressure causes
compression of the perovskite lattice, with the optimized lattice parameters and volumes shown
in Figure 7.4. As shown in Figure 7.3d, the standard deviation o of the inorganic Pblg
octahedral lattice is indeed highly responsive to this modest stress range, comparable to and
even surpassing the impact of the complete substitution of the A-site cation (Figure 7.3c). The
calculated migration barriers for I;” show that the applied compressive strain leads to enhanced
barriers, whereas the applied tensile strain reduces them. Generally speaking, compressive
strain reduces the unit cell volume and lattice void space, thereby increasing the migration
barrier. More importantly, the migration barriers visibly align with the average standard
deviations (o) of the host Pbl, octahedral lattice in Figure 7.3d, reaffirming the critical role of
lattice dynamics in the interstitial iodine migration. Specifically, compressive strain restricts
the oscillation of the octahedra and diminishes local structural distortions, which in turn
elevates the energy required to overcome the transition state for iodine migration. In contrast,
tensile strain increases the diffusion space and lowers lattice dynamic stability, collectively
promoting iodine migration through the perovskite lattice. Indeed, experiments have shown
that the compressive strain mitigates the ion migration?°270 and tensile strain increases the ion
migration in the perovskite layers?’*, though the detailed atomic-scale mechanism remains not
fully understood. This relationship between octahedral dynamics and migration illustrates the

intricate interplay between inherent lattice dynamics and ionic transport in halide perovskites.
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7.3.2 Elemental Doping Strengthens the Perovskite Lattice

Alternatively, elemental doping offers a viable strategy to locally strengthen the lattice
framework and mitigate ion migration in halide perovskites. As shown in Figure 7.5, 32 types
of cations and anions were investigated, as substitutional and interstitial dopants at a
concentration of 3.13%, to systematically assess the doping effect on the ion migration of I;”
in the prototypical MAPbI3. These substitutional dopants include A-site (FA™, Cs™, Rb*, Fr,
GA* = Guanidinium, and DM* = Dimethylammonium) in red, B-site (Sn?*, Ge?*, Ba?*,
Sr2*, Ca?*, Cd?*, Zn?*, Aut, Ag™, Bi3*, Sb3* La3t, Ce3t, Nd3t, Sm?*, Eu?t, Tm?*, Yb?t)
in green, and X-site (Br~, CI7, F~, and pseudo-halides of SCN~ and CN~) in blue, and the
interstitial dopants (Li;, Na;, K;, and Rb;) in magenta. Some of these dopants have been
reported to be successfully incorporated into perovskite lattice and somewhat suppress ion
migration behavior (such as FA*, Cs*, GA*, Br™, Cl~, Sn?*, Ca?*, and Bi®*, Rb; and
K;)89:98:256.272-275290.291 " \nhjle others have not yet been investigated and thus require further

verification.
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Figure 7.5. The interstitial iodine migration barriers in the doped and pristine MAPDI3 as a
function of the lattice ionic interaction term — Z’”ﬂ. Red, green, blue, magenta and black dots

B-X
denote substitutional doped at A-, B-, X-site, and interstitial doped and pristine perovskite,
respectively. dg_x represents the equilibrium average bond length of B- and X-site ions of the
octahedron, and q,, and gy are the valence states of the B- and X-site ions based on Bader
charge analyses. To minimize the impact of MA-induced dipole polarization on the resulting
migration barriers?®®, we considered migration pathways that have a similar local MA
arrangement (taking the interstitial Naj-doped, and substitutional GA-, Eu-, and Cl-doped
systems as examples), as shown in Figure 7.2.

The —?ﬂ-migration barrier map was constructed, outlining all the doped and pristine

B-X

MAPDI; systems, as shown in Figure 7.5. Note that the term — 322 is closely related to the

B-X

Madelung energy, namely, Upyqq = —a ZB‘“‘

, Which is extensively utilized to describe the
B-X

strength of Coulombic interactions in perovskite crystals (given that the ionic interaction is

jointly influenced by both the bond length and the valence states of the ions involved). Here,

a, qg(qx), and dg_x stand for the Madelung constant for the perovskite structure (ABX3), and
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the equilibrium average ionic charge states and bond length of B cation and X anion,

respectively. To explicitly gain atomistic insights into how dopants strengthen the perovskite

lattice, the ionic interaction term — ZBﬂ was calculated for the octahedron of the doping center,

B-X

qaB4x

at which we determined the migration barrier for I;” (see Figure 7.6). A larger — ° value

B-X
indicates enhanced ionic attraction and thus lattice stability induced by the dopant. To
determine gz and qy, we performed Bader charge analyses on both pristine and doped

perovskites to ascertain the absolute valences of the doping element and bonded host ions.

Figure 7.6. Schematics for the local BX, octahedron of the doping center for calculating the

lattice ionic interaction term —Z’gﬂ. The yellow spheres highlight the simulated diffusing
B-X

iodine ions, and the yellow arrows point to the direction of iodide migration in the lattice.

Interstitial dopants typically act as steric hindrance agents, narrowing the diffusion pathway of
mobile ions (see Figure 7.2a). Hence, larger dopants would lead to higher migration barriers
for I;. On the other hand, we noted that the insertion of larger interstitial impurities causes
lattice expansion and weakens the Pb-1 bonds, resulting in lower lattice stability and increased
octahedral dynamic disorder (see the magenta dots in Figure 7.5 and Figure 7.7), which would

facilitate iodine ion migration to some extent. The combination of these effects leads to that
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moderate-sized Na and K are more effective alkali candidates for interstitial engineering to
impede ion migration in perovskites. A similar effect was observed for the A-site substitution
with larger-size cations (e.g., GA* and DM*) (see a significant curved diffusion pathway that
is bowed out of the Pb/I plane in Figure 7.2b), resulting in a higher migration barrier, though
it somewhat weakens the ionic interaction within the octahedral lattice. The low lattice stability
and pronounced octahedral dynamic disorder induced by these dopants (Figure 7.7) have
critical implications on the optoelectronic performance of the perovskites. Specifically, the
electronic bandgap, which directly impacts photovoltaic behavior, is associated with Pb-1 bond
hybridization!®®. This enhanced electronic disorder proves detrimental to charge carrier

transport in the perovskite active layers?,
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Figure 7.7. The iodine migration barriers via interstitial mechanisms in the doped and pristine
MAPDI3 as a function of the average squared derivations (o) of inorganic octahedral lattice at
300 K in the pristine and various single-doped MAPDI3; perovskites at the impurity
concentration of 3.13%.

In contrast to interstitial doping, which impedes iodine motion by spatially blocking ion
diffusion channels, substitutional doping (except with larger A-site dopants) may play a more

important role in chemically strengthening perovskite lattice, thereby influencing ion migration.

A roughly linear trend was observed for the substitutional dopants: the migration barrier

increases as the —Z’fﬂ for the local octahedron is enhanced, supporting the generalization of
B-X

the proposed relationship between perovskite lattice stability and ion dynamics (also evidenced
by the reduced lattice dynamic disorder in AIMD trajectories for the substitutionally doped
system in Figure 7.7). Although A-site dopants do not directly bond with the Pb-1 lattice, they
indirectly influence the stability of the octahedral lattice by modulating the B-X bond length,
with Rb and Cs dopants exhibiting superior effectiveness in mitigating iodine migration.
Notably, B-site doping significantly enhances the rigidity of the inorganic Pbl, octahedron
network, leading to greater lattice stability and effectively reducing the mobility of iodine ions
compared to alterations at either the A- or X-sites. In particular, low-electronegativity metals
from the Ln-series and Group A (alkaline earth) increase the migration barrier by more than

90% compared to the pristine barrier.

7.3.3 lon Migration Suppression through Multiple B-site Doping
The Goldschmidt tolerance factor (t) and octahedral factor (u), derived from Pauling’s rule,

are two important geometric quantities commonly used to assess the formability of cubic

+
_Tat70) and p =B, where 1,

perovskite ABXs crystal structures. They are defined as 7 = i) ~

rg, and ry are the ionic radius of A-site, B-site and X-site ions, respectively. A stable 3D

perovskite structure generally requires 0.80 < 7 < 1.00 and 0.41 < u < 0.75. However, previous
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studies have indicated that some materials within such stable ranges are unstable, while certain

292 underscoring the limitations of

materials outside these ranges can indeed be stable
accurately screening emerging stable perovskites using the simple empirical T or u factors
alone. As shown in Figure 7.8, we identified a notable correlation between the migration
barrier and ut for promising B-site doping candidates. From a fundamental perspective, ut
improves the sensitivity of geometric descriptors by integrating the combined effects of
perovskite geometry and octahedral coordination, surpassing the predictive power of single T
and u factors in predicting perovskite crystallographic stability. The barrier-t and barrier-u
relationships are also presented in Figure 7.9 for reference. Importantly, the combined effect
of ionic electronegativity and size leads to such a trend, pointing to key criteria for selecting
doping candidates. Higher migration barriers were observed in systems doped at the B-site with
cations of low electronegativity and moderate ionic radius (specifically within the range of 0.43
< ut < 0.46, compared to the nominal wider stable range of 0.33 < ut < 0.75), especially in
cases involving Sm, Eu, Yb, Sr, and Ca doping. Conversely, cations with larger (e.g., Ba) or
smaller (e.g., Mg) sizes, or higher electronegativity (e.g., Bi, Sn, and Tm) were found to be less
effective, rendering them suboptimal choices for applications. The current results further
underscore the significant effectiveness of B-site doping with certain Group IlA alkaline earth

and Ln-series metals in stabilizing the perovskite lattice and reducing prevalent iodine

migration in the perovskite active layer.
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Figure 7.8. (a) Interstitial iodine migration barrier in various B-site doped MAPbI; as a
function of ut, where t and u are tolerance factor and octahedral factor, respectively. (b)
Histograms comparing the decomposition energies for pristine, single-doped (Sm, Eu, Yb, and
Ca at an impurity concentration of 9.38%), co-doped (Sm-Yb, Sm-Ca, Eu-Yb, and Eu-Ca at an
impurity concentration of 6.25%), and multiple-doped (Sm-Eu-Yb, Sn-Eu-Ca, Sm-Yb-Ca, and
Eu-Yb-Ca at an impurity concentration of 9.38%) MAPDbIz. (c-e) Comparing the energy barrier
for interstitial iodine migration at the corresponding impurity centers in the Eu-Yb-Ca multiple-
doped MAPDI3 and the Eu/Yb/Ca single-doped counterparts.
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Figure 7.9. Interstitial iodine migration barrier in various B-site doped MAPbIs as a function
of (a) tolerance factor (7) and (b) the octahedral factor (u), respectively.

Significantly, the inverted V-type trend for the migration barrier suggests a promising strategy
for B-site cation engineering: co-doping or multiple-doping with relatively larger Eu (Sm) and
smaller Ca (Yb) would further minimize size mismatch and induced microstrain, thereby
effectively improving the perovskite lattice stability and alleviating the detrimental ion
diffusion. Indeed, recent experiments have indicated that incorporating multiple specific
doping elements in halide perovskites can stabilize sub-phases with significant lattice
expansion and contraction?’’. For the co- and multiple-element doped systems, we generated

the configurations using the special-quasirandom-structures (SQS) code?® of the Alloy-
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Theoretic Automated Toolkit (ATAT)?* and the optimized atomic structure of the
representative Eu-Ca and Eu-Yb-Ca doped MAPbIs are shown in Figure 7.1. Our calculations
indeed reveal a more pronounced restriction of the octahedral dynamic disorder and higher
lattice stability in the exemplary Eu-Ca, Eu-Yb, Sm-Ca, and Sm-Yb co-doped and Sm-Eu-Ca,
Sm-Eu-Yb, Eu-Yb-Ca, and Sm-Yb-Ca multiple-doped system (see green and blue points in
Figure 7.10), with the Eu-Yb-Ca multiple-doping showing the most significant effects. Static
analysis indicates that multiple-doping MAPbIz with Eu-Yb-Ca substantially enhances ionic
interaction at the corresponding impurity centers compared to the single-doped analogues at
the same impurity concentration (see Figure 7.11). From a thermodynamic point of view, these
co-doping and multiple-doping strategies significantly increase decomposition energy (with
respect to their precursor phase iodide salts), demonstrating stronger stability than single-
dopings, as shown in Figure 7.8b. Further, the HSE-SOC calculations (see Figure 7.12)
indicate that these doped systems maintain favorable direct electronic bandgaps from the
pristine perovskite, underscoring them as promising material candidates for the real-world

photovoltaic and optoelectronic applications based on Shockley-Queisser (SQ) limit!,
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Figure 7.10. The average squared derivations (o) of inorganic octahedral lattice at 300 K for
pristine, single-doped (Sm, Eu, Yb, and Ca at an impurity concentration of 9.38%), co-doped
(Sm-Yb, Sm-Ca, Eu-Yb, and Eu-Ca at an impurity concentration of 6.25%), and multiple-
doped (Sm-Eu-Yb, Sm-Eu-Ca, Sm-Yb-Ca, and Eu-Yb-Ca at an impurity concentration of
9.38%) MAPbIs, as a function of u.¢7.¢. For co- and multiple-element doping, the doping
elements were considered as a single cation with r5 being determined by averaging the ionic
radii of the impurities for reference, and accordingly, the effective tolerance factor 7., and

octahedral factor u.rf were defined, respectively.
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Figure 7.12. Electronic bandgaps for pristine, single-doped (Sm, Eu, Yb, and Ca at an impurity
concentration of 9.38%), co-doped (Sm-Yb, Sm-Ca, Eu-Yb, and Eu-Ca at an impurity
concentration of 6.25%), and multiple-doped (Sm-Eu-Yb, Sm-Eu-Ca, Sm-Yb-Ca, and Eu-Yb-
Ca at an impurity concentration of 9.38%) MAPbI3, based on the HSE-SOC calculation.

To explicitly evaluate the impact of B-site multiple-doping on the migration of iodide
interstitials, we specifically focused on the exemplary Eu-Yb-Ca doped MAPDIs perovskite.

Accordingly, we conducted static CI-NEB simulations and quantitively calculated the

migration barrier for iodide ions at the doping centers in the Eu-Yb-Ca multiple-doped system
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and compared it with those in the Eu, Yb, and Ca single-doped systems (at the same impurity
concentration of 9.3%). The energy profiles, shown in Figure 7.8c-e, reveal that in the
multiple-doped perovskite, migration barriers are enhanced by around 18%, 17% and 14% at
the Eu, Yb and Ca centers, respectively, compared to the corresponding single-doped

counterparts.
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Figure 7.13. Diffusion trajectories for interstitial iodine ion in (a) pristine, (b) Eu single-doped,
and (c¢) Eu-Ca, (d) Eu-Yb-Ca multiple-doped MAPbIs perovskites over the 1.5-ns MLDM
simulation at 300 k, where the grey, green, orange, and purple octahedra stand for the inorganic
Pblg, Eulg, Yblg, and Calg octahedra of the perovskite, respectively. (e) Diffusivity (D) of
iodine interstitial in pristine, Eu-doped, Yb-doped, Ca-doped and Eu-Ca, Eu-Yb-Ca multiple-
doped MAPDI3z perovskites from MLMD simulation. The error bar of D is the statistical
uncertainty from the linear fitting of mean square displacement over time.

To gain dynamic insight into the mechanism of ion migration remedied by multiple-element
doping and to account for the thermodynamic effects under realistic device operational
conditions, we further performed 1.5-ns NVT Machine Learning Molecular Dynamics (MLMD)
simulation at 300 K based on the training data set from on-the-fly hybrid AIMD. As shown in

Figure 7.13a-d and Figure 7.14, we extracted the random walking trajectories for interstitial
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diffusion of iodine ion in pristine, single-doped, and multiple-doped systems over the MLDM
simulation. As can be seen, the interstitial iodine trajectories in the three single-doped
perovskites (Figure 7.13b and 7.14) are significantly reduced compared to the pristine case
(Figure 7.13a) during the 1.5-ns MLMD simulation. Notably, the Eu-Ca (Figure 7.13c) and
Eu-Yb-Ca (Figure 7.13d) multiple-doping show more pronounced effects, indicating effective
suppression of iodine migration in the perovskite lattice. To quantify these visual observations,
we calculated the interstitial iodine diffusivity (D) based on the mean square displacement
(MSD) measurement, as shown in Figure 7.13d. At room temperature, the interstitial iodine
diffusivity in the pristine perovskite lattice is as high as ~6.4 x 10~8cm? /s, aligning with the
experimentally reported values of 1078 — 10~ 11cm? /54929329 Increased stability is observed
when ion migration is suppressed by single doping strategies with diffusivity values of
~1.7 x 107 em? /s, ~2.3 x 107 em? /s, and ~4.0 X 10~*t¢m? /s for Eu-, Yb-, and Ca-
doped systems, respectively. Such a trend is consistent with the static CI-NEB predictions
shown in Figure 7.5. Significantly, the iodine ion in Eu-Ca and Eu-Yb-Ca multiple-doped
systems exhibits even lower diffusivity values of ~1.6 x 107*2cm?/s and ~9.2 X
10~3cm? /s, respectively. These values are comparable to the range of 1072 — 10~ °cm? /s
observed in lower-dimensional halide perovskites**8%118 'which are known for their negligible

ion migration.
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(b)

Figure 7.14. Diffusion trajectories for interstitial iodine ion in (a) Yb- and (b) Ca-doped,
MAPDI3 perovskites over the 1.5 ns MLDM simulation. The grey, orange, and purple octahedra
stand for the inorganic Pblg, Ybl, and Cal, octahedra of the perovskite, respectively.

7.3.3 Experimental Implementation of Hysteresis-Free Perovskite Single Crystals with Greatly
Improved Stability and Optoelectronic Properties

To experimentally validate the theoretical predictions for multiple B-site doping strategies, we
pursued experimental studies focusing on single Eu doping of Ln-series, single Ca doping of
alkaline earth, and Eu-Ca co-doping in the prototypical MAPDbIz single crystals as
representative examples, which are predicted to significantly suppress ion migration in the
perovskite. We first grew single crystals of Eu-doped, Ca-doped, and Eu-Ca co-doped MAPDbI3
perovskites using the established inverse temperature crystallization (ITC) method, and the
related synthetic details are shown in the Experimental Method section. X-ray diffraction (XRD)
measurements (Figures 7.15a and 7.15b) reveal that both the pristine and the Eu-Ca doped
MAPDI3 single crystals have a tetragonal perovskite lattice with higher crystallinity. From the
X-ray measurement results as shown in Figure 7.15a, the perovskite peaks for the pure single-
crystal perovskite were largely reduced and a strong Pbl> (12.7<) characteristic peak appeared
in the spectrum after 7 days of air exposure. In contrast, for the Ca/Eu-co-doped perovskite

single crystals, no clear Pbl, peak was observed after even 30 days of air exposure. This clearly
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demonstrates that co-doping of a small amount of Ln and alkaline earth metallic cations is
highly beneficial for maintaining the stable perovskite structure of hybrid MA-based
perovskites. Moreover, energy-dispersive X-ray spectroscopy (EDS) measurement (Figure
7.16) on these doped single crystal samples confirmed the even distribution of the doping
elements within the perovskite structures. We also investigated the optical properties of a series
of halide perovskite single crystals, including pure and a series of B-site-doped variants. The
steady-state absorption spectra for all samples, as shown in Figure 7.15c, exhibited sharp band
edges, demonstrating the high crystallinity of the as-grown perovskite single crystals. Band
gaps extracted from Tauc plots show the values of 1.511 eV, 1.526 eV, 1.532 eV, and 1.557 eV
for the pristine, Eu-doped, Ca-doped, and Eu-Ca co-doped MAPbIs single crystals, respectively
(inset of Figure 7.15c). The red shift of the steady-state absorption spectrums of the perovskite
single crystals after B-site doping, together with the relevant increased band gap values, are in
good agreement with our simulation results predicted by our HSE-SOC calculations and the

recent reports 2%,
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Figure 7.15. X-ray diffraction spectra comparing (a) the as-grown pristine MAPbI3 perovskite
single crystals to (b) the Eu-Ca co-doped MAPDI3 perovskite single crystals, both initially and
after 7 days and 30 days of air exposure. (c) Ultraviolet-visible absorption spectra of the pristine
and various B-cite-doped MAPDI3 perovskite single crystals. Inset: corresponding Tauc plots
displaying the optical band gaps of the pure and a series of B-cite-doped perovskite single
crystals. (d) Current-voltage characteristics of the (I) pristine, (I1) Ca-doped, (111) Eu-doped,
and (V1) Eu-Ca co-doped MAPDI3 perovskite single crystals with different voltage sweep rates.
SCLC measurements for the (e) pristine and (f) Eu-Ca co-doped MAPDI3z perovskite single
crystals (fresh and aged samples, respectively) showing three different dependence regions: the
ohmic (n = 1), trap-filling (n > 3), and child (n = 2) regions, respectively.
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Figure 7.16. Energy-dispersive X-ray spectroscopy (EDS) mapping (a) of Pb, Eu, | in Eu-
doped MAPDI3 perovskite single crystals, (b) of Pb, Ca, | in Ca-doped MAPDI3z perovskite
single crystals, and (c) of Pb, Eu, Ca in Eu-Ca doped MAPDI3 perovskite single crystals.

lodine ion diffusion in the perovskite channel has important implications on current-voltage (I-
V) hysteresis?%®267 which is strongly dependent on the sweep rates during the measurements
of the related devices. To assess the impact of ion diffusion in pristine and the B-cite-doped
MAPDI3 perovskite single crystals, we performed scan-rate-dependent measurements of the I-
V characteristics. In these measurements, the voltage was swept in sequence =5 - 0 - +5 —
0 —» =5V at the voltage sweeping rate ranging from 20 mV s~ to 1000 mV s~1. As shown

in Figure 7.15d (i), the pristine perovskite single-crystal sample exhibited significant current-
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voltage hysteresis effects even at the relativity slow voltage sweeping rate of 20 mV s~. Note
that ion migration is more pronounced at slower sweeping rates due to the slower ion motion
compared to electronic carriers (namely electrons and holes), resulting in severer hysteresis
behaviors under faster voltage sweeping conditions. In contrast, the 1-V hysteresis effect was
somewhat weaker in the Eu-doped and Ca-doped perovskite single crystals, as shown in
Figures 7.15d (ii and iii), indicative of a notable suppression of ion migration in the B-site-
doped halide perovskite crystals, which corroborates our theoretical prediction. Significantly,
the Eu-Ca co-doped perovskite single-crystal sample exhibited almost hysteresis-free 1-V
curves across all the voltage sweeping rates, suggesting significant suppression of ion diffusion
in the co-doped perovskite material (Figure 7.15d (vi)). Such negligible hysteresis effects are
rare and have been challenging to achieve in many reported studies on conventional 3D
perovskite or even 2D perovskite. This doping strategy is essential for achieving high
operational stability in perovskite-based devices with high yield and reliability.

We further investigated the electrical properties of the perovskite single crystals, in particular
their charge carrier mobility and trap density, which are key semiconducting quantities that
directly affect the material’s potential for realistic photovoltaic and optoelectronic applications.
The carrier mobility and trap density values of the pristine and the doped perovskite single-
crystal samples were determined using the space-charge-limited current (SCLC) method based
on the I-V characteristics measured in hole-only devices (see details in the Experimental
Method section). Figures 7.15e, 7.15f and Figure 7.17 show the current-voltage (I-V)
characteristics for freshly prepared pristine, Eu-doped, Ca-doped, and Eu-Ca-co-doped
MAPbI; single crystals. In principle, as for the SCLC analyses, the 1-V curves (I « V") can be
divided into three regions on the basis of the different Mott—Gurney’s power law dependences
(that is, different n values). In detail, the first, second, and third regions stand for the ohmic (n

= 1), trap-filling (n > 3), and child (n = 2) regions, respectively (see details in Supplementary
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Note. S1). The trap density (Nt) and charge carrier mobility () values could be estimated from
the trap-filled-limit (TFL) voltage (normally, the intersection of the Ohmic region and the trap-
filling region) and by fitting the 1-V curves in the third region following the Mott-Gurney
equation (see details in Supplementary Note. S1). As shown in Figure 7.15e, the V., value of
the freshly prepared pristine MAPbIs single-crystal sample is about 11.3 V. Calculations reveal
that the freshly prepared MAPDI3 single crystal exhibits a hole mobility of approximately
u~64.7 cm? V-1 s1 and a trap density of about n,~ 9.07 x 10° cm~3 at room temperature.
These values are comparable to, and even slightly better than, the previously reported values
of u~20 — 60 cm? V-1 s~1 and n,~ 10° — 10*° cm~32%. Single doping with Eu and Ca
enhances the hole mobilities of the Eu- and Ca-doped perovskite single crystals to
u~72.4cm?V-ts land u~73.8cm?V-1s™1, respectively, benefiting from their reduced
trap densities (n,~7.11x 10° cm™3 and n,~ 7.35 X 10° cm™3 for Eu- and Ca-doped
samples, respectively) (see Figure 7.17). Importantly, the as-grown Eu-Ca co-doped
perovskite single-crystal sample outperforms the single-doped cases with the lowest trap
density of n,~7.03 x 10%cm™32 and the highest mobility of u~81.2cm?V~1s™1 (see
Figure 7.15f), which have profound implications for photovoltaic and optoelectronic device
applications. Promisingly, the Eu-Ca-co-doped single-crystal perovskite showed negligible
changes in trap density and carrier mobility after 30 days of air exposure compared to the
pristine perovskite sample. Specifically, the hole mobility of the pristine perovskite single-
crystal sample droped by more than 55% after only 10 days of air exposure, whereas, for the
Eu-Ca-co-doped perovskite, the hole mobility reduced by only 5.3% after 30 days of air
exposure. This trend is also evident in the XRD spectra of the samples (as shown in Figure
7.15a), demonstrating notably improved ambient stability of halide perovskite single crystal

with Eu-Ca co-doping.
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Figure 7.17. SCLC measurements for the single (a) Eu- and (b) Ca-doped MAPDI3 perovskite
single crystals showing three different dependence regions: the ohmic (n = 1), trap-filling (n >
3), and child (n = 2) regions, respectively.

To date, while A-site and X-site substitutions have been extensively, B-site doping holds great
potential for further improvements in the device performance and stability. Our findings
significantly extend the diversity of B-site compositional engineering beyond traditional
single-element substitution. Co-doping and multiple-element doping emerge as a promising
avenue, opening up prospects for designing lead-free or reduced-lead perovskite-based solar
cells and a wide range of optoelectronic devices with improved device performance and
operational stability. Although our current experimental results demonstrate the effectiveness
of the Eu-Ca co-doped perovskite in inhibiting ion migration and enhancing ambient stability,
theoretical predictions indicate that three-element doping strategies, especially Eu-Yb-Ca and
Sm-Yb-Ca doped systems, would yield even more significant improvements. Thus far, the
experimental implementation of uniformly incorporating multiple dopants (typically three or
more elements) in the B-site in perovskites via pre- or post-processing remains challenging.
Despite their theoretical thermodynamic stability, complexity arises from chemical difficulties
in achieving well-mixed precursor solutions®* and the tendency to form multiple phases?’’. This
gap underscores the need for further experimental efforts to overcome these technical

challenges. Successfully addressing them would allow for the full exploration of multiple-
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element doping and even high-entropy alloying strategies, potentially broadening their
capabilities across the halide perovskite family and unlocking new avenues for practical

applications.

7.4 Conclusion

In summary, through a combination of density functional theory and machine learning
molecular dynamics simulations, we identified a dynamic stability trend, where greater
octahedral dynamic oscillation is intrinsically correlated with lower ion migration barriers in
halide perovskites. Significantly, B-site composition engineering proves highly effective in
stabilizing the perovskite lattice and suppressing interstitial iodine migration in MAPbDI3,
surpassing the conventional substitutional modifications at the A- and X-sites and interstitial
doping. The criteria governing the selection of the dopants are synergistically based on ionic
electronegativity and size, underlining the superior effectiveness of B-site doping Group 1A
alkaline earth metals and Ln-series metals. Moreover, we identified a notable correlation
between the migration barrier and the product of structural tolerance factor and octahedral
factor (ut), suggesting multiple-element doping as a superior strategy for B-site cation
engineering, guiding the experimental achievement of exemplary hysteresis-free Eu-Ca co-
doped halide perovskite single crystals with significantly improved ambient stability and
optoelectronic characteristics. These insights significantly expand the flexibility of B-site
compositional solutions within the halide perovskite family. More broadly, this study
establishes a link between intrinsic lattice stability and ion migration behavior, offering a
general and promising strategy for controlling ion migration through lattice engineering in a

wide range of halide perovskites and other functional materials.
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Chapter 8 Summary and Perspectives

Among the various sustainable renewable energy technologies available today, photovoltaic
technology stands out as one of the most promising and rapidly advancing solutions to the
future energy crisis. Solution-processable MHPs have rapidly achieved remarkable success
across various applications, not only in solar cells, but also in light-emitting devices,
photodetectors and other broad optoelectronic devices. Particularly in photovoltaics, the
currently certified power conversion efficiency is comparable to and even exceeds those of
crystalline silicon and GaAs, highlighting a commercially viable alternative to silicon
photovoltaics could emerge within the next few years. Despite these advancements, unresolved
issues in perovskite solar cells (PSCs)—including defect-induced nonradiative carrier
recombination, low ambient stability, phase transition, and ion diffusion — pose significant
challenges for real-world energy yields and the prospect of widespread commercialization.

Formamidinium lead triiodide (FAPbI3) currently holds the record conversion efficiency in the
single-junction perovskite solar cell. Proper iodine management is known to be essential to
suppress defect-induced nonradiative losses in FAPbIs active layers. However, the origin of
nonradiative losses and the underlying mechanism of suppressing such losses by iodine-
concentration management remains unknown. In the first work of this thesis, we discovered
that the conventionally believed intrinsic point defects are, in fact, not responsible for the
nonradiative losses; instead, interstitial hydrogen ions (H;), which can be abundant in the
FAPDI3 active layers under both iodine-rich and iodine-poor growth conditions, play a
significant role in nonradiative charge recombination. By contrast, iodine-moderate growth
conditions favour the formation of electrically inactive molecular hydrogen and reduce the
detrimental hydrogen ions in the perovskites. This provides a rationale for the experimental
observation. Moreover, we found that the commonly used HI and HBr additives, DMF solvent

as well as some organics (e.g., CoNsH and NHz) can be effective hydrogen sources for
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unintentional hydrogen incorporation, while the water vapour, DMSO solvent, and HF can only
play an insignificant role. These new findings have significant implications for potential further
enhancement of FAPbIz-based photovoltaic device performance.

The hitherto subdued power conversion efficiencies of Sn-based hybrid perovskite solar cells
are generally attributed to severe nonradiative recombination; however, the responsible deep-
level defects are still unclear. In contrast to the conventional Pb-based halide perovskite FAPDI3,
in the second work of this thesis, we demonstrated a different hydrogen-induced nonradiative
loss mechanism in the prototypical Sn-based halide perovskite FASnI3: molecular hydrogen
(H2) can be effectively captured by the native Sn vacancies (Vsn), forming Vg, — H, defect
complexes. These Vs, — H, complexes are energetically favorable hence a high defect density.
Significantly, while both Vs, and H> are not deep-level defects individually, the strong
chemical interaction within the Vg, — H, complex results in a deep transition level in the
bandgap. Our work hence points to a new processing roadmap for improving the device
performance. The roadmap emphasizes the importance of careful control of hydrogen content
to suppress the formation of detrimental defects, thereby reducing the nonradiative-induced
PCE losses in FASnIs. This can be reasonably extended into a wide range of Sn-based halide
perovskites and related devices.

Besides, the third study in this thesis uncovers the underlying mechanism behind the reduced
carrier lifetime in Sn-based perovskites due to oxygen ingress. Our first-principles calculations
reveal that oxygen alone is not responsible for nonradiative carrier recombination. Instead, it
tends to interact strongly with the iodine vacancies and substantially enhances the native carrier
recombination rate due to lattice strengthening and the suppressed structural relaxation
associated with the transition of O;. These insights provide rational guidance for the subsequent
design and optimization of nontoxic Sn-based perovskite solar cells and other broad

optoelectronics operating under ambient air conditions. It emphasizes that, in addition to the
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commonly used control of oxygen content, native defect engineering would be a critical step
to minimize the density of the iodine vacancies. Overall, hydrogen plays a primary role in
efficiency loss of perovskite-based devices under moisture and acidic conditions, whereas
oxygen more effectively promotes nonradiative carrier recombination upon exposure to
ambient air conditions.

Phase instability poses another serious challenge to the commercialization of FAPbIs-based
solar cells and optoelectronic devices. In the fourth work of this thesis, we combine density
functional theory and machine learning molecular dynamics simulations to investigate the
atomistic mechanism underlying the undesired a-6 phase transition of FAPbIs and discovered
that defects play a significant role in accelerating phase transition kinetics, aggravating the
instability of the photoactive a-FAPDIs. Furthermore, we methodically explore compositional
engineering for a-FAPDI3 stabilization, culminating in a new and rational strategy for crafting
high-performance: A-site engineering predominantly influences the thermodynamics and B-
site doping is more effective in manipulating the kinetics of the phase transition in FAPDIs.
Therefore, A-B mixed cation engineering emerges as a potent approach for synergistically
stabilizing FAPDIs perovskite.

Halide ion migration is the primary cause of perovskite degradation under operational
conditions involving electric fields, heat, light, and excess charge carriers, etc. This migration
leads to internal field screening, significantly contributing to the initial efficiency loss of
perovskite devices, surpassing the effects of the traditional defect-induced nonradiative carrier
recombination. In the fifth work of this thesis, we investigated the atomistic mechanism
underlying the undesired ion migration and uncovered the critical interplay between the
dynamics of perovskite octahedral lattice and the diffusion energy barrier associated with ion
migration. Moreover, we systematically examined doping engineering for perovskite lattice

stabilization and ion migration suppression, leading to a new and rational substitutional strategy
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for producing high-performance and durable perovskite solar cells and versatile optoelectronic
devices.

To date, numerous efforts have been devoted to achieving high-efficiency and stable perovskite
applications by investigating the bulk physics and chemistry of the materials. Note that the
perovskite solar cells (PSCs) and even other related optoelectronic devices are often built by
layering the perovskite thin film (the perovskite active layers) between electron transport layers
(ETLs) and hole transport layers (HTLs). These layers are then connected with metallic
contacts (metal electrodes) on both the top and bottom, assembled through a layer-by-layer
method. In contrast to the bulk of the material, the surface of perovskite represents a
discontinuity with numerous unterminated bonds and vacancies, which serve as primary sites
for charge trapping and nonradiative recombination. Indeed, recent experimental reports?®
have indicated that the perovskite surfaces as well as the heterojunctions with the charge
transport layers (CTLs) are the critical regions for energy dissipation, where the transport of
photogenerated carriers is impacted, in turn restricting the maximum Voc and consequently
overall efficiency of the devices. Particularly, carrier recombination at the perovskite-fullerene
interface, one of the most commonly used ETLs, has been demonstrated to exceed bulk carrier
recombination by one to three orders of magnitude®®. Such interfacial recombination could
stem from the presence of charge transfer states or low-energy states caused by the broadening
of the density of states?®. A comprehensive understanding of such recombination loss
mechanism, however, requires further investigation.

In contrast to conventional three-dimensional (3D) perovskites solar absorbers typically with
an “ABX3” stoichiometry, there exists a variety of "layered" or “low-dimensional” perovskites
through composition engineering with larger A-site cations. These 2D perovskites often have
larger bandgaps compared to their 3D counterparts but maintain similar lattice constants in the

inorganic octahedral framework. Therefore, implementing layered perovskites on top of the 3D
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perovskite, thus creating a 3D-2D perovskite heterojunction is a powerful passivation strategy
to reduce interfacial recombination losses despite the underlying mechanism remaining
elusive®®. Moreover, precisely controlling the distribution of multiple quantum wells in
layered perovskites can fine-tune the energy landscape, enabling high selectivity for
photogenerated carriers at the interface. Further exploration of such strategies is still needed to
realize ideal perovskite interfaces. Compared with traditional experimental characterization,
first-principles atomistic simulations offer a powerful and efficient tool for probing and
visualizing nanoscale crystallographic, chemical, and electrical information, and local carrier
behaviour at the perovskite interface. The emerging and artificial intelligence, including
machine learning, significantly accelerates the first-principles investigation by reducing
computational costs and improving accuracy, enabling high-throughput materials discovery
and optimization. Constructing a highly efficient theoretical-artificial intelligence-
experimental scheme to uncover the remaining mysteries at the perovskite interfaces would
advance the design of highly efficient halide perovskites, unlocking the full potential of

perovskite photovoltaics and optoelectronics.
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