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Abstract

The presence of hydrogen in high-strength steels leads to hydrogen embrittlement
(HE), causing premature cracking and posing challenges for hydrogen infrastructure
amid the global push for decarbonization. With hydrogen crucial for net-zero
emissions, addressing HE is imperative for a secure and environmentally sound
hydrogen economy. One strategy involves introducing hydrogen traps into alloy
microstructures, limiting HE. While promising, a comprehensive atomic-scale
understanding is vital. This study combines advanced microscopy and modeling to
investigate hydrogen distribution in steel microstructures. A difference in trapping
mechanisms is observed between titanium carbide (TiC) ferritic steel and Ti(Mo)C,
formed with the addition of a small amount of Molybdenum. Findings highlight the
importance of additional carbon vacancies in Ti(Mo)C, enabling hydrogen transit
within the carbide's interior.

Beyond investigating hydrogen trapping within steel precipitates, this study
explores hydrogen interactions with pearlitic steel, crucial for steel gas pipes.
Hydrogen shows a predilection for the interior regions of ferrite and cementite phases
in pearlite, but does not accumulate at interfaces, a different result to what had been
predicted in the literature. This complex interplay underscores the significance of
understanding hydrogen behavior in steel microstructures.

Atomic-scale simulations are now standard for theoretical understanding, covering
defect concentrations. However, addressing intermediate concentrations is
challenging. To overcome this, a computationally streamlined approach, inspired by
cluster expansion and ensemble statistics techniques, bridges the gap, offering an
effective means to tackle complexities associated with intermediate concentration
levels. This innovation is crucial for designing HE-resistant alloys and creating safer

materials in the hydrogen era, aligning with global net-zero targets.



Chapter 1 - Literature review

Hydrogen (H), the simplest and the most abundant element in the universe, can be
used to store, transport, and deliver energy. The hydrogen molecule (H.) has an
energy density of 120 MJ/kg which is 3 times higher than that of gasoline and is the
highest among all known fuels [1]. Hydrogen already plays an essential role in
chemical processing [1], but recent years have seen a dramatic increase in its use in
emerging energy technologies.

Hydrogen electrolysis and hydrogen fuel cells consume and produce electricity on
demand, thus providing a load-demand management service to intermittent renewable
energy grids. Hydrogen fuel can be used for combustion and electrification and is free
of intrinsic carbon emission. It can hence facilitate the decarbonization of the
transportation sector, which currently depends heavily on fossil fuels. Hydrogen can
also be used as a reductant or fuel to decarbonize hard-to-abate high-emission sectors
such as steelmaking [2—4].

It is possible to produce hydrogen at scale from a variety of sources, including
natural gas, coal, biomass, waste plastics, water electrolysis [5], and nuclear power
[6]. The production methods having carbon footprint may be combined with carbon
capture and storage technologies to reduce the embodied carbon emissions of
hydrogen production [1]. Hydrogen is being increasingly considered as an essential
commaodity to replace fossil fuels in a future decarbonized society [1,5]. Worldwide,
national and international initiatives are underway to develop a ‘hydrogen economy’,
including in the USA [5,7], Japan [8], UK [9], Germany [10], Norway [11], Canada
[12], China [13], and Australia [14]. Many challenges must be addressed to enable
this vision. Hydrogen is flammable in air at a concentration above the lower explosive
limit [15] and requires careful handling [1]. Moreover, hydrogen can degrade metallic
materials significantly, reducing their fracture toughness, fatigue resistance and
ductility in a phenomenon referred to as hydrogen embrittlement (HE).

HE is one of the biggest obstacles for the deployment of hydrogen energy
infrastructure. This includes the repurposing of natural gas pipelines for the transport
of gaseous hydrogen [5,9,12,14,16-19]. Failure of energy infrastructure due to HE
could lead to life-threatening accidents — just one major incident could cause a
setback in the worldwide application of hydrogen for decarbonization [20-22]. In

fact, a recent Australian national survey has indicated that safety is the most important



factor in determining people’s willingness to use hydrogen [23]. On a 5-point scale
where 5 signifies the highest level of importance, the safety of using hydrogen
received an average rating of 4.5 from 906 respondents, which is highest among the
considered factors including reliability (4.27), cost (4.18), and convenience (3.64). As
such, HE is a major challenge for delivering public acceptance. Beyond the energy
sector, HE is an ongoing issue for the use of high-strength materials in defense,
transport, energy, and construction [24-26].

Although HE is a longstanding industrial problem, improved characterization and
modelling tools have yielded new perspectives in recent years, including potential

mitigation approaches based on microstructural hydrogen trapping.

1.1 Hydrogen embrittlement

Hydrogen can embrittle metals and alloys, a phenomenon that was first reported
almost 150 years ago. In 1875, Johnson [27] found significant decreases in the
breaking strain of steel and iron specimens after immersion in hydrogen-bearing
solutions. This mechanical degradation was recovered after the hydrogen was fully
desorbed, demonstrating that this degradation was a result of hydrogen uptake.
Johnson also found that HE in higher-strength specimens was more significant than
for those with similar compositions but with lower strength. Since this report, over
38,000 papers have been published on the subject [28], reflecting the engineering
importance, multidisciplinary nature, and high complexity of HE. Many review
articles have provided a depiction of the HE phenomena and some understanding of
the mechanistic causes [16,26,29-59].

Before going into detail, it is necessary to distinguish between internal hydrogen
embrittlement (IHE) and environmental hydrogen embrittlement (EHE). IHE refers to
hydrogen-induced failure caused by the presence of pre-existing hydrogen and is
typically limited by hydrogen supply. EHE is the response of the material to hydrogen
when a specimen is subject to a mechanical load with simultaneous hydrogen
charging. For EHE, the extent of hydrogen uptake depends on the charging time and
the hydrogen diffusivity of the material. EHE failure typically initiates at the

specimen surface, where environmental effects are most severe.



1.1.1 Variables and metrics

Hydrogen content
HE only occurs when a specimen is subjected to a sufficiently high stress or stress

intensity factor (either applied or residual) and contains a hydrogen content above a
critical level. The exact critical stress and hydrogen content depend on the type of
alloy. Metals that require energy to absorb hydrogen (i.e., endothermic hydrogen
solution), such as Fe and Ni, have low hydrogen solubility at ambient temperatures
and pressures. These metals generally have a low critical hydrogen content, as low as
parts per million in weight (wt. ppm, wppm, or mg/g). Figure 1-1A shows the
ultimate tensile strength (UTS) of a martensitic steel as a function of hydrogen
content, which shows that only 5 wt. ppm of hydrogen significantly reduces the UTS,
but that less than 1 wt. ppm has little influence [60]. The hydrogen contents in this
figure were measured using hydrogen thermal desorption analysis (TDA) [61] and the
notched UTS was determined by using a slow strain rate tensile test (SSRT) on ex-situ
electrolytically hydrogen-charged specimens [45]. Figure 1-1A shows that hydrogen-
induced fracture for hydrogen concentrations above 7 wt. ppm occurred at a stress
20% of the UTS in air. Figure 1-1B shows the threshold stress intensity factor (Ktn)
versus diffusible hydrogen content for a martensitic steel (AerMet 100) [62], showing
decreased Krn with increasing hydrogen content.

The service environment determines the hydrogen content in a particular
material, and the measured HE susceptibility of the material may be low if that
environment causes a hydrogen content that is below the critical value for that
material. For example, the advanced high-strength steel of Figure 1-1A is unlikely to
experience HE in automotive applications because the hydrogen concentration in
service is generally lower than 1 wt. ppm [63]. Note also that hydrogen uptake is
sensitive to the mechanical stress state, as the solubility depends on the hydrostatic
stress [64,65].
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Figure 1-1. Hydrogen content in common metals and HE susceptibility. (A) The
material notch strength (defined by ultimate tensile strength) of a hydrogen-charged
untempered martensitic steel decreased with increasing hydrogen content, reaching
low values for hydrogen contents above 5 wt. ppm, reproduced from [60]. (B) The
threshold stress intensity factor (Krtn) decreased with increasing diffusible hydrogen
content for a AerMet 100 martensitic steel in the near peak aged condition with 1765
MPa yield strength. Hydrogen was charged with increasing cathodic potential to
produce an increasing hydrogen concentration. Reproduced from [62]

Mechanical properties
HE can reduce alloy strength and/or ductility in tensile tests. Figure 1-2A and B

provide examples of decreases of UTS and elongation. Commonly used metrics for

HE susceptibility for tensile type specimens are strength and ductility loss are:

Strength loss index = GTZ"—_UH (1-1)
ref

RAyef—RA[

Ductility loss index =
RA‘r'ef

(1-2)

where an (or RAR) is the strength (reduction in area) in hydrogen and aref (RAver) iS
the strength in a hydrogen-free condition (typically air or inert gases). Increased
susceptibility to HE is manifested by a lower strength o or reduced ductility RAH in
hydrogen, and a larger value for the strength or ductility loss index. HE may also
cause faster fatigue crack growth. This is shown in Figure 1-2C for an austenitic steel
with and without hydrogen charging, which required around half the number of cycles
in the presence of hydrogen to reach the same crack length [66]. Strength and ductility
loss indices are used throughout this paper to compare HE susceptibility, although we
note issues with their suitability as HE metrics when the applied stress intensity factor
is greater than the threshold stress intensity factor, which can lead to sub-critical crack
growth [67-70].
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Figure 1-2. The effect of HE on strength, ductility, and fatigue resistance. HE of
(A) M1400 martensitic steel and (B) TRIP 800 ferritic/bainitic/austenitic showing
reduction of UTS and elongation, respectively, characterized by slow strain rate test.
The samples were ex-situ charged with hydrogen and the hydrogen content measured
by thermal desorption analysis. (A) and (B) are reproduced from [60]. (C) HE of a
SUS304 austenitic steel manifested by constant-loading fatigue test. The mechanical
loading was applied at an amplitude of 280 MPa in both tension and compression and
a frequency of 1.2 Hz. (C) is reproduced from [66].
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HE can also manifest as hydrogen-induced delayed fracture, which can be

characterized by the time-to-fracture of a U-bend test under constant loading, where

the time-to-fracture decreases with increasing hydrogen content, stress, and/or strain

[71,72]. A threshold time-to-fracture is generally defined (e.g., 300 hours in the case

of Figure 1-3A) with a given bending radius (R in the insert figure), and this

information informs the time required for manufacturing the high-strength steel

products in the automotive industry. The U-bend test is able to establish a HE fracture

map as shown in Figure 1-3B, offering a guide for the manufacturing conditions that

would avoid HE. This is useful for material suppliers and manufacturers to enhance

product reliability and manufacturability. These tests that load the specimen below the

UTS (hence without immediate failure) indicate that the presence of hydrogen can

decrease the threshold stress intensity factor required for crack growth or cause sub-

critical cracking at certain stress conditions [31,42,43,55,73]. This type of HE can

occur at approximately half of the yield stress with crack velocities up to 10 m/s

[55,73].
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Figure 1-3. U-bend test for characterizing H-induced fracture. (A) Time-to-
fracture as a function of strain using a 300-hour up limit. (B) Stress-strain HE fracture
map with the stress evaluated by either X-ray measurement or finite element
calculation. Reproduced from [71]

The effects of hydrogen on alloys are not always detrimental. Exposure to

hydrogen occasionally results in an increase in yield strength and ductility,

particularly in the materials with relatively hydrogen-soluble matrix such as face-

centered cubic (FCC) iron. An example is shown in Figure 1-4A for an annealed
commercial stable Fe-24Cr-19Ni-0.02C austenitic FCC steel [74]. Figure 1-4B shows

12




that the fracture surfaces were cup and cone, consistent with ductile dimple rupture
(see the next section for the discussion of fracture mode). Higher hydrogen levels led
to smaller dimples, indicating that hydrogen facilitated ductile fracture. This
hydrogen-induced strengthening was attributed to solid-solution strengthening, and
the increase in ductility was attributed to the facilitation of mechanical twinning by

the hydrogen in solution in the austenite [74,75].
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Figure 1-4. Hydrogen-induced strengthening and enhanced ductility in an
austenitic steel. (A) Stress-strain curves for an annealed, stable commercial Fe-24Cr-
19Ni-0.02C austenitic steel with hydrogen concentrations from 5 wt. ppm to 133 wt.
ppm, showing that both strength and ductility increased with increasing hydrogen
content. (B) The fractography indicates cup and cone fracture. The fracture in the
specimen with more hydrogen has a smaller dimple size, indicating that hydrogen
facilitated the ductile dimple rupture fracture mechanism. Reproduced from [74]

Hydrogen has even been proposed as a temporary alloying element to increase
the formability of Ti alloys [76,77]. The Ti alloy is held at a relatively high
temperature in hydrogen. The absorbed hydrogen induces a phase transformation
from a-Ti (hexagonal close-packed, HCP) to more ductile B-Ti (body-center cubic,
BCC). The Ti alloy is then mechanically worked at a high temperature and

13



subsequently, the hydrogen is removed by exposure to a low hydrogen fugacity (in a

vacuum or an inert gas).

Fracture mode

The fracture modes of embrittled alloys are normally characterized by taking scanning
electron microscope (SEM) images of the fracture surface from above (i.e.,
fractography) or in cross-section. Examples are presented in Figure 1-5A (top view)
and B (cross-section), respectively, showing a hydrogen-induced intergranular
fracture along prior-austenite grain boundaries (GBs) in a tempered martensitic steel
[31]. Best practice for the examination of fracture surfaces requires observations at a
tilted angle and at a high resolution so that critical but subtle HE features can be
properly captured and correctly linked with associated mechanisms, as detailed in
Section 0 [30,31]. For example, Figure 1-5C provides a low-magnification image that
may be considered as a manifestation of brittle fracture; however, a high-resolution
image from the same specimen indicated the presence of fine dimples, as shown in
Figure 1-5D, indicating some plastic deformation during the hydrogen-induced
fracture [78]. HE typically causes a macroscopic loss of ductility; nevertheless, there
are many microscopic fracture modes, including voiding, brittle fracture, and
transgranular quasi-cleavage with micro-ridges as shown in Figure 1-5E and F [79].
For ductile fracture, as shown in Figure 1-6A (H-charged) and B (H-free), increased
density of dimples in HE-affected specimens indicates that hydrogen facilitates micro-

void nucleation and growth.
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Figure 1-5. Fractography of hydrogen-induced macroscopically brittle fractures.
(A) and (B) SEM surface and cross-sectional images of a hydrogen-embrittled
tempered martensitic steel, showing mainly intergranular failure due to HE. Source:
[31]. (C) and (D) low- and high-magnification SEM images of a hydrogen-embrittled
API X60 pipeline steel, showing how tilting and high-resolution imaging reveals
dimples on the fracture surface. Source: [66]. (E) and (F) low- and high-magnification
SEM images of a hydrogen-embrittled AP1 X60 pipeline steel specimen, showing the
quasi-cleavage fracture surface and its micro-ridges. Source: [79]
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A F"a !n hydrogen

Figure 1-6. Fractography of ductile fracture. SEM images of fracture surface
morphologies from martensitic steel specimens tested in (A) gaseous hydrogen
environment and (B) air. Changes in the dimple size indicate that hydrogen facilitates
micro-void nucleation. Reproduced from [31]

Temperature and strain rate
HE susceptibility depends on temperature and is typically most severe at close to

ambient temperature, as shown in Figure 1-7 [80]. This influence of temperature can
be correlated with the kinetics of hydrogen diffusion and transport toward susceptible
areas in the material microstructure [80,81]. At a low temperature, hydrogen does not
have sufficient mobility to reach the critical locations to facilitate the diffusion-
controlled HE mechanisms that lead to fracture, although HE can still take place
through a mechanism that does not require hydrogen diffusion (such as grain
boundary decohesion) [82]. At a high temperature, hydrogen is too mobile to be
pinned by dislocations, and the material is too ductile. Similar to temperature, the
kinetics of hydrogen movement can result in varied HE susceptibility at different
strain rates. Figure 1-8A shows that, in the presence of hydrogen, the UTS and the
elongation (ductility) of a martensitic steel were lower (more susceptible to hydrogen)
at low strain rates [83]. Fractographic analysis (Figure 1-8B) indicated a higher
fraction of the embrittled (intergranular) characteristics at lower strain rates.
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Figure 1-7. Temperature window for HE. The extent of HE of hydrogen-charged
ferritic/bainitic X90 pipeline steel specimens in terms of the reductions of elongation
(red) and fracture area (blue). The HE reaches a maximum (300-320 K) close to room
temperature (293 K). The elongation and the fracture-area reduction were measured
using slow strain rate tests with continuous hydrogen charging as loading applied.
Reproduced from [80]
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Figure 1-8. The effect of strain rate on HE. (A) The UTS and the elongation of
hydrogen-charged and uncharged low-carbon martensitic steel specimens decreased
with decreasing strain rate in uniaxial tensile tests, showing HE is more significant at
lower strain rates. (B) Fractographic analysis of the specimens in (A) showing the
surface area fraction of ductile and brittle features, indicating a change from
transgranular-ductile to intergranular-brittle fracture with decreasing strain rate.
Reproduced from [83]
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A

Ductility loss index

Strength

As a rule-of-thumb within a class of alloys, the alloys with higher strength are
generally more susceptible to HE [31,35]. As such, extreme care should be taken
when considering the use of steel with a strength greater than 1 giga pascal (GPa) in a
hydrogen-containing environment. This strength-susceptibility relationship can be
attributed to higher stresses (and thus hydrogen concentrations) attained in the
fracture region [58,84,85], and by the strong interaction of hydrogen with crystal
defects such as dislocations and GBs, which largely determine the strength of the
material [29-31,36,50,86-89]. Correlations of EHE susceptibility with dislocation
density and grain size, for a wide range of bainitic and martensitic steels with similar

strengths, are shown in Figure 1-9A and B, respectively.
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Figure 1-9. Dislocation and grain size vs. environmental hydrogen embrittlement
susceptibility. Ductility loss index (HE susceptibility) as a function of (A) dislocation
density and (B) grain size in a range of bainitic and martensitic steels with similar
strengths (853-1142 MPa). The ductility differences were measured by comparing the
SSRT results in a gaseous hydrogen environment of 45 MPa and in air. Reproduced
from [90]

1.1.2  Hydrogen embrittlement mechanisms
Many mechanisms have been proposed to explain HE, based on the macro- and

microscale evidence, but agreement has not been reached on a universally applicable
mechanism. The mechanisms most commonly used to explain hydrogen-induced sub-
critical crack growth are discussed below and in [29-32,40]. These mechanistic
interpretations are used to build predictive models and to provide a post-experiment
rationalization of the results, particularly for fractography [70,91-93]. In recent years
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it has become increasingly accepted that several mechanisms may operate
simultaneously. [29-31,56,94].

Hydride formation
Westlake proposed in 1969 [95] that HE was the result of brittle hydride formation.

This HE mechanism is most relevant to alloy systems that have a high tendency to
form hydrides such as Zr [41,96,97], Nb [98], Ti [35,78,99], and Mg [38,100,101].
Hydrogen is an interstitial solute in the metal lattice and can rapidly diffuse and
segregate to the zone of high hydrostatic stress at the crack tip (Figure 1-10A).
Hydrides form when the hydrogen content exceeds the solubility (Figure 1-10B), and
cleavage of the brittle hydride subsequently occurs along the preferred
crystallographic direction of hydride formation (Figure 1-10C). The crack is arrested
when it meets the ductile matrix (Figure 1-10C), and another round of this sequence
begins. Crack propagation can be further facilitated by the presence of pre-existing
hydrides within the microstructure along the crack path. For non-hydride forming
alloys such as Fe or Ni, theoretical models have attempted to relate their transgranular
and intergranular failures of HE with the presence of hydrides [102-105]. However,
hydride formation at ambient temperature in these alloy systems requires extremely
high hydrogen fugacities (e.g., 3.5 GPa for iron [106]), which are unlikely to be

relevant in most in-service conditions.
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Hydrogen-enhanced decohesion
In the 1960s and 1970s, Troiano and Oriani proposed the hydrogen-enhanced

decohesion (HEDE) theory, which postulates that hydrogen can directly reduce the
cohesive strength of the atomic bonds in the metal lattice, leading to brittle fracture, as
illustrated in Figure 1-11A [107,108]. While earlier atomistic studies suggested
reductions in fracture energy and cohesive strength of up to 90% [109,110], recent
studies suggest that any reduction is limited to 20-40% [111-113]. Given that the
lattice / grain boundary strength is roughly 10 times of the yield stress across a broad
temperature range (as the material systems and measurement methods varied), a 20-
40% reduction in the cohesive strength is insufficient to trigger decohesion in the
context of conventional continuum theories [114]. However, theoretical predictions
that account for the role of geometrically necessary dislocations and plastic strain
gradients lead to much higher stresses and hydrogen levels at the crack tip [115,116],
providing a modern mechanistic rationale for HEDE.

HEDE is most widely accepted in the context of inducing intergranular failure
(Figure 1-11B) or phase-boundary failure (Figure 1-11C) [115,117,118], particularly

21



for high-strength materials [33,119-123]. Atomistic modeling suggests that the
presence of more than one atomic layer of solute segregation can lead to a higher
degree of cohesive strength reduction [117]. Experimental evidence of HEDE
includes the intergranular failure observed in a hydrogen-charged Ni alloy tested at a
cryogenic temperature, where hydrogen-dislocation interactions are effectively

suppressed, suggesting that hydrogen-induced GB decohesion is responsible for the

HE [82].
A ,-9~
_‘_goxg . ?og_ O Lattice atoms
[+] [+] B
\\6\_8,’6’

B S .

Intergranular failure Grain

S .boundaryi ; - g ) = - :
—— > o ° % |
------- ' ; ° é _g— - |

- o Hydrogen

c =
d%\\ Dislocation e
%, Phase ggo-g Q-

K \\\(.--___, boundary i/%
—_—

1
. -
]

O
Qo
oo
‘OW °
oo

Second phase

particle © Second phase lattice atoms

Figure 1-11. Schematics of the hydrogen-enhanced decohesion mechanism (A) in
the lattice, (B) at a grain boundary, and (C) at a phase boundary.

Hydrogen-enhanced local plasticity

Hydrogen-enhanced ductile fracture with dimpled fracture surfaces (e.g., Figure
1-6A) was described by the hydrogen-enhanced local plasticity (HELP) mechanism
by Beachem in 1970s. The theory is that i) interstitial hydrogen atoms concentrate at

high tensile hydrostatic stress zones, and ii) hydrogen segregates to lattice defects
such as dislocations [124,125], and increases their mobility [126]. This hydrogen
segregation is a Cottrell atmosphere, a known effect that reduces the strain energy
around dislocations [119,127,128]. Figure 1-12 illustrates this process. Facilitation of
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the generation and motion of dislocations promotes the formation of microvoids and
their coalescence, allowing sub-critical hydrogen-induced cracks to propagate,

resulting in dimpled fracture surfaces.
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Figure 1-12. Schematic of the hydrogen-enhanced local plasticity mechanism

A critical hypothesis of HELP is that hydrogen atmospheres enhance dislocation
mobility (Step 2 in Figure 1-12). This was experimentally shown by using
environmental transmission electron microscopes (E-TEM) with in-situ mechanical
loading on a specimen in a hydrogen atmosphere [126,129,130]. A derivative model
of HELP was proposed that associates the crack path with failure along low energy
dislocation cell walls that form as a result of the enhanced dislocation mobility in
nanoprecipitation-strengthened steels [94]. HELP is now the most popular approach
to interpreting HE in non-hydride forming alloys, particularly steels and materials of
low to mid-strength. Noting here again that grain boundary decohesion can still take
place in the absence of hydrogen-dislocation interactions in some alloy systems such
as nickel alloy [82]. The HELP mechanism is a qualitative description of the effects
that lead to embrittlement and does not directly provide a means of evaluating the
extent of HE.

Adsorption-Induced Dislocation Emission
The adsorption-induced dislocation emission (AIDE) mechanism proposed by Lynch

describes HE that arises from hydrogen adsorption at the surface, instead of hydrogen

in solution in the bulk [31]. Figure 1-13 illustrates the mechanism: HE is caused by
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the hydrogen adsorption in the metal subsurface [131], which facilitates dislocation
activity and boosts dislocation emission from a stressed surface. This dislocation
emission facilitates inward strain and leads to the formation of microvoids in the
crack-front plastic zone, which coalescence for crack propagation, resulting in a
dimpled fracture surface. The AIDE mechanism can explain ductile H-induced crack
growth that is induced by an external source of hydrogen, particularly prevalent in
specimens with pre-existing surface damage. A similar mechanism ‘hydrogen-assisted
micro-fracture” was proposed by Atrens and co-workers [132], which also attributes
HE to the hydrogen effect at specimen surface but stresses that the fracture
propagation in the HE of steels (at the UTS) can be as fast as a velocity of 61-130
m/s, which exceeds the typical velocity of ductile fracture of 46 m/s, suggesting the
possible presence of another process that led to the bulk HE [133].
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Figure 1-13. Schematic of the AIDE mechanism. Reproduced from [31]

Hydrogen-enhanced strain-induced vacancies

Based on the fact that hydrogen facilitates the formation of vacancies [119,127],

Nagumo and Takai proposed the hydrogen-enhanced strain-induced vacancies
(HESIV) mechanism, which attributes the observed dimpled fracture surface (e.g.,

Figure 1-6A) to an abundance of hydrogen-stabilized vacancies that are transported
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by hydrogen-activated dislocations and subsequently combined into nano-voids
during deformation [47]. Nagumo and co-workers combined thermal desorption
analyses with delicately controlled straining and annealing that could introduce and
remove vacancies, respectively, in steel specimens. Hydrogen-vacancy interactions
were correlated with HE. Positron annihilation spectroscopy, which can detect both
hydrogen and vacancies, was also used to provide supportive evidence of the relation

between hydrogen-vacancy interaction and HE [134-136].

1.1.3 Hydrogen uptake and inhibition

Understanding how hydrogen enters materials, and how to inhibit uptake, is essential
for developing strategies against HE. This section provides an overview of hydrogen
entry and how it can be managed, finishing by introducing methods to relate
laboratory test results with HE problems in the field.

Internal hydrogen embrittlement: hydrogen uptake and liberation

Hydrogen is a byproduct of various material production processes, and its uptake can
lead to IHE [128,129]. An example occurs in the application of an aluminum-silicon
(Al-Si) alloy coating, a common anti-corrosion treatment in automotive hot-stamped
steels [137-139]. Al and Si can oxidize in the presence of ambient moisture,
producing surface hydrogen, which can dissolve into the coated material [140]:

2Al + 3H,0 — Al,0; + 6H (1-3)

Si + 2H,0 - Si0, + 4H (1-4)

This problem is of particular concern in the automotive industry, where high-strength
steel is desirable for weight reduction [140]. Another example is the exposure of hot
or molten steel to air humidity during steel production. Hydrogen can be generated
and absorbed by the steel when the surfaces contact ambient moisture at high
temperatures [110,113]:

3Fe + 4H,0 — Fe;0, + 8H (1-5)

2Fe + 3H,0 — Fe,05 + 6H (1-6)

Fe + 4H,0 — FeO + 8H 1-7)

Other treatments that can lead to hydrogen uptake by steels are acidic pickling,
electroplating for chromium [141], zinc or cadmium [142-146], welding [46,147—
149], and in-service corrosion [63]. A famous example of HE following electroplating
is the catastrophic failure of tightening bolts during the construction of the San
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Francisco Bay bridge span in California, USA, which costs 40 million US dollars for
rectification [150].

Hydrogen uptake during steel production can be removed by pre-service baking
[142,151]. Figure 1-14 shows how baking at 100-200 °C removed hydrogen (Figure
1-14A-C) from hydrogen-bearing hot-stamped martensitic steel specimens with an
Al-Si coating, leading to an incremental recovery of the elongation with both
annealing time and temperature (Figure 1-14D-F). The results suggested baking at
200 °C for 10 min was sufficient to remove the pre-existing hydrogen. This approach
requires consideration of the effect of the heat treatment on the microstructure and

mechanical properties, which may be problematic for some high-strength alloys
[143,152].
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Figure 1-14. Reduced HE after hydrogen removal. Hydrogen desorption and
mechanical properties of an Al-Si-coated cold-rolled hot-stamped martensitic steel
after baking for 0-30 minutes at 100 °C (Figure A and D), 150 °C (Figure B and E),
and 200 °C (Figure C and F). The thermal desorption analyses were conducted at a
rate of 20 °C/min. The mechanical properties were measured by slow strain rate tests,
and the elongation was used to define the extent of HE. Reproduced from [151]
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Environmental hydrogen embrittlement: hydrogen surface entry and
inhibition

Hydrogen in the environment can be absorbed through the metal surface and can lead

to EHE [153]. The hydrogen supply can be either finite, leading to conditions similar
to those of IHE, or infinite (relative to the solubility in the material at the relevant
fugacity), as is the case for gas transmission pipelines carrying hydrogen. Hydrogen
from Hz gas molecules in the local environment dissociate, adsorb on the surface, and
are absorbed into the metal lattice. The process can be formulated as:

~Hy(9) © Haas © Haps © Hiareice  (1-8)

The absorbed hydrogen content in the material (cw) follows the modified Sieverts’ law
relating to the solubility constant (S), which is specific to the material and its surface
condition, the hydrogen pressure or fugacity (fr2) in a material, and the amount of pre-
existing and trapped hydrogen (cr):

cy =cr+ S\/fT2 (1-9)

The hydrogen fugacity is the hydrogen pressure that would apply if the hydrogen
acted as an ideal gas and is essentially equal to the hydrogen pressure for hydrogen
pressures up to 200 bar. Figure 1-15 indicates that the hydrogen concentration in the
specimen follows the modified Sieverts” Law for the hydrogen pressures up to 200
bar [154-156]. Hydrogen traps are filled rapidly with as hydrogen it becomes
available (i.e., at hydrogen pressures less than 1 bar), which explains the apparent y-
axis intercept in Equation (1-9) and Figure 1-15. The low hydrogen content in the
annealed iron sample indicates that the intrinsic hydrogen solubility in pure iron is
quite low, where the more substantial hydrogen solubility in steels is associated with
hydrogen in traps. Sieverts’ law, i.e., Equation (1-9), can be derived using statistical
mechanics, as shown in [154], assuming i) the hydrogen in the steel is in equilibrium
with the hydrogen in the gas phase, ii) Nn hydrogen atoms occupy Ns sites in the steel
lattice having N:trap sites; and iii) only one hydrogen atom can occupy each of the Ns
sites. Note that in many applications (e.g., pipelines, pressure vessels, pumps) the
metal is exposed to H> gas for prolonged periods (relative to temperature and
fugacity) and the dissociation/adsorption/absorption reaches a dynamic equilibrium
(Reaction (1-8)). This means that hydrogen atoms also recombine at the surface, and
the dissolved hydrogen also desorbs back out of the surface. This is not the case for

alloys exposed to transients of high hydrogen fugacity but is the case when the source
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of environmental hydrogen is from corrosion of the alloy.

10— e e P g U N e g et T
N O
E © :
0.8 SRR
‘TCJ)
2
e 08-] o E
S
= - o 3.5NiCrMoV|
£ 04 o 980DP 3
8 | = MS1500 ;
8 - ——Fe ;
0D E
=) E ]
ot f & e = =
~F als 4 172 ]
THE - Oaee ZHEDY Ty L ¥
I I I
0 5 10 15

Hydrogen charging pressure'® (bar'?)

Figure 1-15 Equilibrium hydrogen concentration versus charging pressure in
3.5NiCrMoV steel, 980DP and MS1500 steels for various pressures of gaseous
hydrogen from 1 to 200 bar at room temperature, measured using gaseous hydrogen
charging [154-156], compared with annealed pure Fe [157].

In addition to the simplest case of direct contact with gaseous hydrogen, contact
with hydrogen-bearing gases such as hydrogen sulfide (H2S) can also lead to HE
[17,44,53,59,158]. For an inert gas like methane, the hydrogen solubility in the steel
can be determined by Sieverts’ law using the hydrogen partial pressure in the gas
phase. The hydrogen solubility is much higher (up to an order of magnitude higher) in
the presence of an active gas like hydrogen sulfide that inhibits the recombination of
hydrogen atoms into hydrogen molecules at the metal surface, thereby increasing the
hydrogen fugacity at the metal surface. For this reason, HE due to hydrogen sulfide is
a major concern in gas and oil pipes. The usual approach to tackle H>S embrittlement
is to impose a hydrogen gas pressure in service that is one or several orders of
magnitude lower than the hydrogen content that causes HE [159]. An alternative
approach is to use thicker pipe walls of low-strength steels that are less susceptible to
HE, but this can lead to reduced gas transmission efficiency and results in higher

weight and installation costs [159].
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In contrast, some gases such as oxygen (O2), carbon monoxide (CO), and sulfur
dioxide (SO.) can inhibit EHE. Figure 1-16A first shows that the fracture toughness
of X42 and X72 steels in gaseous hydrogen is significantly lower than that measured
in inert gases like N2 and CH4. However, when the gases are combined, the fracture
toughness in both hydrogen and CO (indicated by the red arrows) is similar to the
fracture toughness in an inert gas, indicating that the CO in the gas mixture inhibits
EHE [160]. Similarly, Figure 1-16B shows that Oz, CO, and SO inhibit hydrogen
fatigue crack growth [131]. These inhibitor gases, particularly oxygen, absorb
preferentially at active sites on the surface and prevent hydrogen from reaching the
steel surface and being adsorbed [161-164]. Based on the compelling laboratory
evidence for gas inhibition of EHE, additional research is now required to properly
quantify this effect to allow for the use of a gas mixture strategy to address HE

problems in gas transmission pipelines.
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Figure 1-16. EHE susceptibilities for pipeline steels exposed to different gas
mixtures with hydrogen. (A) The fracture toughness of X42 and X70 pipeline steels
and (B) fatigue crack growth of X42 steel in the gases that contain various contents of
hydrogen, showing the inhibition of EHE by O,, CO, SO.. Reproduced from [131].

Surface coatings such as iron oxide and aluminum oxide have also been found to
reduce EHE by preventing hydrogen entry [28,165-169]. This approach has the
advantage that it can be applied to existing structures. However, hydrogen is an
effective reductant, so the surface oxides tend to be reduced by hydrogen which may
limit the coating life. This reduction reaction occurs slowly at room temperature
[170]. Metallic coatings and mechanical surface treatments can also be used to
increase HE resistance, as demonstrated in [110,140] and [171-173], respectively.

However, coatings can crack (particularly in aggressive environments), and surface
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modification is ineffective for abrasive environments such as bearings [28]. In
addition, surface diffusion barriers and gas mixtures only reduce the kinetics of
hydrogen uptake and do not alter the thermodynamic factors [154]. Unless hydrogen
entry Kinetics are sufficiently low, materials will eventually become saturated with
hydrogen with continuous hydrogen contact, such as in a gas transmission pipeline

that might be used for over 30 years .

Laboratory hydrogen charging
Laboratory tests use in-situ and ex-situ hydrogen charging [31,45] to simulate service

environments. In-situ charging during a mechanical test (and also beforehand to
achieve a uniform hydrogen content) is optimal for evaluating HE susceptibility. Ex-
situ charging is simpler to achieve in practice, but hydrogen loss can affect the quality
of results for materials with low diffusivity or where long-duration tests (e.g., fatigue)
are required. Erroneously high HE resistance can result from hydrogen depletion at
the surface, where hydrogen cracking typically initiates. During hydrogen charging,
surface oxides present on the metal surface may prevent hydrogen uptake, which can
be mitigated by an activation procedure. Gaseous charging generally requires a high
pressure and/or high temperature to enable hydrogen uptake [174]. This approach is
thus demanding in terms of laboratory safety and equipment.

In contrast, cathodic charging requires only an electrolytic cell, which allows the
specimen (the cathode) to be charged in an acidic, neutral, or alkaline solution [144].
Cathodic charging allows for easy generation of high fugacity hydrogen (at the level
of GPa) within the specimen with an overpotential of less than 1 volt [154,175,176].
Much higher hydrogen fugacities are possible if a hydrogen recombination poison is
also added to the cathodic charging solution. The simplicity and effectiveness have
led to widespread use of cathodic charging for HE tests [146], despite the fact that
quantifying hydrogen uptake is not as straightforward as it is for gaseous charging.
Hydrogen can also be introduced by charging from a plasma [177,178], but this
approach is less common and remains uncertain whether the low pressure required
allows for the introduction of sufficient hydrogen to trigger HE [179,180].

To better understand the effective cathodic charging fugacity, Atrens and co-
workers developed a method to relate the hydrogen fugacity to the equivalent
hydrogen pressure during gaseous charging [154-156,176]. The approach is based on
the assumptions that i) the hydrogen inside the metal has no memory of whether it
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originates from gaseous charging or cathodic charging and ii) the fugacity during
cathodic charging is equivalent to the fugacity during gaseous charging for the same

hydrogen concentration. The hydrogen fugacity (f,) for pure iron is related to the

applied electric potential (E.) by:

fu, = a Xexp [_(EC_—W] (1-10)

BRT
where F, R, and T are the Faraday constant, gas constant, and absolute temperature,
respectively. EJ is the equilibrium potential of the hydrogen evolution reaction at the
sample surface for hydrogen charging at 1 atm of fugacity, hence (E, — E7) is the
overpotential that controls the hydrogen fugacity. The constants o and f relate to the
hydrogen evolution reaction (i.e., the acidity of the charging solution) at the steel
surface. These constants can be determined for pure iron, which does not have
hydrogen traps, based on literature value of the Sieverts’ constant S in Equation (1-9)
(Figure 1-15). For a steel, the hydrogen solubility data (e.g., Figure 1-15 in which
hydrogen concentration is measured for each cathodic charging condition) can be
used to experimentally establish the relationship between hydrogen content and
hydrogen fugacity [176].

This quantification provides the hydrogen fugacity (and equilibrium hydrogen
content) at the specimen surface. Time is required to establish a uniform hydrogen
concentration throughout the specimen. The penetration can be predicted using
hydrogen diffusion equations. Often measurements of the overall hydrogen content in
the specimen are used to assess the rate of penetration. In addition to the charging
parameters, the hydrogen content in the specimen can be influenced by the surface
condition, particularly surface oxides, which can affect the hydrogen uptake [154].
Another important experimental consideration is time-to-test after hydrogen charging,
which will affect the extent of hydrogen desorption [181]. Even quite short times can
alter the measured degree of HE in some materials. Where possible, in-situ charging
during mechanical testing is ideal. When reporting HE results using hydrogen
charging, it is necessary to give a clear and complete description of the experimental

conditions to enable comparison with the literature.

1.2 Hydrogen trapping
In addition to extrinsic approaches to mitigate HE hydrogen degassing or surface

coating, a popular intrinsic approach is to introduce additional hydrogen traps into the
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alloy microstructure. Pressouyre [153] proposed the concept of introducing
microstructural hydrogen traps for mitigating HE in the 1980s. Certain
microstructural features act as hydrogen traps, reducing the amount of hydrogen is
available to reach the location of the crack tip. This concept assumes that the trapped
hydrogen is passive and that it is the lattice hydrogen or diffusible hydrogen that leads
to HE [27,28,31,32]. However, as shown in Figure 1-15, the presence of hydrogen
traps increases the solubility of hydrogen in all alloys, including commercial steels,
which can also provide a future source of hydrogen available for HE.

An optimal microstructure to resist hydrogen embrittlement will be one in which
the microstructure, including the traps themselves, is resistant to embrittlement and in
which the traps do not provide an easy source of hydrogen that can contribute to
embrittlement effects. Here we overview the fundamental understanding of hydrogen
trapping in metals and alloys to establish a scientific ground to underpins the design

of a HE-resistant microstructure.

1.2.1 _ Principle
A hydrogen atom in an alloy can either be a free-moving solute in the lattice or it can

reside in a trap. Figure 1-17 shows the energy landscape for a hydrogen atom. It
depicts the activation energy for classical migration of hydrogen in a lattice site (Eq),
the activation energy for migration close to a trapping site (Es), the de-trapping energy
for a trapped hydrogen atom to diffuse in the lattice (Ea), and the binding energy of
the hydrogen atom to a trapping site (Ep). These energies can be understood in terms

of a simple reaction model where the rate % is given by [182]:

dx —-E
Z=AQ-vexp(=) (1)
where x is the fraction of free (detrapped) hydrogen, and R and T are the gas constant

and absolute temperature, respectively.
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Figure 1-17. Schematic energy profile of hydrogen in the lattice and in a trap.
Classical lattice diffusion of hydrogen requires Eq to hop between interstitial sites.

This may vary near trapping sites to Es. Detrapping of hydrogen requires an energy of
E, = E, + E;.

In BCC, at room temperature interstitial hydrogen atoms prefer to occupy
tetrahedral sites over the octahedral site [183-185]. In FCC alloys, hydrogen atoms
tend to reside in octahedral sites, which are larger and have lower multiplicity for
hydrogen migration [183]. This leads to a lower diffusivity and a larger Eq for
hydrogen (e.g., 44 kJ/mol for FCC iron [186]) for FCC compared to other crystal
lattices (e.g., 4.5-5.5 kJ/mol for BCC iron [187]).

Negative trapping energies reflect that the hydrogen atom in the potential well is
more stable and will sit in the site longer than it does in a lattice site. Both Ea and Ep
in Figure 1-17 have been defined as the ‘hydrogen trapping energy’ in the literature,
depending on the measurement techniques. Their difference, Es, differs from Eq due to
local atomic-structural heterogeneity near microstructural traps with respect to an
ideal lattice, such as the strain field around a dislocation [188]. This Es may also be
affected by multiple trapping sites in a single microstructural feature, e.g., the
interface and the precipitate structure in second-phase precipitates [88,189,190].

The value of Ea is often used to indicate the reversibility of a hydrogen trap. At
room temperature, a trap with -Ea larger than 50 kJ/mol is considered as ‘irreversible’
since there is a negligible probability of escape of a trapped hydrogen atom [28,153].
Irreversible trap can act sinks until they are saturated, whereas reversible traps can act
either as sinks or sources of hydrogen. For example, if a dislocation (a mobile trap)
passes a reversible trap that has a trap strength lower than that of the dislocation, then
the hydrogen in the reversible trap can be transferred to the dislocation and be carried

along with the dislocation [153]. Hydrogen trapping/de-trapping is a thermally
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activated process, so a higher trap strength is needed to confine hydrogen at a higher
temperature. This is an important consideration in certain application environments,
such as in components of a nuclear reactor which are typically operated at
approximately 300 °C [191].

Considering that hydrogen is highly mobile, equilibrium between the hydrogen
in the lattice and in trapping sites can be reached rapidly in most circumstances
[42,43]. The relationship between mobile and trapped hydrogen concentrations can be
plotted against trap strength, as shown in Figure 1-18 [192]. When there is 10" wt.
ppm hydrogen in BCC iron lattice (at the bottom of Figure 1-18), traps with 50
kJ/mol trapping energy will be > 90% occupied (6 > 0.9); whereas those with 10
kJ/mol are less than 10% full (6r = 0.1), leaving most of the hydrogen in the lattice.
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Figure 1-18. Relationship between hydrogen content and trap occupancy as a
function of trapping/binding energy. As the lattice hydrogen concentration (C.)
increases, traps with low binding energies (Wsg) are filled and the trap occupancy (6r)
start to increase. Reproduced from [192]

Finally, it is important to note that Figure 1-17 only depicts a classical view of
the hopping mechanism of atomic migration. Hydrogen is sufficiently light that
guantum tunneling, and nuclear quantum effects can play a significant role in its
migration [188,193-196]. Recent computational work showed that quantum tunneling
can result in a non-linear Arrhenius diffusivity of hydrogen in BCC iron at 400-500 K
[197,198]. Nuclear quantum effects were also demonstrated to influence hydrogen

solubility, mobility, and trapping in the presence of strain [198,199]. It has been
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shown that nuclear quantum effects can increase the rate of trapping and decrease the
rate of escape when hydrogen atoms interact with vacancies in BCC iron at low
temperatures [200]. Similar findings were obtained in diamond [201,202], and it is
likely that the consideration of quantum effects is essential for the behavior of
hydrogen in other material systems. Quantum effects should be considered in the
study of hydrogen behavior, especially in cases where the effects are most significant,
such as in low temperature hydrogen trapping, high-pressure phase stability, mixed
hydrogen isotopic composition, and hydrogen migration [203,204].

Overall, hydrogen behaves similarly to other interstitial elements in a metallic
matrix, i.e., segregation occurs to any location where energy is lower [120,205], or
where atoms are dragged by vacancies, dislocations, or other mobile defects. In fact,
‘hydrogen trapping’ is just a term that highlight the uniquely high mobility of
hydrogen compared to other interstitial solute atoms with larger atomic volumes and
masses. Figure 1-19 illustrates the wide array of microstructural features of
engineering alloys that can act as hydrogen traps, across several length scales.
Hydrogen trapping can take place at many feature types, including dislocations,

vacancies, second phase interfaces, and grain boundaries [131].

nano meso  micro

Figure 1-19. Hlustration of various microstructural hydrogen traps in an alloy.
Hydrogen can be trapped at interstitial lattice sites, grain boundaries, vacancies,
alloying solutes, stacking fault, twins, dislocations and their cell walls, strain field,
voids, second phases and their boundaries, and the free surfaces of microcracks.
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1.2.2  Microscopy techniques for characterizing hydrogen trapping

Characterizing H in materials is challenging [87]. H in solution is interstitial and

has high diffusivity in most materials, with a few exceptions that have strong
chemical affinities for H such as vanadium (V), titanium (Ti), and zirconium (Zr)
[206]. H as a solute that is not part of a stable hydride phase can easily desorb at
ambient temperature, and this desorption happens rapidly in smaller specimens that
have a high surface-area-to-volume ratio [181]. Fast H desorption is particularly
problematic in microscopic characterization experiments where small specimens are
required. In addition, H is difficult to remove from vacuum chambers, which are
required for many high-resolution microscopes to operate [207-209]. Residual H gas
in vacuum can cause confusion about the source of detected H, complicating data
interpretation [210,211]. Lastly, although electron-probing techniques such as
scanning and transmission electron microscopes (SEM and TEM) have been of great
use for both structural and chemical imaging in materials research, electron beams are
not very sensitive to H due to its low atomic mass. H can normally only be detected if
it is in the form of well-defined H-containing phases in specimens [212-215]. The
lack of electron—H interactions largely rules out the use of electron microscopy for
studying the distribution of H in materials [87]. For materials such as Zr that react
with H to form hydrides, techniques such as ultrafast laser-induced breakdown
spectroscopy can be used, but they lack the spatial resolution to analyze H segregation
to specific microstructural features[216,217].

To provide unambiguous spatial and chemical information about H in materials,
several techniques have been developed and applied. Using a neutron beam, neutron
radiography can locate H segregation in materials [218,219]. Silver microprint
deposits a layer of silver bromide on the specimen surface, which can react with
desorbed H from the bulk and form metallic silver particles that help visualize H
distribution [220,221]. Similarly, a scanning Kelvin probe deposits a layer of
palladium that is reactive to H on the specimen surface and probes changes in
conductivity due to the formation of palladium hydride from H desorption, resulting
in a resistivity map that represents H distribution [222,223]. Lastly, mass-
spectroscopy-based techniques such as secondary ion mass spectroscopy (SIMS)
[224-227] and atom probe tomography (APT) [87,228,229] can provide high spatial
resolution and the ability to detect all elements, including H. Among these techniques
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for H mapping, APT has the highest spatial resolution at a near-atomic level, which is
particularly useful for mapping H distribution at interfaces and other defects within
material microstructures [87].

In 2010, a breakthrough in using APT to observe the hydrogen trapping
behaviour in materials was achieved by Takahashi et al. [230], who used a custom
APT with an attached gas deuteration cell to significantly enhance D retention,
leading to the first three-dimensional observation of D trapping in TiC precipitates in
a ferritic steel matrix. Their unique instrumentation then led to the successful
observations of D trapping in vanadium carbides, mainly V4Cs precipitates, which are
also transition-metal carbides and have the same NaCl-rocksalt structure as TiC
precipitates but a carbon-deficit stoichiometry that suggests the presence of more
carbon vacancies in the bulk [190,231].

Chen et al. [189] utilized cryo-APT combined with electrolytic charging, which
can generate higher fugacity in charging and introduce more H/D into specimens than
gas charging to further enhance D detectability. This approach was used to study V-
Mo carbide (V-Mo-C, NaCl-type) precipitates with semi-coherent interfaces with the
matrix to better understand their H trapping mechanism in steels. The findings of this
work can be combined with a later publication [88] that regards the H trapping in Nb
carbide (NbC, also NaCl-type) precipitates with incoherent interfaces, as shown in
Figure 1-20. The two NaCl-type carbides have the same crystal structure but different
metal-to-carbon stoichiometries. The V-Mo-C precipitates contain less carbon and
more carbon vacancies in the bulk than NbC precipitates [232], and this characteristic
was related to the APT-observed H trapping mechanisms. Figure 1-20A and B
provide, respectively, the overall APT reconstruction with two NbC precipitates and
charged D in a deuterated ferritic sample and the two-dimensional slice views of the
NbC precipitates and trapped D. The trapped D atoms in NbC precipitates are located
at the carbide-matrix interfaces. In contrast, the D-charged V-Mo-C precipitates,
using the same charging method, were found to have D trapping in the carbide bulk
(Figure 1-20C), as evidenced by Figure 1-20D, which is a statistical result of the
distribution of D from over 30 V-Mo-C precipitates, and shows that the trapped D is
mainly distributed within the carbide bulk. This phenomenon of carbide bulk H
trapping agrees well with the works of Takahashi et al. [233] and Zhu et al. [234] in
epsilon carbide precipitates, which are often hypo-stoichiometric and have a relatively

high carbon vacancy content in bulk form. The combination of these results indicates
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that near-stoichiometric NbC precipitates mainly use their interface with the matrix to
trap H, whereas the carbides with a higher carbon vacancy content such as V-Mo-C
precipitates use bulk carbon vacancies as H traps. These H trapping mechanistic
findings are also in good agreement with predictions using first-principle models
[235-237]. These modelling results confirm that both interface and carbon vacancies
in the carbide bulk can act as strong traps that function independently of each other,
though the carbon vacancy has a stronger trapping energy than the interface sites.
These findings imply that the H atoms trapped in the carbon vacancies may have a
higher probability of being retained in the microstructure than H atoms trapped at the
interfaces during the sophisticated sample handling and cryo-transfer processes that
are unlikely to retain cryogenic temperatures throughout the entire sample handling
and transfer process. Considering this, H atoms trapped at the interface may still exist
following H charging for the dataset in Figure 1-20C, but these atoms may not be as
easy to retain in the structure during the transfer to APT measurements and thus are
not as easily observed as the H atoms trapped in the carbide bulk. However,
confirmation of this argument requires additional in-depth analysis. Nonetheless,
whilst the essential role of interfacial sites in H trapping is acknowledged, Figure
1-20C and D provide clear evidence of H trapping in the carbide bulk that were not

previously available to the research community.
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Figure 1-20 APT observations of D trapping of NaCl-type carbides in ferritic
steels. (A) is the APT data overview of a NbC-containing steel after D charging. Nb,
C, and D are shown in brown, blue, and red, respectively. (B) shows the 10-nm-thick
slices of the NbC precipitates that exhibit the interfacial D trapping of the carbides.
The experiment used a LEAP 4000 Si with 200 kHz pulse frequency, 20% pulse
fraction, and 50 K sample temperature. (C) is a 10-nm-thick slice from a D-charged
V-Mo-C-containing steel. (D) shows a one-dimensional composition profile as a
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result of collecting over 30 V-Mo-C precipitates in the dataset, dimensionally
normalizing the spatial distribution of the constituent element carbides and
superimposing all the individual profiles. The APT experiment was from a LEAP
4000 XR with all other experimental parameters the same as the data in (A)—(B). (A)-
(B) and (C)—(D) are reproduced from [88] and [189], respectively.

In addition to second-phase precipitates, a retained austenite in steel
microstructure can also be an effective H trap, given the higher solubility of H in face-
centered cubic (FCC) austenite than in both body-centered cubic (BCC) ferrite and
body-centered tetragonal (BCT) martensite [238,239]. H trapping by austenite has
also been evidenced by using APT (Figure 1-21A) on a steel specimen that contains
an austenite (y)-ferrite (o)) phase boundary delineated by a carbon isosurface [238].
Figure 1-21B is a one-dimensional composition profile from the light blue region of
interest (ROI) in Figure 1-21A, quantitatively showing the higher H content in
austenite (left) than in martensite (right). Moreover, APT was used to investigate the
trapping effect of lattice defects in steels [88]. Figure 1-21C is an overall APT
reconstruction showing D atoms (red) trapped at dislocations that are decorated with
carbon (blue isosurfaces) in a martensitic steel. Figure 1-21C also contains a two-
dimensional slice view that better shows the colocalization of D and carbon, where
the carbon highlights the locations of dislocations. In Figure 1-21D, an overall
reconstruction incorporating GBs (left) decorated with carbon, as highlighted by
carbon isosurfaces (pink), is shown together with slice views (right) showing the
colocalization of D and the carbon at GBs. These D maps provide experimental
verifications of existing HE models that attribute HE to the H-shielding effect for

dislocation movement and H-enhanced GB decohesion [30].
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Figure 1-21. APT observations of H trapping at (A)-(B) retained austenite, (C)
dislocations, (D) GBs. (A) shows a y/a interface delineated by a carbon isosurface
(red). (B) is a one-dimensional composition profile of carbon (red) and H (green)
from the light blue box in (A). The experiment was conducted in a LEAP 3000 HR at
a sample temperature of 60-100 K with a 20% pulse fraction and pulsing rate of 2
kHz. (C) provides the overall APT reconstruction containing a carbon isosurface (blue
clouds) to delineate the carbon-decorated dislocations and a two-dimensional slice
view of carbon (blue) and D (red). (D) is the reconstruction and sliced views of a
dataset containing carbon-decorated GBs. Both experiments for (C) and (D) used a
LEAP 4000 Si with a 200 kHz pulse frequency, 20% pulse fraction, and 50 K sample
temperature. (A)—(B) and (C)—(D) are from [238] and [88], respectively.
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1.2.3  Atomic-scale modelling for hydrogen trapping
When performing atomic-scale simulations of hydrogen in metals, it is important to

consider the complex chemical binding that hydrogen often displays, especially with
transition metals. Additionally, hydrogen is amphoteric and can take charge states of —
1 (hydride ion), 0 (atomic hydrogen) and +1 (proton). Thus, atomic-scale simulations
of hydrogen require a level of theory capable of capturing these nuanced chemical
interactions. For this reason, first-principle simulations using density functional
theory (DFT) have been the main approach for understanding hydrogen tapping, as
they rely on a quantum mechanical description of the electronic system. DFT provides
both thermodynamic and kinetic information by determining the ground state energy
of hydrogen in crystal lattices and at traps, and the activation energy for migration,
dissociation, adsorption, and absorption. An example is shown in Figure 1-22A
regarding the energy landscape for absorption of hydrogen atoms into the tetrahedral
interstitial site of BCC iron from the (100) surface [240]. Another example in Figure
1-22B is a comparison of trapping/solution energies of single and multiple hydrogen
atoms in various positions in a ferrite matrix containing vanadium carbide (V4Cy)
[235]. This result indicates that hydrogen is preferentially trapped in the carbon
vacancy of V4C3 as compared to the interstitial sites of ferrite or VAC3. This result
also shows that it is possible for a vacancy to accommodate up to two hydrogen
atoms, which is a behavior observed in many other materials, in some cases with a
single vacancy accommodating up to 12 hydrogen atoms [241-246]. DFT has also
been widely used for studying the interaction of hydrogen atoms with alloying solute
atoms [185,247,248], GBs [249-251], and other second phase precipitates
[184,185,235,252-258].

Recent DFT studies have shown that the ground state energy of hydrogen in an
interstitial site is strongly dependent on the composition of its immediate
surroundings and is relatively insensitive to crystal features and defects beyond the
first shell of nearest neighbors [185,248,257,259-262]. This insight is being used to
develop a high throughput simulation method based on DFT simulations of the local
environment, thus avoiding the computational burden of modeling a large simulation

cell representative of the true alloy [185].
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Figure 1-22. DFT calculation of hydrogen solute energy. (A) At the ferrite surface

[240]. (B) At an interstitial site or a carbon vacancy of vanadium carbide (V4C3)
[235].

A limitation of DFT is the significant computational cost, which limits the scale
to a few hundred atoms. This size of the model does not allow a full description of
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many of the microstructural features involved in HE mechanisms and hydrogen
trapping. Even a simple dislocation requires over 1,000 atoms for a full description of
the core and local structure. For longer length scales, one can resort to classical
molecular dynamics (MD) or tight-binding, which is an approximation of DFT with a
tunable degree of assumptions and thus a sliding scale between DFT and classical MD
[263]. However, a recent study of Zr-H potentials showed that reliable Zr-H tight-
binding simulations require a similar level of computational cost as DFT [185]. Also,
there are few tight-binding codes available, and these are typically not as evolved or
approachable as DFT codes. On the other hand, classical MD lacks the chemical
accuracy and transferability of DFT because it relies on a pre-defined description of
inter-atomic forces. Some of the more complex and advanced interatomic potentials
can describe multiple charge states of hydrogen [264,265], but these come at greater
computational cost and have shown limited robustness and transferability. Recent
developments of machine-learning potentials for MD also show good promise to
facilitate HE research [266—268].

In contrast, the hybrid quantum mechanics-molecular mechanics (QM-MM)
method is a promising development for larger-scale simulations of hydrogen in
metals. In this approach, a simulation cell is divided into two or three concentric
regions. In Figure 1-23, an inner region centered around the hydrogen atoms uses
DFT to describe the chemical interactions with quantum mechanical accuracy, while
the outer region uses classical potentials to describe the long-range structure of the
microstructural feature of interest. An intermediate “buffer” region where both DFT
and classical potentials are used is often also added to provide convergence and
eliminate artifacts of discontinuity between the two regions. While QM-MM has
proven successful for molecular and biological systems [269], it has only recently
started to be used for solid-state metallic systems, for example, in the investigation of
the interaction between hydrogen and dislocation in BCC Fe [270]. More applications
of this new method with the continuing increase of computational power can be

expected in near future.
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Figure 1-23. 2D slice of a MM/QM model to simulate a hydrogen atom. The small
grey sphere in the inset is the hydrogen atom in a screw dislocation of an FCC lattice,
where the color indicates the level of theory used to compute forces on those atoms:
orange indicates quantum mechanics (typically DFT), purple indicates classical
molecular mechanics potentials (e.g., embedded atom method, EAM), and blue
indicates a buffer region where both approaches are used to avoid discontinuities.

The modeling methods above can be paired with other techniques when nuclear
quantum effects are important. An example is path integral molecular dynamics
(PIMD) [271,272], which has made remarkable progress in the last decade to make it
approachable even at the DFT level of theory [203,273-278]. In PIMD, instead of
following one trajectory of motion dictated by Hook’s and Newtown’s laws, the
simulation follows several imaginary trajectories and integrates between them to yield
a probability of hydrogen position and vector. These additional aspects indicate
changes to the properties of hydrogen. Figure 1-24 shows that the predicted
diffusivity of hydrogen in BCC iron can be underestimated by several orders of
magnitudes if nuclear quantum effects are not included [199], and this is supported by
the findings of others [197,198,279]. The same study found that approximately 30%
of the hydrogen binding to a vacancy in BCC iron is due to finite temperature effects,
and about half of that arises from nuclear quantum fluctuations [199]. In addition to
PIMD, the Many-Interactive-World theory of Hall, Deckert, and Wiseman [280],
recently implemented by Sturniolo [281], has received increasing attention in
hydrogen modeling. As a complement to PIMD, this approach describes the ground
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state rather than a dynamic state at a finite temperature. These approaches provide a

path to include quantum effects in our understanding of hydrogen trapping.
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Figure 1-24. Effect of including nuclear quantum effects (including tunneling) on
the calculated diffusivity of hydrogen in BCC-Fe. Hollow points only consider
classical mechanisms (classical molecular dynamics), while filled points include
nuclear quantum effects through path integral methods. Red points use tight-binding
to describe inter-atomic interaction from [199], blue points use classical potentials
from [197]. The green line is experimental data from [157,282] and the red line is
quantum transition state theory (which also accounts for quantum tunneling) from
[279]. Inset is the density distribution of hydrogen (blue iso-surfaces) in the BCC-Fe
lattice (red sphered). Reproduced from [199]
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1.3 Aims and Scope of this thesis
This thesis is dedicated to investigating the hydrogen distribution and its interaction
with the microstructure in steels through characterization and modelling techniques.
The following content is divided into four chapters: Firstly, the recent progress and
the development for mapping hydrogen by high resolution microscope technique,
mainly atom probe tomography with cryogenic workflow. Secondly, an engineering
method is proposed to increase the hydrogen trapping capacity by introducing more
carbon vacancies into the transition carbide. Two titanium-microalloyed ferrite steels
are being observed: one is a steel acting as a benchmark with stoichiometric titanium
carbide (TiC), the other is an experimental steel with a small addition of molybdenum
(Mo) to form Ti-Mo carbides. The change of the microstructure and the hydrogen
trapping capacity are examined by several microscopy techniques and first principle
computational method (mainly density functional theory). Thirdly, the hydrogen
interaction in pearlitic steel is observed, and the origin of hydrogen distribution is
explained by density functional theory. Last, a simulation method to calculate the
middle-ground defect concentration in atomic-scale is derived. As the difficulty for
simulate the defect system for concentration range between the dilute and
concentrated calculation haven’t been addressed yet, we propose a computational
efficient method to account for the concentration with a continuous energy profile.
The method is verified with two systems i.e. hydrogen in hypo-stoichiometric
cementite and hydrogen in bcc ferrite.
To summarize, this thesis is aiming to:
e Review the use of high resolution microscopy techniques for hydrogen
mapping in fundamental scale. (Chapter 2)
e Propose a protocol to largely increase the hydrogen trapping capacity, which
have the potential to mitigate the hydrogen embrittlement. (Chapter 3)
e Provide an experimental and simulation insight for hydrogen distribution in
pearlite. (Chapter 4)
e Propose a new computationally efficient method to calculate the middle-
ground defect concentration, derived from density functional theory

calculation results. (Chapter 5)
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Chapter 2 - Generic methods

As mentioned in the literature review session, atom probe tomography possesses the
highest spatial resolution for mapping the hydrogen at a near-atomic level among all
the techniques. In this chapter, the principle of hydrogen detection in APT and the

requirements of using it for reliable analysis of hydrogen are introduced.

2.1 Atom probe tomography (APT)

An APT experiment requires a high positive voltage (V) applied to a very sharp
needle-shaped specimen (with a tip radius less 100 nm) in an ultra-high vacuum
(UHV, < 10°° Pa) environment (Figure 2-1A). An intense electrostatic field (F) is
thus generated at the apex of the tip [283,284]. The strength of this electrostatic field
is proportional to the applied voltage and inversely proportional to the radius of the tip

(R), which can be formulated as:

F = L
k¢R
where kf is the field factor with a value between 2 and 4 that accounts for the
reduction of the actual field from the theoretical value due to the geometry of the tip
and the local electrostatic environment. With the application of a high voltage, the
potential energy state of the atoms at the tip surface is deformed, rendering a polarised
surface that is deficit in electrons (Figure 2-1B). When the voltage is high enough
and the field at the tip reaches a critical value that depends on the individual elements
within the specimens (e.g., 52 VV/nm for tungsten, 33 V/nm for iron, and 19 V/nm for
aluminium [283]), the tip atoms are field-evaporated and leave the specimen with a
positive charge (Figure 2-1B). The evaporated ions are then projected following the
electrostatic field lines toward a position-sensitive digital detector, which provides the
positions of evaporated ions for later data reconstruction. As illustrated in Figure
2-1A, data reconstruction is carried out using a simplified back-projection
reconstruction geometry. By applying a high standing voltage to the specimen in
combination with an additional voltage pulse (typically in the range of 5% to 25% of
the standing voltage) applied to the hollow conical local electrode that allows the
evaporated ions to pass through (Figure 2-1A), time-controlled field evaporation of
individual atoms can be achieved. The measured time-of-flight of the detected ions is
converted into the mass-to-charge-state ratio (unit: Dalton, Da), where the chemical
identities of the ions, assuming full energy conversion from the electrical potential to
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the kinetic energy of the ions [283], ultimately provides quantitative compositional
analysis of the specimen.

The chemical identities and positions of the ions are computationally
reconstructed into a three-dimensional atom map with knowledge of the experimental
configuration, including the turn-on voltage for field evaporation, ion flight path, and
the primary element within the specimen. In addition to the electrostatic field, time-
controlled field evaporation can also be achieved by combining standing voltage with
pulsed thermal energy provided by a focused and pulsed laser beam [285]. This laser-
pulsing setup available in the commercial local electrode atom probe (LEAP) modules
[284] enables APT analysis on less conductive materials such as oxides,
semiconducting materials, and even organic specimens [229,283,284]. APT
experiments require a cryogenic cooling unit ("cold finger" hereafter) (Figure 2-1A)
to keep the specimen at cryogenic temperatures, supressing thermal atomic vibrations
that can significantly reduce APT spatial resolution [283]. Cryogenic cooling and a
programable heater allow the specimen temperature to be controlled between ~30-80
K, as required for APT [284]. To reach UHV, the LEAP uses a three-chamber
specimen loading workflow, including the evacuations from 1) ambient to ~10°
pascal (Pa) (~107 Torr) in a "loadlock” chamber, 2) ~10° to ~10” Pa (~107 to ~10°°
Torr) in an intermediate "buffer" chamber, and 3) < 10° Pa (10! Torr) in the

‘Analysis’ chamber where the cold finger is located [284].
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Figure 2-1. Schematic illustrations of (A) the experimental setup of APT, (B)
field evaporation at the tip end in APT experiments, and (C) the supply
mechanisms of environmental H and the types of H field ionisations that can be
seen in APT data.

2.2 Hydrogen background noise in APT
The residual gas in the APT UHV analysis chamber is mainly composed of H [207—
209,286], and its presence is mainly due to the use of H-permeable building materials,
typically AISI 304 and AISI 316L stainless steels [286]. Felfer et al. [286] recently
demonstrated that this residual H can be minimised by building the chamber with
titanium, which has characteristically low H desorption, but this design has not yet
been widely adapted by other APT laboratories.

In the presence of residual H, molecules of H> constantly adsorb onto the tip and

its shank during APT experiments at cryogenic temperatures and are ionised from the
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tip under the electrostatic field (Figure 2-1C). The H supply for such evaporation is
derived from 1) direct adsorption onto the apex (dark yellow in Figure 2-1C) and 2)
an initial adsorption on the shank surface followed by the surface diffusion toward the
high-field tip end (dark green in Figure 2-1C) [210,287-290]. For specimens
constructed from materials that have low H uptake, direct adsorption is dominant
because the high field on the tip can enhance adsorption and the surface diffusivity of
H at the cryogenic temperature of APT test is generally low [210,288]. In addition,
experimental data has shown that increasing the laser energy in APT experiments
under a controlled electrostatic field, which should heat up the tip and increase H
surface diffusivity, does not lead to an increase of detected H, suggesting that H
supply is not governed by surface diffusion [210,288]. In contrast, in the cases where
sample materials have strong affinity to environmental H, its uptake and bulk
diffusion can contribute a significant amount of H to the resulting APT data
[213,291-294].

The adsorption and ionisation of residual H can result in the detection of H*, H,",
and Hz" as 1, 2, and 3 Da in APT mass-to-charge spectra, respectively (Figure 2-1C)
[210,287-290,292,294-296]. The ionisation of Hy" is a straightforward result of H
losing an electron, while the presence of H* involves a more complex dissociation
process before ionisation. In addition to the catalytic dissociation of Hz into H at the
metallic surface, followed by H ionisation, H* can also be the result of post-ionisation
at a critical distance (xc) away from the tip where the electron of a desorbed ionic
molecule can tunnel back to the tip after primary ionisation at the tip end
[283,287,297]. Namely, the routes of H* formation can be [288,289,297]:

post ionisation at x.

H, H* + H° (2-1)

where HC is a neutral H atom that cannot be detected in APT with a correct time-of-

flight due to the lack of electrostatic force on the atom, and:

surface ionisation + post ionisation at x. field dissociation

H, H; H2t H*+ HY  (2-2)

It is not yet conclusive which mechanism is more dominant for H* formation.

For Hs", it has been established that Hz can be stable and present on a surface under a
high electrostatic field [288,289,298]. Therefore, the formation of Hs" is reasonable
when the field is sufficient for ionisation at the tip surface but insufficient for post-
ionisation at xc, which will otherwise generate H>" and H*. In voltage-pulsing APT

experiments, the combined applied electrostatic field is generally high, so the fraction
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of H* is often high in the APT mass spectrum data [289,292,294]. In contrast, the
electrostatic field required for evaporation in laser-pulsing APT experiments can be
lowered with the aid of laser energy; thus, detecting undissociated H>* and Hs" is
more common here than in voltage-pulsing APT [288,289,294,298-302]. Figure 2-2
shows the changes in the intensities of H*, H>*, and Hs" peaks under an increased
electrostatic field at the tip in a series of APT experiments using constant laser-
pulsing energy [289], confirming that high electrostatic fields (right) tend to dissociate
H>" and Hs" and produce higher H* than lower fields (left). In addition to molecular
evaporation, the low-field experiment is known to lead to the detection of metallic
hydride ions (e.g., MH* and MH_", with M representing metals) in APT mass spectra
if the metals have a strong affinity for H [288,298,300,302].
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Figure 2-2. Comparison of the H*, Hz*, and Hs" intensities from low to high
electrostatic fields in laser APT using Pt specimens. The experiments were
performed in a homemade laser-pulsing APT at 60 K and used a 532 nm wavelength
laser at 5 kHz with 2.5 nJ of pulsing energy and 10 Pa of residual H. Reproduced
from [289].

2.3 Using hydrogen isotopes

Given that residual H can cause artefacts and complexity in the mass-to-charge
spectra peak interpretation and that APT has an exceptionally high mass resolution, a
strategy that has been adopted is to use deuterium (?H or D) as a surrogate for H. D is
a H isotope that is less abundant (0.015% natural abundancy) and has a larger atomic
mass than the most abundant isotope, protium (*H), but a very similar reactivity and
behaviour [189,190,230,231,233,292,294-296,300,301,303]. Due to their different
masses, 2H has a slightly lower diffusivity than that of *H [279]. This difference is
typically not significant at ambient temperature and within the small scale of APT
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specimens where the diffusion length is limited [304]. Recently, tritium (*H) was also
used in an APT experiment in a study concerning the chemical changes of Li-Al-O
ceramic specimens after neutron radiation [305].

D charging has been used in both voltage- and laser-pulsing APT experiments
[189,190,230,231,233,292,294-296,300,301,303]. However, there has not been a
tangible solution to differentiate the contribution of ?H* from the artefact H,* peak at
2 Da (Figure 2-2), posing a significant challenge in confidently quantifying the D
content and resolving the location of D signal in laser-pulsing APT [295,296,300].
Figure 2-3 is a comparison between voltage- and laser-pulsing APT analyses using
both uncharged and D-charged steel specimens with trapped D [295]. In a voltage-
pulsing experiment (top figure), the D-charged specimen (orange) resulted in a
significant peak at 2 Da with respect to that from the uncharged specimen (blue). In
contrast, in a laser-pulsing APT dataset (bottom figure), both D-charged and
uncharged specimens resulted in significant peaks at 2 Da (red arrow), undermining
the confidence of peak assignment in APT data analysis. Although significant effort
has been made to enable the application of laser-pulsing APT in H analysis by using
the metallic deuteride peaks and the 2H* peak at 4 Da that does not overlap with the
peaks of H artefact [289,300-303], it is generally recommended to use a voltage-
pulsing setup when the tested materials are sufficiently conductive for good yield
under voltage-pulsing analysis.
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Figure 2-3. Comparison between the mass-to-charge spectra of voltage- (top) and
laser- (bottom) pulsing APT from D-charged (orange) and uncharged (blue) steel
specimens that contain vanadium carbide H traps. The experiments used a LEAP
3000 HR with a 20% pulse fraction or 532 nm wavelength laser with 0.4 nJ pulse
energy, 200 kHz pulse frequency, and 50 K stage temperature. The cryogenic transfer
method was used after catholically loading D at 2.1 V in 0.1M NaOH in D20 to
minimise D loss. The signal intensities were normalised to the total data counts.
Reproduced with permission from [295].

Whilst residual H in the instrument chamber can generate 1-Da and 2-Da peaks
that obscure the observations of H and D introduced into the microstructure, these
peaks cannot always be assigned directly to background H. For materials such as
titanium that absorb significant amounts of H, utilising APT to uniquely identify
signals correlated with H-attracting features, including hydride and phase boundaries,
has been shown to be possible using the spatial variation of the 1-Da signal [293,306].
It has also been demonstrated that the 1-Da and 2-Da signals are correlated with H
and D, respectively, that diffuse into H traps in steels after electrochemical charging
[292]. Therefore, there is clear evidence in the literature that signals from both the 1-
Da and 2-Da peaks can be treated as real when materials and experimental conditions

are carefully analysed and proven to be different from the background.
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2.4 Hydrogen charging

Hydrogen may be intentionally introduced into atom probe specimens through 1)
direct ion implantation [285,307,308], 2) water corrosion [309], 3) direct exposure to
gaseous H/D (gas charging) [190,230,231,233,310-315], which generally has a safety
limit in pressure and often requires additional heat to facilitate H uptake to a practical
rate, or 4) water electrolysis (cathodic charging), which uses a straightforward setup
to effectively generate high H fugacity at ambient conditions around a conductive
specimen. The latter option has been used in the most studies
[88,189,294,295,316,317]. For electrolytic deuteration, it has been found that the use
of deuterated electrolytes for cathodic charging did not affect the resulting D content
[292]. Figure 2-4 compares the APT mass-to-charge spectra in the voltage-pulsing
APT experiments of the specimens catholically charged in 1) heavy water (D.O) with
a deuterated electrolyte (NaOD), 2) DO with a normal electrolyte (NaOH), 3) normal
water (H20) with NaOD, and 4) normal H.O with NaOH, as shown in black, red,
green, and blue, respectively. Using only heavy water and an undeuterated electrolyte
(red) is as sufficient as fully deuterated electrolyte (black) to introduce D into the steel

specimens with H traps.
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Figure 2-4. Mass-to-charge spectra from four different H charging electrolytes.
The APT experimental setup and sample material are the same as those shown in
Figure 2-3. The signal intensities were normalised to the vanadium intensities because
the material contains a significant number of vanadium-based carbide H traps.
Therefore, the vanadium counts can represent the amount of H trapped in the
specimens. Reproduced from [292].

2.5 APT with cryogenic-sample transfer capability

To address the fast H desorption/diffusion from specimens with high H diffusivities,
custom cryogenic workflows have been developed to account for the scale of the
needle-like specimen and the high vacuum sample loading process, leading to the
birth of cryogenic APT (cryo-APT) [88,189,292,317-319]. Cryo-APT has also
exhibited strong potential to be combined with focused ion beam (FIB) and cryogenic
FIB (cryo-FIB) techniques to prepare site-specific specimens [229,301,320-326]. For
experiments that use gas charging, cryo-APT can be achieved by adding a cooling
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unit onto the sample stage in the gas charging chamber
[190,230,231,233,314,315,319]. An example system that functions as an attachment
to a commercial LEAP 3000 is shown in Figure 2-5A, with its instrument layout
diagram shown in Figure 2-5B [314]. For cryo-APT workflows involving cathodic
charging, a glovebox (Figure 2-5C) is important for creating a moisture-free
environment to rapidly plunge-freeze the puck in a liquid nitrogen (LN>) bath after
electrolytic deuteration (Figure 2-5D). Moisture control can eliminate ice
condensation on APT needle samples, which is crucial for achieving the needle apex
sharpness required for the success of cryo-APT experiments [292,327]. The glovebox
should also include a loadlock (Figure 2-5C) to evacuate the cryo-sample to a
pressure sufficiently low enough that it can be connected with a sample loading
interface in the LEAP. This process involves using a commercially available
"suitcase" that can store and transfer the cryo-sample under low pressure between the
glovebox loadlock (Figure 2-5C) and the LEAP loadlock chamber (Figure 2-5E)
[88,189,327]. In a commercial LEAP, metallic carousels are used for sample storage
and transfer between the loadlock and buffer chambers. Cryo-APT requires a custom
carousel with a slot composed of thermally insulating materials such as
polyetheretherketone (PEEK) (Figure 2-5F) to minimise warming of the sample
during the loadlock-buffer transfer. A pre-cooled "piggyback puck™ (Figure 2-5F)
will also be needed to provide additional coldness to the cryo-puck during sample
handling in the LEAP. The cryo-transfer workflow is complete when the sample
arrives at the cryo-stage in the LEAP analysis chamber, which is typically at 30-80 K.
This temperature range is lower than what is achievable using LN as the coolant
(100-170 K) [88,324,327].
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Figure 2-5. Cryo-APT instrumentation. (A) and (B) are photos of a homemade
cryo-APT gas charging system attached to a LEAP 3000 HR at the University of
Oxford [314]. (C) shows a custom glovebox with a loadlock that can be attached by a
commercial cryo-transfer suitcase (Ferrovac), and (D) provides a view of the LN
bath and deuteration cell within the glovebox of (C) [88]. (E) shows the attachment of
the commercial cryo-transfer suitcase onto a LEAP 4000 Si at the University of
Sydney. (F) shows a custom carousel with a PEEK slot and a piggyback puck that can
minimise the heat transfer from the LEAP to the cryo-puck [327].
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Chapter 3 - Engineering metal-carbide hydrogen traps in
steels

3.1 Background

As mentioned in the previous content, one potential solution to mitigate HE is the
incorporation of hydrogen traps into the alloy's microstructure. These traps would
impede the diffusion of hydrogen towards areas susceptible to HE, such as
microcracks. Nanoscale transition-metal carbides like titanium (Ti) and molybdenum
(Mo) carbides have shown promise as effective hydrogen traps due to their high
number density and even distribution within steels. However, the precise mechanism
through which they trap hydrogen remains unclear, specifically whether it's due to the
carbide’s bulk or its interface with the steel's ferrite structure.

To address this, we employed both theoretical and experimental techniques,
including density functional theory, atom probe tomography, and thermal desorption
spectroscopy to compare the hydrogen trapping behaviour in two prototype ferritic
steels. These steels contained titanium carbide (TiC) and a combination of titanium
and molybdenum carbides ((Ti,M0)C), respectively. In the case of (Ti,Mo0)C, the
addition of substitutive molybdenum was intentional. This introduction of
molybdenum created carbon vacancies that could serve as potential hydrogen traps,
providing pathways for hydrogen to penetrate the carbide's bulk. In contrast,
stoichiometric TiC, which had fewer carbon vacancies, was expected to exhibit
interfacial hydrogen trapping, differing from the behavior observed in (Ti,Mo)C.

The content of this article is largely the product of the work of Pang-Yu Liu under
the supervision of Julie M. Cairney, Hao Chen and Yi-Sheng-Chen. Pang-Yu Liu
conducted the atom probe tomography (APT) experiments, the data analyses and
drafted the manuscript. Boning Zhang conducted the density functional theory (DFT)
simulation, the Thermal desorption spectroscopy (TDS) experiments, and contributed
to drafting the manuscript. Ranming Niu conducted the Transmission electron
microscopy (TEM) experiments and contributed to the manuscript. Shao-Lun Lu and
Chao Huang supported the APT and TEM experiments. Maogiu Wang supported the
TDS experiments. Fuyang Tian supported the DFT simulation. Yong Mao provided the
computational resource for the simulation and supported the DFT simulation. Tong Li
conceptualized the project and participated in the manuscript development. Patrick A.

Burr participated in the data analysis and the manuscript development. Hongzhou Lu,
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Aimin Guo and Hung-Wei Yen provided funding support, supervised the project, and
participated in the manuscript development. Julie M. Cairney provided the microscope
facilities, supervised the project, and finalized the manuscript. Hao Chen initiated and
conceptualized the project, provided the samples and funding, supervised the project,
and participated in the manuscript development. Yi-Sheng Chen initiated and
conceptualized the project, designed the protocols of analyses, provided funding
support, supervised the project, contributed to the manuscript, and finalized the
manuscript.
Results are presented in the form of a manuscript that has been accepted by

‘Nature Communications’.
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Abstract

Hydrogen embrittlement reduces the durability of the structural steels required for the
hydrogen economy. Understanding how hydrogen interacts with the materials plays a
crucial role in managing the embrittlement problems. Theoretical models have
indicated that carbon vacancies in metal carbide precipitates are effective hydrogen
traps in steels. Increasing the number of carbon vacancies in individual metal carbides
is important since the overall hydrogen trapping capacity can be leveraged by
introducing abundant metal carbides in steels. To verify this concept, we compared a
reference steel containing titanium carbides (TiCs), which lack carbon vacancies, with
an experimental steel added with molybdenum (Mo), which form Ti-Mo carbides
comprising more carbon vacancies than TiCs. We employed theoretical and
experimental techniques to examine the hydrogen trapping behavior of the carbides,
demonstrating adding Mo alters the hydrogen trapping mechanism, enabling hydrogen
to access carbon vacancy traps within the carbides, leading to an increase in trapping
capacity.

Key words: Steel, hydrogen embrittlement, hydrogen trapping, atom probe
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Introduction

Hydrogen is a carbon-free energy carrier that can be produced without carbon

footprint at scale, offering a solution to meet the world’s increasing energy demand

and the goal of transition to net zero emissions by 2050 !. A significant challenge to

delivering hydrogen energy at scale is hydrogen embrittlement 2. This problem can
cause unpredictable failures of metallic components, adding significant costs for
monitoring and maintaining infrastructural integrity >.

Steel is a cost-effective material for constructing large-scale infrastructure,
despite its susceptibility to hydrogen embrittlement 3. There are four methods that
have been considered to manage hydrogen embrittlement in steels *. The first is pre-
service hydrogen desorption, which can remove pre-existing hydrogen in materials °.
However, this method is not suitable for most services where hydrogen pickup occurs
during service, such as bearing ® and gas pipes ’.The second is adding hydrogen-
impermeable coatings onto the steel surface to decrease the kinetics of hydrogen
uptake ®. However, the effectiveness of this method depends on the quality and
durability of the coatings, which may have defects, or develop them in service
through scratching, erosion or corrosion. The third method is mixing passivating
gases, such as oxygen, into the bulk transmitting gas to reduce the probability of
hydrogen adsorption on the surface and absorption in materials °. But there are
additional costs associated with the separation of the gases before being used for
applications such as fuel cells, where hydrogen purity is crucial. Finally, hydrogen
traps can be introduced into the material microstructure to immobilize or trap
absorbed hydrogen, limiting the amount of hydrogen participating in the embrittling
process %12, This approach provides materials with intrinsic resistance to hydrogen
embrittlement and can be applied synergistically in parallel with other approaches *.
Embrittlement-resistant alloy design must consider not only hydrogen trapping but
also other application requirements, such as strength, ductility, corrosion resistance,
and thermal stability *.

To design a steel microstructure that can effectively trap hydrogen and
decrease embrittlement, three criteria must be considered: 1) the susceptibility of

incorporated traps to hydrogen embrittlement, 2) trap density, which determines the
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efficiency of the microstructure in hindering hydrogen diffusion, and 3) trapping
energy, which measures how effectively a trap can retain hydrogen atoms '3

Microstructural features in steel lattice, such as vacancies, dislocations, grain
boundaries, and second phases (both their bulk and surfaces) can act as hydrogen
traps +'4. However, not all of these traps are effective in resisting hydrogen
embrittlement. For instance, dislocation and vacancy traps can be produced in high
density but are weak traps and can actually contribute to hydrogen embrittlement in
steels '>!6. Hydrogen trapped at dislocations can reduce the stress required for
dislocation gliding, leading to increased plastic deformation under high load (near
yield strength) !7. This effect is called hydrogen-enhanced local plasticity (HELP) and
explains many characteristics of hydrogen embrittlement, including the dependence
on strain rate and hydrogen diffusivity '”!®. Vacancies can attract and stabilize
hydrogen atoms, leading to the formation of more vacancies under load, known as
hydrogen-enhanced strain-induced vacancies (HESIV) %, This effect can lead to the
formation, growth, and coalescence of microvoids under high load, causing early
failure in the steel, like for HELP!*?°

Hydrogen can also be trapped at grain boundaries and phase boundaries.
However, there has been suspicion around whether such trapped hydrogen under high
loads can cause hydrogen-enhanced decohesion (HEDE), leading to micro-crack
initiation at the interface and resulting in macroscale embrittlement '¥2!-22, In addition,
under high loads, hydrogen can be trapped at the crack tip where load is concentrated
and lattice is expanded, forming a quasi-hydride phase that impedes the emission of
dislocations, causing macroscopic cleavage in consequence 2°. So far, it is understood
that the exact cause of hydrogen embrittlement is subject to many factors of material
service conditions (such as applied load and hydrogen content) and hydrogen-
susceptible microstructure (such as inclusions). High caution is always required when
associating hydrogen-induced failures with a single mechanism. In some specific
cases, it is even found that multiple mechanisms can operate synergically and
simultaneously 2*. As such, developing a universally applicable mitigation strategy
has been a challenging task.

Second phase precipitates, like carbides, can be strong traps, can contribute to
material strength, and can be produced in high density *. In body-centered cubic
(BCC) ferritic steels, transition metal carbides (with M as Ti, V, Mo, Nb, etc.) are of

interest for hydrogen trapping as they can be produced at exceptionally high density
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with excellent dispersion. For this purpose, a metallurgic phenomenon called
‘interphase precipitation’ is useful to form high-density carbides in steels. This
involves isothermal tempering between 600 and 800 °C immediately after
austenization (i.e., without quenching prior to tempering) 2>, so that precipitates are
generated on the interphase boundary during the austenite-to-ferrite phase
transformation, leading to the formation of a high density of nanosized metal carbides
aligned in bands. As the density and spacing between the resulting metal carbides are
sensitive to the isothermal temperatures used 2”3, it is possible to achieve engineering
steel microstructures with a desired hydrogen trap density to achieve good
embrittlement resistance. Furthermore, since the transition metals have low solubility
in ferrite, the production of high-density metal carbides generally requires only a
modest amount of alloying (typically at 0.1 to 0.3 weight percent, wt.%). This level of
alloying is described as ‘microalloying’ and is a very cost-effective method for steel
strengthening *°.

For the most effective trapping, it is desirable to create a high density of traps,
but also to maximize the trapping energy and capacity. Two microstructural factors
can influence this: metal carbide matrix-interface coherency and carbon vacancy in
carbide. For coherent and semi-coherent interfaces, lower coherency of the ferrite-
metal carbide interface means a higher number of dislocations, which can act as
hydrogen traps, leading to a higher overall trapping capacity 3**!. However, taking
advantage of this effect requires coarsening (over-ageing) the metal carbides, which
reduces the overall number carbides and the mechanical strength of the alloy.
Additionally, excess hydrogen trapped at incoherent interfaces under high loads can
cause micro-cracks through HEDE #2122 Manipulation of interface coherency is
therefore a double-edged sword when it comes to designing hydrogen traps to
increase hydrogen embrittlement resistance.

Computational studies suggest that carbon vacancies in metal carbides are a
promising hydrogen trap due to their high trapping energy compared to interface
misfit dislocations 2%, When a carbon vacancy is located near a metal carbide
surface, it can trap hydrogen near the interface, even if the interface is fully coherent
3¢, However, theoretical models indicate that a high kinetic energy is required for
hydrogen atoms to overcome the diffusion barrier near the metal carbide-matrix
interface and reach the carbon vacancies inside **°. Di Stefano et al. ** have used

first-principle calculations to demonstrate that it is possible to reduce this barrier by
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increasing the concentration of near-interface and interior carbon vacancies in
titanium carbide (TiC) to create a diffusion path for hydrogen to reach strong carbon
vacancy traps inside the metal carbide. A similar strategy was proposed in
Kirchheim’s work *7, which considers the near-interface carbon vacancy traps in
vanadium carbide and is in agreement with other research *#*8. The number of carbon
vacancy sites is greater than the number of interface misfit dislocations, particularly
so in transition metal carbides that have a high interface coherency and a low number
of misfit dislocations at the interface. Therefore, a potential strategy for increasing
hydrogen trapping capacity is to create a type of metal carbide with a very high
density of ‘accessible’ and strong carbon vacancy traps to accommodate abundant
hydrogen atoms per metal carbide. This strategy can be further leveraged against the
high metal carbide number density achieved by interphase precipitation to potentially
create a steel microstructure with exceptional hydrogen trapping capacity.

In this work, to explore the effectiveness of increasing the carbon vacancy
concentration in metal carbides, we created two ferritic steels with a high-density of
metal carbides: one with TiC and another with titanium-molybdenum carbides
((Ti,Mo0)C). Both have a NaCl rock salt structure *°. Mo, a VI-B element, substitutes
for Ti, in the (Ti,Mo0)C and, importantly, creates additional carbon vacancies to
maintain the electron valency balance within the metal carbide lattice. We then
compared the hydrogen trapping behavior of each type of metal carbide at multiple
length scales. At the atomic level, we used first-principle calculations based on
density functional theory (DFT) to examine the hydrogen inward migration and the
presence of excess energetically stable carbon vacancies in the carbides containing
Mo. At the macroscale, we employed thermal desorption spectroscopy (TDS) to
measure the increased amount of trapped hydrogen in the (Ti,Mo0)C steel compared to
the TiC steel. The TDS specimens were intentionally left at room temperature for a
long period of time to desorb the hydrogen trapped by lattice defects and to leave only
carbide-trapped hydrogen for measurement. At the nanoscale, we verified that both
metal carbides had similar lattice and interface structures using scanning transmission
electron microscopy (STEM), showing that they had a similar size, number density,
and lattice structure. Finally, we used cryogenic atom probe tomography (cryo-APT)
to study the hydrogen trapping mechanisms of both metal carbides in detail, a
technique developed in our previous work *“**!. Cryo-APT allowed us to preserve the

hydrogen distribution in charged samples by handling hydrogen-charged samples at
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cryogenic temperature 2. This allowed us to compare the hydrogen near (Ti,Mo)C
and TiC interfaces. Our findings highlight the crucial role of carbon vacancies in
transition metal carbides, forming through the addition of Mo, for a remarkable

increase in hydrogen trapping capacity.
Results

First-principle simulations of hydrogen migration, carbon vacancy stability, and

hydrogen trapping in metal carbides

To test and verify the approach of using carbon vacancies to facilitate the
internalization of hydrogen trapped at a metal carbide-matrix interface, we created a
DFT model to probe the behavior of hydrogen at a phase boundary between BCC
ferrite and a NaCl-structured metal carbide, specifically a Ti;xMox carbide where x
represents the number of substitutional Mo atoms in a TiC unit cell. The model is
depicted in Figure 1A, which shows Fe, Ti, Mo, and C atoms in black, green, blue and
magenta, respectively. Fig. 1a is a 2-dimensional (2-D) view of a 3-D
(Tio.75M00.25)Co.875 supercell in the [0 1 O]ferite direction, which corresponds to the [1 1
OJcarbide. This orientation relationship (OR) between ferrite and the NaCl-structure
metal carbide is known as the Baker-Nutting (B-N) OR *2’_ and occurs due to the
covalent bond between Fe and C atoms at the interface, leading to a highly coherent
interface, as outlined by a grey dot line in Fig. 1a. The DFT model contains randomly
distributed Mo atoms occupying Ti sites in the metal carbide lattice, generated using
the similar atomic environment (SAE) method 4. Three consecutive carbon vacancy
sites were created (magenta broken squares, V1-3) to simulate hydrogen diffusion
toward the interior of the metal carbide at the proximity of the interface. In Fig. la,
we placed a solute hydrogen atom (depicted as a red sphere) initially in a ferrite
interstitial site near the interface, and the location of which is denoted as 0. We then
analyzed the energy required for hydrogen migration (indicated by red arrows) in the
presence of the three consecutive carbon vacancies.

Fig. 1b is a group of 3-D models showing various sites: 0, V1, V2, and V3,
with the hydrogen solute and surrounding Fe, Ti, and Mo atoms. Site 0 is a tetrahedral
interstitial site in a BCC lattice near a B-N OR interface. V1 is a quasi-octahedral
carbon-centered unit in a NaCl lattice near the interface, and V2 and V3 are both

octahedral carbon-centered units in a NaCl lattice. We placed two Mo atoms adjacent
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to the vacancy, so the compositions of the models can be consistent with the bulk
chemistry, i.e., (Tio.7sM00.25)Co.875. Similar models were created (not shown) to study
the hydrogen migration in TiC counterpart structures. To establish the energy profile
of the hydrogen atom migrating in these models, we used climbing image nudged
elastic band (CI-NEB) modeling ** and the results are shown in Fig. 1c. This figure
shows the solution energy profiles of the hydrogen atom at 0, V1, V2, and V3 sites
and their corresponding saddle points. We examined the cases of a Mo-doped TiC
lattice (blue) and a pure TiC lattice (green), both of which have connected carbon
vacancy structures. We found that the addition of Mo reduces the energy barrier for
the hydrogen atom to diffuse from one carbon vacancy site to another (0.85 eV and
0.8 eV with Mo compared to 1.02 eV and 1.08 eV for Mo-free TiC), while the
carbide-entering energy barrier is only slightly increased by 0.08 eV for the Mo-
containing carbide (0.38 eV versus 0.30 eV). We consider this difference is
insignificant given that the diffusion energy of interstitial hydrogen in BCC iron
lattice is 0.088 eV .

Note that our model only considered single hydrogen occupancy in each
carbon vacancy. As per Di Stefano et al. *3, the diffusion barrier for a hydrogen atom
decreases when a second hydrogen is present in the same carbon vacancy due to the
intrinsic repulsion between ionic hydrogen particles. Their finding is particularly
relevant to situations with a substantial hydrogen supply that is the regime in the
hydrogen trapping observation experiments presented in later discussion.

As the quantity of carbon vacancies plays a crucial role in allowing hydrogen to
access traps inside metal carbides, we used DFT to examine the effect of Mo addition
on both the formation of carbon vacancies and the hydrogen trapping energy. By
using SAE, we developed 6 random 3 x 3 x 3 metal carbide bulk supercells, each
containing 108 metal (either Ti or Mo) sites and 108 carbon sites. The supercells for
the interface models are illustrated in Supplementary Figure 1. The compositions of
both bulk metal carbide and metal carbide-ferrite interfaces are listed in Fig. 1d, and
the octahedral unit cells are shown in Fig. le as parts of the entire supercells, where
metal, carbon, and Fe sites are presented in light blue, magenta, and black,
respectively. These result in the light blue and black data points, respectively, in Figs.
If and 1g. We studied the carbon vacancy formation energy by removing carbon
atoms in the models that have differing numbers of adjacent Mo atoms around a

carbon site. As a result, Fig. 1f provides the carbon vacancy formation energy as a
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function of number of adjacent Mo atoms, where a more negative value indicates
greater stability. Fig. 1f reveals that, regardless of whether in bulk or at an interface, a
carbon vacancy tends to be more stable in the presence of proximal Mo atoms, which
is consistent with existing literature 460,

To determine the hydrogen trapping energy (i.e., the energy difference
between hydrogen at traps and in a ferrite lattice), we then placed a hydrogen atom in
each of the carbon vacancies, with their varying numbers of neighboring Mo atoms,
resulting in Fig. 1g. We did not find that increasing the number of adjacent Mo
resulted in higher trapping energy. Instead, more adjacent Mo atoms reduces the
stability of the trapped hydrogen (i.e., the carbon vacancy hydrogen trapping energy),
which is consistent with literature **°!°2, The dotted line at -0.5 eV in Fig. 1g
indicates the energy below which hydrogen traps are unlikely to trap a hydrogen atom
for a meaningful duration in a material service at room temperature *. Considering
both the carbon vacancy stability and the hydrogen trapping strength, our sample with
moderate Mo doping in (Ti,Mo)C, with a 1:2 Mo-to-Ti ratio (i.e., 2 Mo every 4 Ti in
an octahedral cell), highlighted by the orange shade in Fig. 1G, is expected to achieve
good overall synergy. Furthermore, previous research has shown that (Ti,Mo)C with
this 1:2 Mo-to-Ti ratio (or Tii-xMoxC with x = 0.33) is the most abundant carbide type
in an interphase-precipitate Mo-added TiC steel, regardless of the amount of Mo
addition *°. This type of metal carbide is therefore suitable to verify the effect of
incorporating a high density of carbon vacancies on the hydrogen trapping in a metal
carbide-containing steel.

In summary, our modelling suggests that the addition of Mo increases the
accessibility of internal carbon vacancies to hydrogen by reducing the diffusion
energy barrier between the carbon vacancies in the metal carbide bulk (Fig. 1c). This
diffusion barrier reduction is in addition to the formation of high-density carbon
vacancies (Fig. 1f), which are likely interconnected in metal carbide bulk. Also, our
model shows that the Mo-associated carbon vacancy traps have sufficient trapping
strength (Fig. 1g). We consider the combination of the above can facilitate the access
of hydrogen to the carbon vacancy traps in metal carbide bulk, opening up more

trapping sites to the readily available carbide interface traps. >
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Fig. 1. First-principle simulations showing the effect of Mo addition on hydrogen
diffusion, trapping, and carbon vacancy stability in a NaCl-structure metal
carbide. (a) 2-D conceptual sketch of a coherent ferrite-metal carbide interface 3-D
model with 3 connected carbon vacancies (magenta dashed squares as noted V1-3), a
hydrogen solute atom (red sphere at the ‘0’ position), Fe (black spheres), Ti (green
spheres), Mo (blue spheres), and C atoms (magenta spheres). The sketch is displayed
along [0 1 O]ferite Which is also [1 1 O]carvide due to the orientation relationship of the
two phases. (b) 3-D illustrations of the atomic coordinate configurations
corresponding to the 0 and V1-3 sites in Fig. 1A. (c) Solution energy profiles
corresponding to (b) for a hydrogen atom at the ferrite-carbide interface and in the
connected carbon vacancies with (blue) and without (green) the adjacent Mo atoms in
the NaCl-structure metal carbide models. (d) Compositions and annotations of the
metal carbide supercells used to create Figs. (f) and (g) in the case where the vacancy
is inside the carbide (light blue) and at the ferrite-carbide interface (black). (e) 3-D
model sketches of the carbon-site-centered unit cells considered for the TiC bulk and
at the ferrite-carbide interface. (f) Energy to form a carbon vacancy as a function of
the number of adjacent Mo atoms. (g) Hydrogen trapping energy in a carbon vacancy
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as a function of the number of adjacent Mo atoms. The dotted line at -0.5 eV, indicates
the energy required to trap hydrogen for the long term in structural service at room
temperature. The orange shade is the composition of the carbides in this research.

Model steel design and macroscale quantification of hydrogen trapping

In accordance with the carbide design strategy described above, we used a model steel
containing 0.05% carbon, 1.5% manganese, 0.2% silicon, and 0.1% titanium (by
weight) and compared it to another model steel of the same composition, but with an
additional 0.2% molybdenum. Both specimens have a simple microstructure with a
high density of metal carbides. The moderate addition of Mo is important because
excessive amounts can lead to the formation of hexagonally close-packed (HCP)
Mo-C precipitates in the ferrite 2%, which have lower hydrogen trapping abilities than
NaCl-structure metal carbides **.

The steels were austenitized at 1200 °C for 5 minutes to dissolve the carbide-
forming alloying elements. They were then placed in an isothermal salt bath at 650 +
20 °C for 60 minutes to form nanosized metal carbides, followed by water-quenching.
Mo alloying can influence the temperatures of austenite and martensite formation and
the kinetics of the austenite-ferrite phase transformation, leading to variations in the
final ferrite grain size, metal carbide density, and the regularity of the metal carbide
distribution 2’8, We therefore anticipated a slight difference in microstructure,
although the thermal histories of two samples are identical. Evidence of a smaller
grain size of the (Ti,Mo)C steel (140 um) than that of the TiC steel (195 pum) is
provided in Supplementary Information (Supplementary Figure 2) in the form of
electron backscatter diffraction (EBSD) orientation maps and is consistent with the
literature 2%. The EBSD results in Supplementary Figure 2 also confirmed that the
(Ti,Mo)C steel does not contain any detectable residual austenite that is known to be a
strong hydrogen trap * and could cause confusion when interpreting hydrogen TDS
data of carbide-containing steels.

To quantify the amount of trapped hydrogen in both steels, we carried out TDS
on samples that were electrochemically charged with hydrogen. The TDS results from
the TiC steel and the (Ti,Mo0)C steel are shown in green and blue, respectively, in Fig.
2. After hydrogen charging, specimens were left at room temperature for either 1 or
24 hours, corresponding to the data labelled with squares or triangles, respectively, in
Fig. 2. Holding at room temperature was intended to release the hydrogen that was

weakly trapped in lattice defects such as dislocations and grain boundaries *, so we
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can better correlate the TDS results with stronger traps such as the metal carbides in
our specimens. This treatment also addresses the variance in grain size in the two
specimens. To establish hydrogen-free references, we tested the hydrogen-charged
specimen desorbed for 720 hours and the uncharged specimen, the corresponding data
labelled as plus signs and circles, respectively, in Fig. 2. We found that (Ti,Mo)C steel
(blue) preserves much larger quantities of hydrogen than TiC (green) in the steel
regardless of the duration of room-temperature desorption. In the 1-hour desorption
datasets (squares), the overall released hydrogen for the (Ti,Mo)C steel is 1.685 wt.
ppm, which is much higher than for the TiC steel at 0.169 wt. ppm. The addition of
Mo in the steel therefore increases hydrogen trapping capacity significantly. We also
conducted experiments with other desorption durations, as shown in Supplementary
Figure 3 in Supplementary Information, which agree well with the data in Fig. 2. We
also compared the macroscopic hydrogen permeabilities of the two specimens
(Supplementary Figure 4), revealing that the (Ti,Mo)C steel has a lower hydrogen
permeability, which suggests that there are more effective hydrogen traps in the
(Ti,Mo)C steel. In summary, macroscale evidence supports our hypothesis that Mo in
TiC can increase hydrogen trapping capacity of steels. We then continue with

microscopic analyses for revealing the origin of the enhanced hydrogen trapping.

o
~

oo o TiC steels

[ 1 1 hour after H charging

/\ 24 hours after H charging
o -+ 720 hours after H charging

. = O Uncharged

o

W
1

o
o

hDEpE!EFI A~ A (Ti,Mo)C steels

A . ] 1 hour after H charging
A AO /\ 24 hours after H charging
<+ 720 hours after H charging
O Uncharged

o
N
>
>
m]

DO00O00
o0 :Rﬁhim

H desorption rate (mass ppb/s)
o
N
a
P
>

A'._l\‘:

50 100 150 200 250

Temperature (°C)
Fig. 2. Quantitative measurement of hydrogen trapping in the interphase-
precipitate-containing ferritic steels by thermal desorption spectroscopy (TDS).
The steels with TiC (green) and (Ti,Mo)C (blue) after charging and room-temperature
desorption for 1 hour (square), 24 hours (triangle) and 720 hours (plus sign),
compared to the uncharged sample (circle).
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Microstructural characterization
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We utilized bright-field TEM, atomic-resolution annular bright-field (ABF) STEM,
and atomic structure simulator to examine the interphase-precipitation metal carbides
in the BCC ferrite matrix, using the [0 1 O]fmite Zone axis that is most suitable for
observing interphase-precipitation carbides !2*
steel and Figs. 3e-h from the (Ti,Mo0)Cs steel. Figs. 3a and 3e show the TiCs and

(Ti,Mo)Cs as the dark and linearly aligned features in the BCC ferrite matrix,

, resulting in Figs. 3a-d from the TiC

respectively? 7. We examined the diffraction patterns from the TiCs and (Ti,Mo)C
steels, as shown in Figs. 3b and 3f, confirming the presence of the diffraction spots
associated with the metal carbides as highlighted by green and blue circles,
respectively, as well as their B-N OR with the ferrite matrix 2°’. We also used the
metal carbides’ diffraction spots to conduct dark-field imaging in TEM, as an example
shown in Supplementary Figure 5 for the TiC. However, we found this imaging
method does not provide the most straightforward micrograph to exhibit the presence
of metal carbides since the resulting image can also include other structural defects
(Supplementary Figure 5b).

As we aim to produce the metal carbides that have the same lattice structure (and are
only different in carbon vacancy concentrations), we used ABF STEM to further
confirm the atomic structure of the metal carbides and their OR with the ferrite
matrix, which resulted in Figs. 3¢ and 3g. Due to the small size of the carbides
relative to the specimen thickness (illustrated in Supplementary Figure 6), the
observed Ti (or substitutional Mo) atoms from the metal carbides overlap with the
atomic lattice of ferrite, as highlighted by the red squares in Figs. 3c and 3g, hindering
observations of the metal carbides. Note that the C atoms (with a low atomic mass) in
the Fe matrix (with a high atomic mass) are not resolvable in our imaging condition
(using 300 kV for electron acceleration). Moiré fringes, sometimes seen in

2728 are absent in these

conventional high-resolution TEM images of metal carbides
STEM images because the ultra-fine scanning electron beam in STEM is less
conducive to the electron beam interference that leads to Moiré fringes at the
inclusions (see Supplementary Figure 6).

In order to confirm the atomic structure of the metal carbides embedded in the BCC
ferrite matrix in the STEM images, we simulated the atomic structures of NaCl-like
metal carbides embedded in a BCC iron matrix, as shown in Figs. 3d and 3h, and

compared them with the STEM images (Figs. 3¢ and 3g), using the same atomic
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structure coordinates with respect to the imaging direction of [0 1 O]ferite ZOne axis.

The simulated atomic models assumed the B-N OR, i.e., {0 0 1} ferrite //{0 0 1} metal
carbide aNd <1 0 0>ferrite//<1 1 0>metal carbide reported in literature 2”-*%. Ti/Mo atom
columns are aligned (green/blue spheres) along (11 1) planes in the simulated
structures, as shown by the green and blue shades in Figs. 3d and 3h, respectively.
Also, planes of Fe atom columns along (1 0 1) are highlighted by grey shades in
Figs. 3d and 3h. Similar atomic structures in the STEM images confirm the presence
of the embedded metal carbides. In the Figs. 3c and 3g STEM images, atom columns
corresponding to the (11 1), atom planes are highlighted by the green and blue
broken lines, respectively. We also found that these (1 1 1), atom columns have
the same angle with respect to the (10 1) ferrite Planes (black broken lines in Figs.
3c and 3g), which is in agreement with the simulated data in Figs. 3d and 3h. This
agreement also confirms the B-N OR between the metal carbides and the BCC ferrite
matrix.

We also carried out STEM imaging along the [1 0 0] ferite Zone axis (in parallel with [1
1 0] metal carbide under the B-N OR)), i.e., turning 90 degrees along the [1 0 0]ferite axis
toward the viewing direction of Fig. 3 (viewing from left to right in the coordinate of
Fig. 3), resulting in Supplementary Figure 7 in Supplementary Information. We found
coincident locations of metal carbide and ferrite atom columns (Supplementary Figure
7b and 7e), as predicted in the simulated structures in Figs. S7C and S7F. This is in
contrast to Figs. 3b and 3e showing the atom columns from the (11 1), and
(101) ferrite Planes and a nominal angle between them, suggesting the observed
inclusions are indeed the metal carbides with the expected NaCl crystal structure. In
summary, our TEM and STEM results are consistent with previous literatures >"-%,
indicating both metal carbides are NaCl type and have the B-N OR with the BCC

ferrite matrix.
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Fig. 3. TEM and STEM observations of the carbide morphology, structure, and
orientation relationship with ferrite matrix along [0 1 O]ferrite Zone axis. (a)-(d) are
from the TiC steel, and (e)-(h) are from the (Ti,Mo0)C steel. (a) and (e) are bright-field
TEM images showing the morphology of the carbides (dark and linearly aligned
features). (b) and (f) are the diffraction patterns of both steel specimens, which are
indexed with the spots associated with the ferrite matrix and the metal carbides. (c)
and (g) are the high-resolution annular bright-field STEM images, showing the atomic
structures of the NaCl-structure carbides and the BCC ferrite matrix indexes. The
(11 1) planes of the carbides were marked by green and blue broken lines in (c) and
(2), respectively, whereas (1 0 1) planes of ferrite were marked by black broken
lines. (d) and (h) are corresponding atomic models illustrating the corresponding
atomic structures in the observations of Figs. ¢ and g, showing the nominal atomic
structures of the metal carbides embedded in the BCC ferrite matrix in the STEM
images. These results are in consistent with previous literature 27?% indicating the
metal carbides have a NaCl structure and the B-N OR with the BCC ferrite matrix.

High-resolution observations of hydrogen trapping in metal carbides

We then used cryo-APT to examine how hydrogen is trapped in the two metal
carbides, specifically focusing on whether hydrogen atoms locate at the metal carbide-
ferrite interface or within the carbide bulk, and whether this changes when additional
carbon vacancies are present due to Mo in the carbides *¢>%). We utilized a cryogenic
sample transfer protocol developed from a previous study *'. Using cryo-transfer in
APT analyses of hydrogen is crucial because the small needle-shaped samples have a
very high surface-area-to-volume ratio and are susceptible to hydrogen desorption due
to the high diffusivity of hydrogen in steels ***°. We charged our samples with
deuterium (D or 2H), instead of normal hydrogen that contains mostly protium ('H).
This allows us to circumvent any ambiguity around the origin of hydrogen signal in
the APT data, distinguishing the hydrogen within the sample from noise induced by
the residual hydrogen in the APT ultra-high-vacuum chamber **#15-57, We used
electrolytic D charging (i.e., electrolysis of heavy water), which allows a significant
dose of D to maximize its signal. Details of the D charging can be found in
Supplementary Information.

The APT 3-D reconstructed data of the deuterium-charged TiC and (Ti,Mo)C
containing steels are shown in Figs. 4 and 5, respectively. The corresponding APT
mass spectra, their D-free counterparts, and the ion peak assignments are provided in
Supplementary Figure 8 and 9. Fig. 4a is a visualization of the reconstructed tip-
shaped sample with the interphase-precipitate TiC carbides highlighted by 2 atomic
) 38

percent (at. %) Ti isoconcentration surfaces (isosurfaces) °° shown in green. Fig. 4b

shows the same volume with the Ti, C, and D atoms displayed in green, magenta, and
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red, respectively. To better observe the distribution of D in relation to carbide
locations, we extracted a 10-nm-thick slice along the Y-Z plane, from the area

highlighted by the broken line in Fig. 4b, and this data is shown in Fig. 4c.
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Fig. 4. APT analysis of deuterium-charged TiC steel. (a) Reconstructed APT data
showing the TiC distribution, highlighted by 2 at. % Ti isosurfaces. (b) Atom map
with Ti (green), C (magenta), and D (red) displayed. (c) A 10-nm-thick slice from the
broken-line-highlighted region in (B). (d) An integrated proxigram from all the
isosurfaces with complete shapes in (a), showing the concentration change as a
function of the distance from the defined isosurfaces. Error bars depict the statistical
precision associated with each element's count. (e)-(h) Magnified views of two
carbides selected from (c), each from two perspectives.
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Fig. 5. APT analysis of deuterium-charged (Ti,Mo)C steel. (a) Reconstructed data
showing the (Ti,Mo0)Cs highlighted by 2 at. % Ti isosurfaces. (b) Atom map with Ti
(green), Mo (blue), C (magenta), and D (red) displayed. (¢) A 10-nm-thick slice from
the broken-line-highlighted region in (B). (d) An integrated proxigram from all the
isosurfaces in (A). Error bars depict the statistical precision associated with each

element's count. (e)-(h) Magnified views of two carbides selected from (c), from two
different perspectives.

We used the isosurfaces defined in Fig. 4a to develop a statistical overview of

the D distribution around the carbides relative to the distributions of the other

elements present. Fig. 4d is an integrated proximity histogram (proxigram®’), which
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averages all of the proxigram data from the 52 geometrically intact isosurfaces (i.e.,
those not located at the edge of APT reconstruction). The proxigram shows how the
concentration of different elements changes as a function of the distance from the
isosurfaces. In Fig. 4d the 2 at. % Ti isosurface is the zero point on the X-axis and the
more positive values are closer to the carbide core. The interfacial region corresponds
to a decrease in the content of Fe (black) and increases in Ti (green) and C (magenta),
with plateaus at the approximate location of carbide cores (grey shade). Note that the
ratio of C to Ti in the carbide core shown in Fig. 4d is not representative of the actual
carbide composition for two reasons. First, the *Ti*" peak overlaps with '>C>" peak at
24 mass-to-charge ratio (Da) in the APT mass spectra (Supplementary Figure 8 and
Supplementary Figure 9), impeding precise quantification of C and Ti. Second, the
presence of covalently-bonded carbon atoms in carbides leads to complex field

60-63 " causing a loss

ionization and carbon-molecule dissociation in APT experiments
of the carbon count that also affects the measured carbon concentration. Therefore,
the hypo-stoichiometric C-to-Ti ratio in Fig. 4d may not relate directly to the presence
of carbon vacancies in carbide core, although their presence is theoretically predicted
47-49.64 We observed the expected changes in Fe, Ti, and C, as well as an increase in
the D content (red) at or near the carbide surface. Interestingly, the D content drops to
a very low value in the region of carbide core. The observation of higher D near the
metal carbide-ferrite interface is consistent with existing literature 3¢, which correlates
trapped D with the presence of carbon vacancy traps near the metal carbide-matrix
interface. Herein we additionally show the absence of D at the metal carbide core,
which we attribute to the inability of D atoms to access the metal carbide interior.
Proxigram analysis is useful for providing an overview of element distribution with
respect to defined isosurfaces. However, the creation of proxigram involves a data
voxelization process (i.e., binning considerable numbers of atoms into cubic-
nanometer voxels to aggregate the atomic compositions within each voxel °”), and this
can compromise the nominal atomic resolutions in APT. To determine the hydrogen
trapping sites more precisely, direct high-resolution observations of D locations were
conducted, as shown in Figs. 4e to 4h, which are from two TiCs indicated in Fig. 4c.
These atomic views show that D atoms (red) are mainly located near the metal
carbide-matrix interfaces, rather than inside the metal carbide. Several previous
studies have used D charging to show D atoms trapped at metal carbide interfaces

4165 substantiating these observations. More high-resolution atomic views of TiCs
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with trapped D atoms are provided in Supplementary Figure 10A. A fly-through view
of the dataset shown in Fig. 4, using 10-nm slices, is available in the online version
(Supplementary Moviel). The experiment was repeated to verify the result, as shown
in Supplementary Figure 11. These results confirm that the interface is the main
hydrogen trapping site for TiC, which agrees with existing literature >°.

We then examined the hydrogen trapping in (Ti,Mo0)C, as shown in Fig. 5a, and
obtained an overview of the carbide distribution in the sample with the same 2 at. %
Ti isosurfaces (green) used for Fig. 4a. The atom map with Mo (blue), Ti (green), C
(magenta), and D (red) is shown in Fig. 5b with a 10-nm slice extracted from the
region highlighted by the broken line in Fig. 5c. The (Ti,Mo)C precipitates were
slightly smaller than the TiCs in Fig. 4, which is consistent with previous research that
used TEM and carbon extraction replica to determine carbide sizes *¢. To gain an
overview of the elemental distributions around the interface and carbide core, we
again created an integrated proxigram that included the statistics of 260 isosurfaces
with round geometries (see Fig. 5a), which is shown in Fig. 5d. The Mo-to-Ti ratio
was measured as approximately 0.5, which is consistent with previous research *°. We
observed a high concentration of D atoms (red) within the carbide core (grey shade),
unlike for the TiC shown in Fig. 4d, in which hydrogen trapping occurs only at the
interface.

We took a close look at the carbides with trapped D, and the views of two
representative carbides are displayed in Figs. Se-5h, which are from two axial
perspectives. Both show D atoms located in the carbide bulk, where carbon vacancies
can exist. Additional close-up images of the (Ti,Mo0)Cs with trapped D atoms are
provided in Supplementary Figure 10B. A fly-through view of the Fig. 5 dataset, using
a 10-nm slice is available in the online version (Supplementary Movie 2). A repeat
experiment was conducted to verify these observations in relation to the (Ti,Mo)C
steel, shown in Supplementary Figure 12. These observations provide evidence that
the core of (T1,Mo0)C is the main trapping site of hydrogen, unlike that for TiC.
Moreover, we observed a large difference in overall D composition between the TiC
and (Ti,Mo)C steel datasets, at 0.006 at. % (Fig. 4 dataset, TiC) and 0.02 at. % (Fig. 5
dataset, (Ti,Mo0)C), which is consistent with the TDS result in Fig. 2.

We also calculated the carbide number density in each APT dataset (Table 1).
The carbide number densities in the two steels are of the same order of magnitude,

indicating that the more trapped hydrogen in the (Ti,Mo)C steel is not simply the
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result of a higher carbide number density. Combining with the moderate difference in
grain boundary density (Supplementary Figure 2), the increased hydrogen trapping
capacity of the (Ti,Mo)C steel is therefore attributed to the ability of the carbides to

incorporate hydrogen in their bulk.

Table. 1. Carbide number density from APT analyses

Data volume  Carbide Number density

Sample Related figure (1022 m?) number® (1023 m)

Fig. 4 8.47 129 1.52
TiC steel Sgpplementary 10.98 203 2.67

Figure 11

Fig. 5 9.11 284 3.12
Ti,Mo)C steel .
(TLMo)Csteel 1 o provided  14.46 164 1.13

*Carbides were defined by using the protocol developed in ¢

Considering the limited spatial resolution that proxigrams can achieve with
voxelised data, we also examined D composition near the carbides by using a
different statistical approach. For consistency between the two specimens, which have
different average carbide sizes, we only compared carbides with diameters smaller
than 5 nm. This helps to minimize any errors that could arise from trajectory
aberrations in APT experiments, which would affect smaller carbides to a greater
extent. These carbides have high interface coherency, so using the smaller precipitates
for this analysis also minimizes the contribution of hydrogen trapped by misfit
dislocations at the interface *°, allowing a more direct comparison of the hydrogen
trapped by carbon vacancies. Fig. 6a shows the carbide size distribution for TiC and
(Ti,Mo)C, corresponding to the datasets in Figs. 4 and 5, respectively. The carbide
sizes were defined using the Cluster Analysis algorithm in the commercial APT
software (APSuite 6.0, CAMECA) %, and the cluster-defining parameters were
selected based on a protocol from the literature ®, described in Supplementary
Information. The defined clusters are displayed in Supplementary Figure 13a and 13b
for the TiC steel and (Ti,Mo0)C steel, respectively. We used the largest radius of
gyration (Rg) among the axes to define the radius of carbide, and the carbide size
distributions in Fig. 6a are consistent with previous research using similar materials *°.

We created integrated 1-D atomic concentration profiles along the Z-axis from a

centered cylindric region for all considered carbides with trapped D atoms, as
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conceptually illustrated in Fig. 6b. Analyses along the Z axis allow us to use the
direction with the highest spatial resolution in APT, thereby reducing ambiguity when
defining the locations of carbide core and interface *°. Using the cylindric regions of
interest across the carbide center allows us to exclude D atoms trapped at the lateral
edges of carbide (Fig. 6b), which could be miscounted as being located in carbide
core if the entire carbide is incorporated in the cylindric measurement. After
collecting individual concentration profiles with a measuring step size of 1 nm, we
normalized the profiles to their Ti spatial span (i.e., their size), and then superimposed
the dimensionless profiles into the overall 1-D Z-axis profiles as shown in Figs. 6¢

and 6d.
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Fig. 6. Statistical analyses of deuterium distributions in relation to interface and
carbide core locations from Figs. 4 and 5 results. (a) presents the carbide size
histograms of TiC (green) and (Ti,Mo0)C (blue) from the Figs. 4 and 5 datasets,
respectively. (b) is a schematic illustration of the method to extract a 1-D Z-axis
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concentration profile from the center of a carbide in APT dataset. 1-nm step size was
used to generate the profiles. (¢) is the overall Z-axis profile from the TiC steels
shown in Fig. 4 after normalizing each profile with corresponding carbide size and
superimposing all the resulting dimensionless profiles. (d) is the counterpart of (¢) for
(Ti,Mo)C from Fig. 5.

Fig. 6¢, from the TiC APT data, shows a drop in D in the carbide core region,
consistent with the proxigram data, again suggesting that TiCs are unable to trap
hydrogen in their core. In contrast, Fig. 6d, from the (Ti,Mo0)C steel, shows D is
present in the carbide core, which is attributed to accessible carbon vacancies leading
to the higher hydrogen trapping capacity, also seen in the TDS data (Fig. 2). Fig. 6d
also shows that the Mo-to-Ti ratio is approximately 0.5, consistent with the proxigram
analysis (Fig. 5d) and previous research 4. Although carbon quantification in APT is
difficult, we believe the detected carbon contents in the two APT experiments using
the identical instrument, parameters, and ion ranging method are still qualitatively
comparable. In Fig. 6d, we found that the ratio of carbon content to metal (i.e., Ti plus
Mo) content at the carbide core is lower than that of carbon content to Ti content in
Fig. 6¢. This result supports our prediction of more carbon vacancies in (Ti,Mo)C than
TiC. We note that it is also possible that changes in the phase-transformation kinetics
of metal carbide formation from Mo additions could also affect the carbon content.
Further research to quantify the vacancies may provide a better quantitative
correlation between hydrogen trapping with carbon vacancy concentration.

In summary, we have used first-principle simulations and state-of-the-art
microscopic tools to demonstrate a successful materials engineering alloy design
strategy to enhance the ability of steels to trap hydrogen. This is achieved by
increasing the number of carbon vacancy traps that are accessible within carbide
precipitates. Our microscopic observations agree well with the macroscopic analyses
by thermal desorption analysis and permeation tests. This strategy can be easily
implemented through microalloying and is not limited to Mo; other carbide forming
elements in steel are likely to have the same effect. This microalloying is cost-

effective and applicable for a broad range of precipitate-strengthened steels.
Methods

First-principles calculations

To construct the interface and bulk models for Ti;xMox carbide, the similar atomic
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environment (SAE) method * that generates quasi-random structures through
calculating binary and ternary clusters was used. Different concentrations of alloying
atoms ranging from 0.125 to 0.50 in the Ti sub-lattice were selected according to
chosen number of atoms in supercells. The calculation of H trapping energetics is
consistent with that in >!. The formation energy of C vacancies in various sites was
calculated according to ©’:

AEc_yoe = _gy_s‘t/grgl - Esystem + Uc (D

where E fy;‘{g,; (Esystem) is the total energy of the system with (without) a C

vacancy, . is the referenced chemical potential of C, which is equal to the single-
atom energy of graphite. The formula describes the off-stoichiometric tendency in the
carbides under C-rich conditions.

Ab-initio calculations based on DFT were carried out using the VASP code %.The
projector augmented wave (PAW) potentials and the generalized gradient
approximation (GGA) ® with the Perdew-Burke-Ernzerhof (PBE) 7° parametrization
of exchange-correlation functionals were adopted. A plane-wave cutoff energy of 450
eV and Monkhorst-Pack 7! k-point sampling was used for atomic relaxations until the
forces are smaller than 0.01 eV/A. The climbing image nudged elastic band (CI-NEB)
method * was used to find the energy barrier of H migration, where five images were
used with the relaxation criterion set at 0.05 eV/A.

Scanning electron microscopy and electron backscatter diffraction experiments

The steel samples were polished using SiC polishing papers of 30, 15, 5, and 1 micron
grades, followed by a final 1-minute polishing in the Struers Inc TegraPol-25
instrument using active oxide polishing suspensions. The surface of the samples was
then cleaned using Ar ion beam polishing with a Gatan PECS 11 machine, using two 2
kV beams with an inclination angle of = 3°. EBSD experiments were conducted in a
Thermofisher G4 Hydra Plasma FIB-SEM, prior to preparing TEM samples using the
FIB lift-out method. During the EBSD experiments, a 20kV 1.8 nA electron beam was
used, and EBSD patterns were collected using an Oxford Instruments Symmetry S1
EBSD Detector. The Kikuchi patterns were indexed using both the 'fcc iron' and 'bee
iron' phases in the embedded database in the EBSD software Aztec. The data
presented in Supplementary Figure 2 has an index rate of more than 95%, which were
all automatically indexed to the bcc iron phase, indicating that no austenite was

detected.
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Thermal desorption spectroscopy and hydrogen permeation tests

Mechanically polished specimens with diameters of 5 mm and length of 25 mm were
electrochemically H-charged using an aqueous solution of 3% NaCl + 0.3% NH4SCN
with a current of 0.3 mA/cm? for 48 h. The H-charged specimens were then exposed
at ambient temperature for selected durations from 0 to 720 h before conducting TDS
measurements using the HTDS-002 instrument at Central Iron & Steel Research
Institute Company. To verify that Mo alloying affects H diffusion through the nano-
precipitates rather than the substituted atoms in the ferrite matrix, electro-chemical H
permeation tests were conducted on the model steels and compared with that of a
commercially pure Fe alloyed with 0.5 wt.% Mo (Fe-0.5Mo). The tests were carried
out at a constant potential of 300 mV in an aqueous solution of 0.2 M/L NaOH + 0.3
wt.% NH4SCN.

Transmission electron microscopy

A Thermo-Fisher G4 Hydra Plasma FIB-SEM with EBSD detector was used to

conduct TEM and STEM lift-out sample preparations. Grains with the [100]ferite
crystal orientation were targeted to lift-out 15-micron-thick samples. These lift-out
samples were placed on copper grids and thinned by a xenon plasma ion beam, in the
sequence of 30 kV-1nA, 30 kV-100 pA, 30 kV-30 pA, and finally 5 kV-30pA. 3 lift-
out samples from 3 different grains (with the same crystal orientation) were prepared
and examined to confirm the reproducibility of STEM data.

TEM analyses were conducted on a FEI Tecnai G2 F20. STEM analyses were
conducted on a Spectra 300 kV STEM and a Thermo-Fisher Themis-Z 300 kV STEM
with two aberration correctors for low-resolution and atomic-resolution imaging,
respectively. The samples were mounted onto double-tilted holders and were cleaned
in Ar plasma before entering the STEM. We imaged the samples in the <001>ferrite
zone axis. We used the electron probe aperture of 25.1 mrad in semi-angle and the
ABF collection semi-angles between 48 and 200 mrad. We used a monochromator to
set the probe current at 80 pA, in order to minimize the electron beam damage.

Atom probe tomography and specimen deuteration

The charging and cryo-transfer methods were adopted from our previous work *'. We
conduct the charging in a custom-designed cryo-transfer glove box. The charging
condition for the sample is 30 seconds with 2.2V, followed by the liquid nitrogen bath
and the cryo-transfer process. A more comprehensive description of the charging and

cryo-transfer method is reported in the supporting document of *°,
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For the sample preparation, the steels were cut into 1 x 1 x 15 mm matchstick-shaped
bars. We first use the 25% perchloric acid in acetic acid at 10-30 V for rough
electropolishing, separating the sample from the middle and yielding two needle-
shaped samples. This is followed by fine electropolishing with 2% perchloric acid in
butoxyethanol under a 40x optical microscope. The voltage range for the fine
polishing is around 5-20V; the higher voltage is used to form the necking and the
lower voltage to remove the top part. All the atom probe experiments were analyzed
with a Local Electrode Atom Probe (LEAP 4000 Si, CAMECA) with a pulse
frequency of 200 kHz, a stage temperature of 50 K and a pulse fraction of 20%. After
acquiring the data, the reconstruction was conducted by the atom probe analysis
software AP Suite (version 6.1, CAMECA). For the reconstruction parameters, the
detector efficiency of 57% and image compression factor 1.40 were used for TiC
specimen and 1.44 for (Ti,Mo)C specimen in the APT data reconstructions.

Data and materials availability: All data are available in the main text or the
supplementary materials and can be accessed online via https://unisyd-
my.sharepoint.com/:f:/g/personal/yi-

sheng_chen _sydney edu_au/EtQResJv6NhInN9tORPcep4BiciuE8NSxghh9s6n6itpzw
2e=TQoNzs
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3.3 Summary

In this chapter, | present an engineering strategy aimed at enhancing the capacity of
hydrogen trapping. This is achieved by introducing a higher number of carbon
vacancies into transition metal carbides within ferritic steel. Atom probe tomography
and first principle calculation results confirm that the sites for trapping hydrogen are
affected by both the incorporation of Mo (Molybdenum) and the increased presence
of carbon vacancies within the carbide structure.

Importantly, this engineering approach is not limited solely to the Ti and Mo
system. Other transition elements also exhibit similar effects, indicating the broader
applicability of this strategy. Previous observations using cryogenic atom probe
techniques, which investigated hydrogen trapping sites within ferrite for the (V, Mo)C
(Vanadium, Molybdenum Carbide) system [189], revealed comparable mechanisms.
These mechanisms involve the entrapment of hydrogen within the carbide structure.
What sets our work apart is that, for the first time, | present both experimental results
and reference material systems. This allows us to systematically eliminate other
potential variables, thereby confirming the existence of two distinct hydrogen
trapping mechanisms. This discovery offers fresh insights for the design of materials

with enhanced resistance to hydrogen embrittlement.
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Chapter 4 - Hydrogen-enhanced deformation in pearlite

4.1 Background

In addition to actively incorporating hydrogen trapping sites into the microstructure of
steel, there is considerable interest in understanding the intrinsic microstructure of
steel itself, particularly in identifying locations where irreversible hydrogen
entrapment can occur. Among the various steel microstructures, pearlitic steel stands
out as one of the most well-known. This type of steel finds extensive use in products
like natural gas pipes. To ensure a cost-effective transition to hydrogen, it's imperative
to explore the feasibility of utilizing existing natural gas pipelines for hydrogen
transport. However, exposing current pearlitic steel gas pipelines to hydrogen can
result in hydrogen embrittlement.

Addressing this issue comprehensively and devising potential solutions are
essential steps toward advancing the global adoption of hydrogen for decarbonization
efforts. In this chapter, our primary objective is to conduct a comprehensive
investigation into the interaction between hydrogen and pearlitic steel, focusing on its
distinctive lamella microstructure. This investigation is approached from both
experimental and simulation perspectives, including atom probe tomography and first
principles calculations. Furthermore, we delve into the phenomenon of hydrogen-
induced fracture, employing in-situ micromechanical testing experiments to gain
deeper insights.

By undertaking a multifaceted examination of how hydrogen interacts with
pearlitic steel and its lamella structure, we uncover crucial insights that can inform the
development of strategies to mitigate hydrogen-induced issues. This research is vital
for enabling the safe and effective utilization of existing infrastructure, such as natural
gas pipelines, during the transition to a hydrogen-based energy landscape.

Results are presented in the form of a manuscript currently under review by ‘Acta
Materialia’. The content of this article is largely the product of the work of Ranming
Niu under the supervision of Hongzhou Lu, Yi-Sheng-Chen and Julie M. Cairney.
Ranming Niu conducted the APT experiment, data analysis and drafted the
manuscript. Hanyu Li conducted the in-situ micromechanical testing experiment and
draft the manuscript. Pang-Yu Liu supported the APT experiment and data analysis,
conducted the TDS experiment, DFT simulation and drafted the manuscript. Patrick

Burr supported the DFT simulation and participate in the manuscript development. Yi
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Feng provided the samples. Hung-Wei Yen participated in the manuscript
development. Mintu Ma and Aimin Guo supervised the project and provided funding
support. Hongzhou Lu supervised the project, provided the samples, provided funding
support, and supervised the project. Yi-Sheng Chen initiated and conceptualized the
project, supervised the project, provided funding support, drafted the manuscript, and
finalized the manuscript. Julie Cairney provided the microscope facilities, supervised

the project, and finalized the manuscript.
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Abstract

Hydrogen-induced degradation of pipeline steels is a serious safety challenge for the
transport of hydrogen. Steel pipes contain a large proportion of the pearlite phase,
which consists of lamellar cementite in ferrite. How hydrogen interacts with pearlite
and degrades the mechanical properties remains unclear. Here we have studied the
deformation behavior of pearlite in hydrogen, with emphasis on the cementite—ferrite
interface. In-situ micromechanical results revealed that the plastic deformation of H-
charged pearlitic samples occurs predominantly within the ferrite phase, with some
shearing of the cementite, while in uncharged samples it takes place by slip at the
ferrite-cementite interface. Cryo atom probe tomography confirms that hydrogen is

associated with defects in the ferrite away from the interface and is trapped within the
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cementite, enhancing dislocation motion in both ferrite and cementite bulk. Hydrogen
is not observed at the interface. First principal simulations show the expected
influence of lattice strain and cementite vacancies on hydrogen trapping, consistent

with the experimental results.

1. Introduction

The use of hydrogen (H) as a decarbonized fuel has the potential to reduce our
dependence on fossil fuels for energy or transportation. H is being proposed for
energy in many major countries including USA, Japan, Germany, UK, Korea,
Australia, China, and Canada [1]. A common assumption is that H will be distributed
via the existing natural gas transmission network, allowing for a transition with
minimal infrastructural renovation. However, existing gas infrastructure is comprised
mainly from steel, and gaseous H can be absorbed by steel, reducing its toughness and
potentially leading to catastrophic failure due to a phenomenon known as hydrogen
embrittlement (HE) [2,3]. This is an enormous safety concern as H is flammable, even
explosive, when combined with oxygen in air [4]. It is paramount to understand how
hydrogen leads to HE in gas pipeline steels, both for risk mitigation for existing
infrastructure, and to provide guidance for the development of future hydrogen-safe

alloys.

HE in steels arises from interactions between solute H and microstructural
features, most notably dislocations and grain boundaries. For dislocations, H atoms in
the lattice are attracted to the strain field around their cores, forming so-called Cottrell
atmospheres [5], which reduce the elastic field required for slip, leading to increased
dislocation activity. This increased activity facilitates the formation of microvoids,

and eventually their coalescence, leading to subsequent crack propagation in the H-
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rich region [6,7]. This process is referred as H-enhanced localized plasticity (HELP)
[8]. The fine nature of the dimples on the resulting fracture surfaces can mean that
HELP-induced fracture surfaces have a pseudo brittle fracture (quasi-cleavage)
appearance [9]. Adsorption-induced dislocation emission (AIDE) also occurs,
whereby H enhances dislocation nucleation [10], again leading to micro-voids and

quasi-cleavage fracture surfaces [7].

The segregation of H solute to microstructural interfaces and grain/phase
boundaries can reduce their strength, leading to H-enhanced decohesion (HEDE) [11].
This segregation not only affects the interface, but also lowers the atomic bonding
energy of the matrix lattice, as proposed by Troiano [12] and further developed by

Oriani [11]. HEDE is associated with hydrogen-induced brittle cracking.

One of the solutions to mitigate hydrogen embrittlement is to introduce
hydrogen ‘traps’ in material microstructures [13—-15]. The aim is to create benign
repositories of the hydrogen solute atoms that do not participate in the embrittling
process in the presence of loading. However, it can be difficult to determine the
detrimental or benign roles of microstructural features that attract H. Bulk /
macroscale measurements of H susceptibility by mechanical testing [14], or the
measurement of H trapping by thermal desorption [16] provide information that can
be used to speculate as to the active HE processes. The situation is further
complicated by the fact that multiple HE mechanisms can operate simultaneously

[17].

American Petroleum Institute (API) X52, X56, X60, and X65 pipeline steels
are the most prevalent alloys in gas transmission systems [18]. These steels generally

have a low-strength body-centered cubic (bcc) ferrite matrix and 20 to 30 volume
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percent pearlite [19], a phase that consists of lamellar cementite (Fe3C) in ferrite
[20,21]. Although it is an important phase in these steels, the role of hydrogen on the
deformation behavior of pearlite has been less well studied than it has in simpler
phases in these alloys such as ferrite. H-induced property degradation has generally
been attributed to HEDE because of the high concentration of cementite—ferrite
interfaces in pearlite, which, in theory, are susceptible to HE [22]. It has also been
reported that cracks initiate at the cementite—ferrite interfaces, especially at high
concentrations of hydrogen [23]. More recently, tearing topography surfaces (stepped
flat and dimpled fracture surfaces) observed in H-charged pearlitic steels have been

attributed to brittle shear cracking across colonies [24].

These findings have been largely based on fractography and post-mortem
transmission electron microscopy investigations. Here we have used in-situ
deformation and atom probe microscopy to study a model hypoeutectoid steel sample
with a high volume-fraction of pearlite in order to determine how hydrogen affects

plastic deformation and where within the microstructure the hydrogen is trapped.

2. Experimental procedures

2.1 Material production and heat treatment

The steel ingot was continuously cast by desulphurization, converter processing,
refining in furnace, and vacuum degassing. The ingots were then heat-treated by pre-
heating (< 900°C), heating (950 — 1020°C) and homogenizing (1080 — 1120°C) for a
total of 8 hours. The steel sheets were hot-rolled in 5 steps between 1100°C and
850°C to reduce the ingot thickness from 40 mm to 6 mm, followed by water-cooling
to 600°C. The steel sheets were then cooled in a pit furnace at 350°C. The

composition of the steel is given in Table 1.
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Table 1. Material composition (weight percent, wt.%)

Fe Mn C Si Cr V Zn Al S Cu Ni P N

98,55 139 044 044 018 0.085 0.030 0.011 0.038 0.031 0.013 0.011 0.004

2.2 In-situ micro-mechanical compression tests in a scanning electron microscopy

(SEM)

Hypoeutectoid steel sheet samples of 10 x 10 x 1 mm were mechanically polished,
followed by a dual 8-kV argon ion beam polishing at an angle of 5° for 45 minutes in
a precision etching coating system (PECS, Gatan). Pearlitic micropillars were
prepared following the steps below as illustrated in Fig. S1: electron back scattered
diffraction (EBSD) was conducted on the surface of a polished bulk specimen to
identify grains with normal orientation parallel to <110>ferite. Rough trenching was
carried out at 30 kV-4 nA, in an annular pattern with an outer diameter of 15 um and
an inner diameter of 3 um. Due to the cementite-ferrite orientation relationship,
lamellar cementite are oriented along the {112} planes of the ferrite matrix in the
samples. We selected the micropillars with uniform cementite lamellae that are
inclined 40-50 degrees to the micro-compression direction, to allow {112} slip to be
the primary deformation mode. Final ion milling was carried out at 30 kV-30 pA until

the desired geometry was achieved.

The in-situ micro-compression experiments were conducted in a Zeiss Ultra
SEM operated at 5-30 kV. Compression was applied by a nanoindenter (P185,
Hysitron) using a diamond punch with a 2-um-diameter flat tip. Compression
experiments were carried out in strain-control mode at a rate of 3 nm/s, which is
equivalent to a quasi-static loading at a strain rate of 10-3. The loading and straining
data and the sample geometry were used to calculate the stress—strain curves.

Resolved shear stress was used to account for the influence of the angles of the

100



cementite lamellae. H-charged samples were electro-chemically charged in 0.1 M
NaOH in H2O for 1 hour. After a quick dusting, the H-charged samples were
immediately loaded into a SEM (Ultra, Zeiss) for testing. The loading takes
approximate 10 minutes. The in-situ compression test generally commenced within 30

minutes and was complete within 4 hours.
2.3 Transmission electron microscopy (TEM) experiments

After polishing, TEM specimens were prepared by using a Xenon focused-ion beam
(FIB) in three steps: 30 kVV-300 pA, 30 kV-30 pA, and 5 kV-30 pA, in a Thermofisher
G4 Hydra Plasma FIB-SEM (PFIB) equipped with an EBSD detector (Symmetry,
Oxford Instruments). The same procedures were used to prepare the post-mortem
TEM samples from the deformed pillars. The TEM sample was imaged by a Thermo-
Fisher Themis-Z Double-corrected S/TEM at 300 kV. The convergence angle is 17.9
mrad, while the collection angles under HAADF and ABF are 38 — 200 and 9 — 35
mrad, respectively. The selected-area diffraction pattern was taken with a camera

length of 200 mm in a JEOL JEM-2100 TEM at 200 kV.
2.4 Atom probe tomography (APT) experiments

APT samples were prepared from 1 x 1 x 15 mm matchstick bars, starting with rough
electropolishing in 25% perchloric acid in acetic acid at 10-30 V until two needle
specimens form at the middle of the bar samples. Fine polishing was then conducted
in 2% perchloric acid in butoxyethanol under an optical microscope. Polishing was
undertaken at 30 V until a neck forms near the apex, and then at 10 V until a new
sharp tip was formed. The sharpened tips were then ion-milled in the PFIB to capture
the lamellar cementite in the APT field-of-view, by using an in-situ annular milling

process as illustrated in Fig. S2. lon milling began with a 30 kVV-4 nA beam for
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locating the region of interest (ROI) in the tip, followed by a 30 kV-100 pA beam for

finer operation, ending with a 2 kV-100 pA beam for final shaping.

Cementite lamellae inclined at ~45° were targeted for an optimized
combination of data yield and spatial resolution of elemental mapping at the interface.
Although the analysis direction (the z-direction along the length of the tip) gives the
highest spatial resolution in APT analysis [25], horizontal cementite in the tips

resulted in high tip fracture rate and low data yield in voltage-mode APT.

D charging of APT tip samples was carried out by using 0.1 M NaOH in D,0
for 30 seconds. The D-charged specimens were transferred to the atom probe by using

a cryogenic-sample transfer (cryo-transfer) protocol described elsewhere [26].

Data for the uncharged sample was acquired by using a Local Electrode Atom
Probe (LEAP 3000 Si, CAMECA), and cryo-APT was conducted using a LEAP
4000X Si (CAMECA) with a cryo-transfer suitcase (Ferrovac). All APT experiments
were conducted at a voltage pulse frequency of 200 kHz, a specimen temperature of
50 K, and a pulse fraction of 20%. All APT reconstructions used the default algorithm
in AP Suite (Version 6.1, CAMECA) with the settings of 57% detector efficiency and
1.65 image compression factor. 1-D concentration profiles were obtained from cuboid
ROIs with fixed bin width of 1 nm without bin overlaps. No 2 Da peak was observed
in uncharged data, therefore it is assumed to be associated with charged deuterium
ions. lon-density maps for all APT results (Fig. S3) were also examined to confirm
that the electric field change between ferrite and cementite has little influence on the

D concentration.

2.5 Density function theory (DFT) simulations
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DFT simulations were conducted by using the Vienna ab-initio simulation package
(VASP) [27]. The simulations employed the Perdew-Burke-Erzerhof (PBE)
exchange-correlation functional [28] along with projector augmented-wave (PAW)
[29] pseudopotentials. The valence electrons of Fe-3d74s1 and C-2s22p2 were
considered, and the plane wave basis set cutoff was set at 500 eV. The simulations
included spin polarization to account for the magnetic moment of iron, and a
Methessel-Paxton smearing of 0.1 eV. The structures were iteratively minimized until
the energy change between three consecutive steps reached below 10-5 eV. The
relaxed lattice parameters of cementite, assuming the Pnma space group definition,
were found to bea=5.03A, b =6.71 A and c = 4.48 A and the lattice parameter of

ferrite was determined to be a = 2.83A.

Dilute carbon vacancies and H defects, and pairs of those defects, were
simulated in a 192-atom supercell of cementite, built from a 2 x 2 x 3 replica of the
Pnma unit cell, and a 128-atom supercell of ferrite, built from a 4 x 4 x 4 replica of
the conventional bce unit cell. K-point sampling for these supercells was through
Monkhorst-Pack grids [30] of 4 x 3 x 2 and 4 x 4 x 4, respectively. For higher
concentrations, we describe the system using configurational ensembles, which allows
us to take into account the various H-vacancy and vacancy-vacancy complexes that
may form in a hypo-stoichiometric carbide. The Site-Occupation Disorder (SOD)
algorithm [31] was utilized to model the configurational ensembles. Cementite
supercells with dimensions of 2 x 1 x 2 containing 64 atoms were employed, and a k-
point grid of 4 x 5 x 4 was applied. This resulted in 128 independent configurations at

the four stoichiometries considered (6.25%, 12.5%, 18.75% and 25%).

3. Results
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Scanning electron microscopy (Fig. 1A) reveals that the sample has pearlitic grains that
consist of cementite (dark linear features) in a ferritic matrix (grey background). Fig.
1B is an annular bright-field scanning transmission electron microscope (ABF-STEM)
image of the pearlite taken along [111] zone-axis, from which we measured that the
parallel cementite lamellae are 29 + 6 nm thick with an average spacing of 95 + 28 nm.
Selected area electron diffraction (SAED) (Fig. 1C) confirms that the cementite and
ferrite follow the Isaichev orientation relationship, (101) cementite |l (112)fmite and
[010]cementite | [111]ferrice  [32].  High-angle annular dark-field scanning
transmission electron microscopy (HAADF-STEM) imaging (Fig. 1D) confirms the
orientation relationship and reveals the atomic structure of the cementite—ferrite

interface.

Geometric phase analysis was conducted using the software package
Strain++® [33]. The ferrite lattice far from the interface was used as a reference to
calculate the elastic strain. Fig. 1D is a lattice strain map of the interfacial area shown
in Fig. 1C. The ferrite region near the interface (orange arrow) is expanded and the
cementite near the interface (blue arrow) is compressed due to the lattice misfit

between the two phases.
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Fig. 1. Microstructure of the designed fine pearlitic steel specimen. (A) Secondary

electron scanning electron microscopy (SEM) image and (B) bright-field TEM image
showing the pearlitic microstructure containing lamellar cementite. (C) The selected
area electron diffraction (SAED) pattern and the atomic resolution HAADF-STEM
image in (D) show that ferrite and cementite follow the Isaichev relationship. (E) is a
strain map obtained from (D) by using geometric phase analysis, showing an
expansion (orange arrow) of the ferrite lattice and a compression (blue arrow) of
cementite near the interface. Positive and negative strain values correspond to tension
and compression, respectively.
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Fig. 2. Atom probe tomography analysis of a single layer of cementite. (A) is an APT
3-D atom map reconstruction with iron (grey) and carbon (blue). (B) is a 10-nm thick
slice from the region marked by the broken line in (A). (C) and (D) are 1-D
concentration profiles from the region of interest in (B) with the size of size of 15(L)
x 20(W) x 20(H) nm? along the direction marked with an arrow. Specifically, The
lower-bound carbon concentration (19.24 at.%), given in profile (C), is plotted by
assigning peak 12Da and peak 24 Da in mass spectrum (E) fully to C*and C,",
respectively, while the upper-bound carbon concentration (23.16 at.%), given in
profile (D), is plotted by assigning 12Da and 24 Da fully to C,** and C4?*. A modest
level of manganese (~2.75at.%) and silicon (~0.16 at.%) was also detected in the
cementite phase. (E) is a mass spectrum showing the ranges applied to the pearlitic
steel sample. Following the C2/C4 assignment, the bulk composition of this dataset is
C-0.06 at.%, Mn - 1.26 at.%, and Si - 0.58 at.%.
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We also used atom probe tomography (APT) to measure the composition of
the cementite. A needle-shaped sample was fabricated that deliberately contained a
cementite lamella angled close to 45° to provide an optimal combination of data yield
and interfacial spatial resolution (see experimental methods and Fig. S2) [25]. The
APT result is shown in Fig. 2 (Video S1 for the animated version), where Fe and C
atoms correspond to grey and blue dots, respectively. A 10 nm thick slice of data from
the highlighted region of Fig. 1A is shown in Fig. 1B. 1-D concentration profiles
from the region highlighted by the black arrow in Fig. 2B are provided in Fig. 2C and
2D. Careful evaluation of the atom probe data was undertaken to quantify the carbon
concentration in cementite. It’s possible that the peaks at 12 and 24 mass-to-charge
ratio (Da), assigned to C* and C*, respectively, may also contain signals from ions
with more carbon, i.e. C22* and C4?* [34,35]. lon peak assignments in the mass
spectrum are given in Fig. 2E. To evaluate the effect of carbon peak assignment, we
assigned the 12 and 24 Da peaks to C* and C.", respectively, to show the lower bound
of the estimated carbon content (Fig. 2C). In addition, we assigned the 12 and 24 Da
peaks to C2?* and C4%*, respectively, to deliberately overestimate the overall C

content. This led to a maximum possible C content of 23.16 at.% (Fig. 2D).

The carbon concentration measured in the cementite (maximum 23.16 at. %) is
lower than the nominal 25 at.% for stoichiometric (FesC). This result is consistent
with previous observations by APT [36] and neutron diffraction [37]. It has been
established by ab initio calculations that imposed volumetric strain can lead to C
deficiency in carbides [38]. We also examined the distribution of other alloying
elements in cementite and did not observe any artefacts relating to the cementite
region. It is reasonable to believe that the carbon vacancies in the cementite play a

role in the deficiency of carbon.
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We used in-situ micro-compression tests on micropillar specimens to examine
the effect of H on the deformation mechanism. H-charged micropillars were prepared
by cathodic charging (see Materials and Methods). Hydrogen diffuses quickly and can
easily escape from microscale specimens [26,39,40], but the bulk specimen acts as a
reservoir to supply additional hydrogen. To ensure that the specimens still contained
sufficient hydrogen during our experiment, we conducted a series of thermal
desorption analysis (TDA) experiments to establish a reference hydrogen content
against time in vacuum. The TDA setup is detailed in reference [41]. The tests were
conducted at a heating rate of 400 °C per hour on 10 x 10 x 1 mm sheets of our
pearlitic steel with cleaned and polished surfaces. This specimen dimension is the
same as used for the base specimen for the micro-compression tests. Fig.3 shows the
hydrogen desorption for three conditions: i) uncharged reference sample (black),
which was found to have an overall H content of 17 mppb; ii) 60-minute H-charging
followed by a 30-minute desorption in the TDS vacuum chamber (blue) which
contained 137 mppb H; and iii) 60-minute H-charging followed by a 4-hour
desorption in the TDS vacuum chamber (red), which contained 35 mppb H. Note that
the H content was estimated by considering only the first peak. The signal from 200 to
300°C are excluded as they could be contributed by surface oxidization or the residual
H introduced during heat treatment. These measurements suggest that approximately
137 mass part per billion (mppb) of hydrogen would remain in a specimen the size of
ours at the start of the micro-compression tests (0.5 hours after hydrogen charging).
35 mppb of hydrogen would remain in the specimen at the completion of a set of
micromechanical tests (4 hours after charging), still significantly more than an

uncharged reference of 17 mppb.
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Fig. 3. Thermal desorption analyses. The experiments were conducted on an uncharged

specimen (black), a hydrogen-charged specimen tested after waiting 30 min (blue), and

a hydrogen-charged tested after 4 h (red) - the maximum time required for the

completion of micro-compression tests. Results confirm that hydrogen remains in the
specimens for duration of the micro-compression tests.

The micropillars were prepared specifically to investigate slip around the
cementite—ferrite interfaces, initially assuming that slip would occur under a lower
load at the interfaces as a result of interfacial H segregation, as theoretically predicted
by HEDE models [22,42]. We used FIB to fabricate micropillars that were 1 um in
diameter and 3 um high, containing cementite lamellae angled at approximately 45°,
as illustrated in Fig. 4A. This orientation encourages slip along the direction of the

cementite—ferrite interfaces by maximizing the resolved shear stress along this plane.

We first examined specimens without H, which yielded at a stress of
approximately 0.93 GPa. A typical engineering stress—strain curve is shown in black
in Fig. 4A. Pillars were then tested after cathodic H-charging (see Experimental

Methods). A typical engineering shear stress—strain curve is shown in red in Fig. 4A.
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Although hydrogen diffuses quickly and can easily escape from microscale specimens
[26,39,40], we found the bulk pearlitic steel sample acts as a reservoir to supply

additional hydrogen, as predicted by TDS. (See Section 4.1).
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Fig. 4. In-situ micromechanical scanning electron microscopy. (A) Engineering shear
strength of uncharged (black) and hydrogen-charged (red) micropillars as a function
of their nominal strain. Inset is a schematic of the experimental configuration for the
micro-compression test. (B), (C), (D) are still images from Supplementary Video 2
at the instants noted in (B), showing the deformation of the uncharged pillar. (E), (F),
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(G) are from the hydrogen-charged pillar, taken from Supplementary Video 3. The
yellow arrows in the figures indicate slip bands at the given strain levels.

H-charging lowered the yield stress. For the data shown in Fig. 4A, the yield
stress after H charging, 0.53 GPa, is approximately 40% less than for the uncharged
specimen (0.93 GPa). The experiment was repeated on eight separate samples (Fig.
S4), and the average yield stress was 0.56 GPa for the charged samples and 1.02 GPa
for the uncharged samples. Examination of the stress—strain curves reveals that both
specimens experienced strain bursts that correspond to drops in the stress, but the
bursts in the unchanged samples appears were larger and less frequent on the H-
charged sample. Different burst behaviour reflects a hydrogen-induced change in the

nature of the deformation.

The deformation behaviour is further elucidated with reference to SEM images
of the pillar taken during compression. Images of the uncharged pillar are shown in
Figs. 4C-E, corresponding to the labels B-D after bursts in Fig. 4B. The plastic
deformation of the uncharged pillar is mainly accommodated by abrupt shearing
along specific cementite—ferrite interfaces in the micropillars. Note that the sharp
corner of the slipped part of the pillar was still intact, confirming the slipped material
does not collide with the base. Plastic deformation in the H-charged pillar was much
more homogeneous. As shown by Fig. 4F-H, corresponding to the relevant labels on
the curve in Fig. 4B, the H-charged pillar displayed a smoother straining process that
suggests more consistent dislocation slipping across the entire micropillar, possibly
due to enhanced dislocation mobility after H charging. Supplementary Videos 2 and

3 provide a typical comparison of the in-situ micro-compression for the two sample-

types.
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We examined the microstructure of deformed pearlite micropillars using both
SEM and TEM. Fig. 5A and B are post-mortem FIB cross-sections of two uncharged
samples, prepared edge-on to the cementite layers. Both images reveal steps on the
edge of the samples where slip has taken place. Fig. 5C is an annular bright-field
STEM (ABF-STEM) image of an uncharged specimen prepared (by FIB lift-out)
close to the area labelled by the red broken square in Fig. 5B. While many
dislocations are visible in the ferrite matrix, the surface step on the edge of the sample
aligns exactly with the cementite—ferrite interface, demonstrating that interfacial
slipping dominates the plastic deformation. For the H-charged pillars, post-mortem
SEM cross-sectional images reveal more homogenous deformation, indicated by the
smooth edges and mushroom shape seen in Fig. 5D, and the more abundant small slip
steps in Fig. 5E. The ABF-STEM image in Fig. 5F shows that the steps on the edge
of the H-charged samples do not directly align with the cementite—ferrite interfaces,
implying that dislocations predominantly slip within the ferrite phase, rather than
along the interface. The dislocations were also observed actively intersecting the

cementite lamellae, as indicated by the orange arrow in Fig. 5F.
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Uncharged pearlite micropillars  H-charged pearlite micropillars

100 nm

Fig. 5. Post-deformation SEM and TEM images for the uncharged pearlite
micropillars (A—C) and H-charged pearlite micropillars (D-F). (A) and (B) are SEM
images of FIB-prepared cross-sections. The TEM image in (C) is from the area
marked by the red broken square in (B), showing slip steps on the cementite—ferrite
interfaces. (D) and (E) are cross-sectional SEM images of two H-charged pearlite
micropillars after deformation, while (F) is a TEM image prepared from the region
marked by the yellow broken square in (E). Red arrows indicate slip steps.
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Fig. 6A is an ABF-STEM image showing the overall microstructure of
another charged and deformed pillar, with areas marked by red and yellow enlarged in
Fig. 6B and Fig. 6C, respectively. Multiple slip steps are observed, consistent with
the H-charged sample in Figs. 5D-F. Moreover, this pillar showcases an example of
locations where dislocations appear to have passed through the cementite, as shown
by the red arrows in Fig. 6B. Dislocation arrays slipping in the ferrite penetrate
though the cementite, leading to thinning and fragmenting of the intersected cementite
layer. We note that the slip along the interface co-exists with this ‘intersecting” slip.
Fig. 6C captures a regions where dislocations have slipped along the cementite,
forming a slip step. Further to the right, an array of dislocations crosses the cementite.
We note that the ferrite—cementite interface is parallel to the {112} pl